





























This edition is a reprint of the Special Issue published online in the open access journal Metals (ISSN
2072-6651) from 2016–2017 (available at: http://www.mdpi.com/journal/metals/special issues/
alloy steels).
For citation purposes, cite each article independently as indicated on the article page online and as
indicated below:
Lastname, F.M.; Lastname, F.M. Article title. Journal Name Year, Article number, page range.
First Editon 2018 
Cover photo courtesy of Robert Tuttle.
ISBN 978-3-03842-883-1 (Pbk)
ISBN 978-3-03842-884-8 (PDF)
Articles in this volume are Open Access and distributed under the Creative Commons Attribution
(CC BY) license, which allows users to download, copy and build upon published articles even
for commercial purposes, as long as the author and publisher are properly credited, which ensures
maximum dissemination and a wider impact of our publications. The book taken as a whole is
c© 2018 MDPI, Basel, Switzerland, distributed under the terms and conditions of the Creative Commons








About the Special Issue Editor . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . vii
Preface to "Alloy Steels" . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .  ix
Robert Tuttle
Alloy Steels
doi: 10.3390/met8020116 . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 1
Ghusoon Ridha Mohammed, Mahadzir Ishak, Syarifah N. Aqida and Hassan A. Abdulhadi
Effects of Heat Input on Microstructure, Corrosion and Mechanical Characteristics of Welded
Austenitic and Duplex Stainless Steels: A Review
doi: 10.3390/met7020039 . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 4
Min Jung Kim, Muhammad Ali Abro and Dong Bok Lee
Corrosion of Fe-(9˜37) wt. %Cr Alloys at 700–800 ◦C in (N2, H2O, H2S)-Mixed Gas
doi: 10.3390/met6110291 . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 22
Marina V. Karavaeva, Marina M. Abramova, Nariman A. Enikeev, Georgy I. Raab and
Ruslan Z. Valiev
Superior Strength of Austenitic Steel Produced by Combined Processing, including
Equal-Channel Angular Pressing and Rolling
doi: 10.3390/met6120310 . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 29
Yu Liu, Zhao Zhang, Guangqiang Li, Qiang Wang, Li Wang and Baokuan Li
The Structural Evolution and Segregation in a Dual Alloy Ingot Processed by
Electroslag Remelting
doi: 10.3390/met6120325 . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 43
Beata Białobrzeska, Łukasz Konat and Robert Jasiński
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Preface to "Alloy Steels"
The subject of alloy steels covers a broad range of steels and end use markets. Alloy steels are 
used in the automotive, aerospace, industrial machinery, and the energy sectors. When this Special 
Issue was started, the goal was to provide readers with a collection of papers from around the 
world that reflect the field. Within this book are twenty-three papers that cover the microstructure, 
manufacturing, corrosion, and application of alloy steels. These papers cover a broad range of alloys 
and research focuses that provide the cutting-edge answers needed for today’s markets. The review by 
Dr. Mohammed provides an excellent review about welding austenitic and duplex stainless steels.
As editor, my job is much simpler than those of the authors or reviewers. They are the ones who 
have struggled in the lab conducting experiments and analyzing the data. Their considerable effort 
in providing high-quality papers should never be underestimated or unappreciated. Reviewers also 
deserve appreciation for the time in reading the submitted papers and providing valuable feedback to 
improve them. The countless staff at MDPI also contributed to this by helping everyone involved with 
the day-to-day functions required in publishing this issue. I want to thank all of these individuals for 
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Since their invention in 1865, alloy steels have found broad application in multiple industries; the
automotive, aerospace, heavy equipment, and pipeline industries to name a few. Alloy steels include
a tremendous variation in alloying content. They range from the 1–2 wt. % Cr or Ni in some low
alloy steels to the 15–18 wt. % Cr content of many stainless steels. The topic of alloy steels contains
both the common 4140 and 316 alloys to more exotic alloys such as the Hadfield steels. These steels
can form a wide variety of microstructures such as pearlite, bainite, or martensite, which result in an
equally broad range of properties. It is this range that has made them useful to so many industries.
In some cases, these are the only steel alloys that can provide the required combination of properties.
Their use in the automotive industry has been key to the development of safer vehicles and improved
fuel efficiency. Our modern world would not be possible without the advanced alloy steels employed
to safely transport oil through pipelines. Therefore, continued development is necessary to expand
markets, improve products, and enhance the human condition. It is this importance that has lead us
at Metals to create the special issue on alloy steels that you are reading. What follows are 23 papers
from a wide range of authors and nationalities which represents the current state of the art in alloy
steel research.
This issue, like alloy steels themselves, covers diverse set of articles. There are articles on
manufacturing, microstructure, heat treatment, corrosion, and service conditions. This expansive range
reflects the multifaceted nature of alloy steels. Even the individual areas are extensively represented.
In manufacturing, there are articles on the effects of welding [1–4], electroslag remelting [5,6], and
rolling [7–9]. As is typical in any discussion of steels, many papers focus on microstructure–property
relations [10–14]. These form the basis for improving the alloys and their processing. Another large
section of work focuses on topics of more interest to those who are the final customers of the steel
industry. Many alloy steels are heat treated and understanding the effects of heat treatment and heat
treating parameter selection ensure the correct microstructure and properties are attained. Readers
will find these topics addressed by several authors in our pages [10,15–18]. Those readers interested
in improving the corrosion resistance of alloy steels will find several pieces on this topic [2,19,20].
An aspect often ignored by many journals is performance under actual service conditions in the final
product, there are two articles on wear resistance and pipeline life that remind us of the importance of
understanding the final product [21–23]. Data from the final products created from these steels always
provide a powerful insight which the best labs can never replicate, and their inclusion in this special
issue is a significant contribution to this special issue.
Of particular interest to the readers of Metals should be the excellent review article by
Mohammed et al. that presents a wide review of welded austenitic and duplex stainless steels [3].
Their work covers the effects of heat input on the microstructure, corrosion resistance, and mechanical
properties of this diverse class of steels. Mohammaed et al. also review the current state of stress
corrosion cracking work. They distill the results of over 140 papers in the field of stainless steels
and deliver an accurate view of our current understanding of these alloys. Readers will find this an
invaluable asset in building their understanding of these technical issues. The bibliography alone is
worth reading this article.
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As can be seen from the topics in this special issue of Metals, the broad world of alloy steels
remains a current area of research and innovation. My goal as editor at the outset of this issue was to
include papers covering the large variety of research and industrial work being done to address the
challenges facing alloy steels. While it is impossible to cover everything in a single issue, this issue
provides the reader with an excellent understanding of the modern problems needing solutions to
create the alloy steels of the future. Hopefully, the readers will find it as enlightening as everyone here
at Metals believes.
Being my first time as an editor, I would like to thank the staff at MDPI and Metals for their help.
In particular, I appreciate the fine editorial assistants and the managing editor for assisting me in this.
They guided me through the process and helped me understand my options with reviews. I hope I
correctly balanced the request of our reviewers and the needs of our authors in creating as fair a peer
review process as possible. I want to thank all our reviewers for the tireless efforts in examining and
commenting on our papers. This effort is always key to a successful journal. All of the authors also
deserve recognition for their contributions and tireless work to promote alloy steels. Finally, I would
like to thank you the reader since without you there would be no need to write papers or publish
regular issues, let alone special issues.
Conflicts of Interest: The author declares no conflict of interest other than his own passion for alloy steels and
their development.
References
1. Tutar, M.; Aydin, H.; Bayram, A. Effect of Weld Current on the Microstructure and Mechanical Properties of
a Resistance Spot-Welded TWIP Steel Sheet. Metals 2017, 7, 519. [CrossRef]
2. Li, J.; Liu, X.; Li, G.; Han, P.; Liang, W. Characterization of the Microstructure, Mechanical Properties, and
Corrosion Resistance of a Friction-Stir-Welded Joint of Hyper Duplex Stainless Steel. Metals 2017, 7, 138.
[CrossRef]
3. Mohammed, G.; Ishak, M.; Aqida, S.; Abdulhadi, H. Effects of Heat Input on Microstructure, Corrosion and
Mechanical Characteristics of Welded Austenitic and Duplex Stainless Steels: A Review. Metals 2017, 7, 39.
[CrossRef]
4. Corpace, F.; Monnier, A.; Grall, J.; Manaud, J.-P.; Lahaye, M.; Poulon-Quintin, A. Resistance Upset Welding of
ODS Steel Fuel Claddings—Evaluation of a Process Parameter Range Based on Metallurgical Observations.
Metals 2017, 7, 333. [CrossRef]
5. Liu, Y.; Zhang, Z.; Li, G.; Wang, Q.; Wang, L.; Li, B. Effect of Current on Structure and Macrosegregation in
Dual Alloy Ingot Processed by Electroslag Remelting. Metals 2017, 7, 185. [CrossRef]
6. Liu, Y.; Zhang, Z.; Li, G.; Wang, Q.; Wang, L.; Li, B. The Structural Evolution and Segregation in a Dual Alloy
Ingot Processed by Electroslag Remelting. Metals 2016, 6, 325. [CrossRef]
7. Huang, Y.; Wang, S.; Xiao, Z.; Liu, H. Critical Condition of Dynamic Recrystallization in 35CrMo Steel. Metals
2017, 7, 161. [CrossRef]
8. Calvillo, N.; Soria, M.; Salinas, A.; Gutiérrez, E.; Reyes, I.; Carrillo, F. Influence of Thickness and Chemical
Composition of Hot-Rolled Bands on the Final Microstructure and Magnetic Properties of Non-Oriented
Electrical Steel Sheets Subjected to Two Different Decarburizing Atmospheres. Metals 2017, 7, 229. [CrossRef]
9. Karavaeva, M.; Abramova, M.; Enikeev, N.; Raab, G.; Valiev, R. Superior Strength of Austenitic Steel
Produced by Combined Processing, including Equal-Channel Angular Pressing and Rolling. Metals 2016,
6, 310. [CrossRef]
10. Zhou, M.; Xu, G.; Tian, J.; Hu, H.; Yuan, Q. Bainitic Transformation and Properties of Low Carbon
Carbide-Free Bainitic Steels with Cr Addition. Metals 2017, 7, 263. [CrossRef]
11. Liu, H.; Fu, P.; Liu, H.; Sun, C.; Gao, J.; Li, D. Carbides Evolution and Tensile Property of 4Cr5MoSiV1 Die
Steel with Rare Earth Addition. Metals 2017, 7, 436. [CrossRef]
12. Gong, N.; Wu, H.-B.; Yu, Z.-C.; Niu, G.; Zhang, D. Studying Mechanical Properties and Micro Deformation
of Ultrafine-Grained Structures in Austenitic Stainless Steel. Metals 2017, 7, 188. [CrossRef]
13. Tian, J.; Xu, G.; Zhou, M.; Hu, H.; Wan, X. The Effects of Cr and Al Addition on Transformation and








Metals 2018, 8, 116
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Life of Steam Pipeline Material beyond the Computational Working Time. Metals 2017, 7, 82. [CrossRef]
23. Yu, C.; Shiue, R.-K.; Chen, C.; Tsay, L.-W. Effect of Low-Temperature Sensitization on Hydrogen
Embrittlement of 301 Stainless Steel. Metals 2017, 7, 58. [CrossRef]
© 2018 by the author. Licensee MDPI, Basel, Switzerland. This article is an open access
article distributed under the terms and conditions of the Creative Commons Attribution










Effects of Heat Input on Microstructure,
Corrosion and Mechanical Characteristics of Welded
Austenitic and Duplex Stainless Steels: A Review
Ghusoon Ridha Mohammed 1,2,*, Mahadzir Ishak 1, Syarifah N. Aqida 1
and Hassan A. Abdulhadi 1,2
1 Faculty of Mechanical Engineering, University Malaysia Pahang, 26600 Pekan, Pahang, Malaysia;
mahadzir@ump.edu.my (M.I.); aqida@ump.edu.my (S.N.A.); h.shamary@gmail.com (H.A.A.)
2 Institute of technology, Middle Technical University, Foundation of Technical Education,
Baghdad-Alzafaranya 10074, Iraq
* Correspondence: Ghusoon_ridha@yahoo.com & PMM_14004@stdmail.ump.edu.my; Tel.: +60-129-457-480
Academic Editor: Robert Tuttle
Received: 19 November 2016; Accepted: 18 January 2017; Published: 30 January 2017
Abstract: The effects of input heat of different welding processes on the microstructure, corrosion,
and mechanical characteristics of welded duplex stainless steel (DSS) are reviewed. Austenitic
stainless steel (ASS) is welded using low-heat inputs. However, owing to differences in the physical
metallurgy between ASS and DSS, low-heat inputs should be avoided for DSS. This review highlights
the differences in solidification mode and transformation characteristics between ASS and DSS
with regard to the heat input in welding processes. Specifically, many studies about the effects of
heat energy input in welding process on the pitting corrosion, intergranular stress, stress-corrosion
cracking, and mechanical properties of weldments of DSS are reviewed.
Keywords: duplex stainless steel; heat input; pitting corrosion; intergranular stress; stress corrosion
cracking; mechanical properties
1. Introduction
Welding is a fabrication process of generating a perpetual joint result from the melting of the
surface of the parts to be joined together, with or without the utilization of pressure and a filler material.
In welding, applying heat source defined as the energy input and studying it is essential to study
the welding process. Energy input is described as the amount of energy entered per unit length of
weld from a moving heat source. The energy input (heat input) is formulated in joules per meter or
millimeter. It can be determined as the ratio of total input power in Watts to welding speed. The heat
input per unit length (H) is calculated according to the following equation [1]:
H = ƒEI/V (1)
where ƒ = Efficiency of heat transfer; E = Volts; I = Amperes; and V = Velocity of heat source (mm/s).
Heat is the controlling factor accountable for thermochemical responses that happen in weld
pools, and led upon cooling to modify the chemistry of weld metal. This is confirmed by Sun and
Wu [2] when they stated that welding heat input is the key factor impacting heat and mass transfer,
liquid flow, and the thermal cycle in the pool.
Stainless steel is recognized as the steel that resists corrosion. This resistance to corrosion is
consequent of chromium oxide film created by chromium on the surface of the metal forming a passive
layer that isolates and preserves the surface. Austenitic stainless steel (ASS) is widely employed
in caustic environments [3–7]. A main downside of ASS is the sensitivity to chloride-induced
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stress-corrosion cracking (SCC) [8,9]. Although ferritic stainless steel is more resistant to such
corrosion, it is inferior to ASS in terms of ductility and weldability. Given an appropriate composition
and thermo-mechanical processing, duplex stainless steel (DSS), which exhibits an austenite–ferrite
dual-phase structure, can be obtained. DSS presents many benefits upon single-phase grades, such as
increased yield strength and resistance against SCC [10–13].
DSS is a popular constitutional material in the oil, gas, and manufacturing sectors. In particular,
DSS is employed in chemical, wastewater, and marine engineering fields, as well as in desalination
industries and marine constructions [14–19]. Given the high corrosion resistance of DSS, this material
is favorable for shipbuilding, petrochemical, paper, and nuclear industries and can gradually substitute
the expensive 300 ASS [20]. DSS is also the preferred material for petroleum and refining industries [21].
The important mechanical properties of DSS help reduce thickness and are especially required in
transportation to address the demand of the industry sector [17,22–27].
For the commonly used ASS, the material should be held in the solution-annealed condition
for optimal corrosion resistance. As such, weld thermal cycles are selected to ensure rapid cooling
of the weld metal and the adjacent Heat-Affected Zone (HAZ), thereby preventing the formation of
deleterious phases, which can adversely affect the corrosion properties [28,29]. Consumables should
be selected to ensure the proportion of 5% to 10% delta ferrite in the welded microstructure, which is
primordial to inhibit solidification cracking. The heat input and temperature are limited to a maximum
of 1.5 KJ/mm and 100 ◦C, respectively, to avoid extensive precipitation of brittle phases in weld metal
when very slow cooling is applied.
Directions for welding technologies indicate that excessive dilution with the base metal should be
avoided [30]. Basically, instructions to weld DSS are recommended on the expertise with ASS. Thus,
when high heat inputs and slow cooling rates are applied (Figure 1), the properties of DSS weldment
can accurately advance [31].
Figure 1. Heat input influences cooling rate [32].
This review does not aim to specify the welding conditions for DSS, but rather to draw attention
to the difference in transforming behavior between ASS and DSS and consequently determine how this
difference was affected by heat input. Therefore, this review highlights the differences in the physical




DSS consists of ferrite and austenite compounds. Table 1 presents the typical compositions of the
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range (Table 1). Clearly, a wide range of composition exists, extending from 2101 LDX to the super
DSS 2507 [33]. A pseudo-binary phase diagram for Cr and Ni with 70% Fe is illustrated in Figure 2.
Figure 2. Pseudo-binary Fe-Cr-Ni phase at 70% Fe section illustrating areas of detrimental phase
formation [34].
The composition of a representative DSS falls in the (α + γ) phase field. For many stainless
steel compositions, the austenite phase is expanded; hence, the ferrite phase is separated into high
and low-temperature ferrites, which are denoted as delta ferrite and alpha ferrite (formed by the
transformation of austenite), correspondingly. Ferrite exists continuously from solidification to room
temperature for DSS, and such ferrite is denoted as alpha ferrite. Given that α/(α + γ) and (α + γ)/γ
phase boundaries are not vertical, the ferrite-to-austenite ratio in a particular grade would depend on
the exact composition, as well as the thermo-mechanical processing [35–37].
Table 1. Typical compositions (in % atom fractions) of some commonly used duplex stainless steels [38].
LDX (Lean Duplex): DX (Duplex): EN (European standard): No. (Number): UNS (Unified Numbering
System for Metals and Alloys).
Grade EN No./UNS Type
Approx. Composition
C Cr Ni Mo N Mn
2101 LDX 1.4162/S32101 Lean 0.04 21.0–22.0 1.35–1.70 0.3–0.8 0.2–0.25 4–6
DX 2202 1.4062/S32202 Lean 0.03 21.5–24.0 1.0–2.8 0.45 0.18–0.26 2.0
2304 1.4362/S32304 Lean 0.03 21.5–24.5 3–5.5 0.05–0.6 0.05–0.2 2.5
2205 1.4462/S32205 Standard 0.03 22–23 4.5–6.5 3.0–3.5 0.14–0.2 2.0
2507 1.4410/S32750 Super 0.03 24–26 6–8 3–5 0.24–0.32 1.2
Most modern DSS are designed with a similar austenite-to-ferrite ratio. As a result of the duplex
microstructure, partition of alloying components occurs among the phases. Notably, the solidification
method of DSS is definite from that of ASS with remaining delta ferrite. Generally, the microstructure
of (American Iron and Steel Institute) AISI 304 ASS is completely austenitic at room temperature.
In the process of regular welding, the cooling rate is accelerated; thus, the ferrite–austenite alteration
cannot be completed, and some δ-ferrite is kept at room temperature after solidification. High input
heat leads to a low cooling rate, which further contributes to the change from delta-ferrite phase to
austenite phase in weld metal with stainless steel [39–41]. Consequently, the duplex δ + γ structure
will be the definitive composition of the weld metal of ASS [42–45].
In the phase equilibrium, the influence of various alloying elements can be quantified by
employing equivalent amounts of Ni and Cr. For a very long time, many equations have been
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diagram [47] shown in Figure 3 are possibly the most commonly used approaches to calculate the
ferrite contents in stainless steel weld metals. The equations reported by Datta [49] are listed below:
Creq = 1.5(Mo) + (Cr) + 5.5(Al) + 5(V) + 2(Si) + 1.75(Nb) + 1.5(Ti) + 0.75(W) (2)
Nieq = (Co) + 0.3(Cu) + 0.5(Mn) + (Ni) + 30(C) + 25(N) (3)
Figure 3. Constitution diagrams to predict phase content in stainless-steel weld metal from chemical
composition: (a) Schaeffler diagram [46]; and (b) Delong diagram [47].
These equations have also been previously discussed in detail for stainless steel welding [50,51].
The literature indicated that a Schaeffler alloy with a Creq/Nieq ratio under 1.48 would stabilize
essentially as austenite; moreover, delta ferrite is formed from the chromium- and molybdenum-
enriched residual melts between the austenite cells or dendrites. As expected, this delta ferrite would
be enriched in Cr and Mo.
When the alloy presents a Creq/Nieq ratio between 1.48 and 1.95, primary solidification occurs in the
ferrite–austenite mode. This process also results in the segregation of alloying elements upon solidification,
with the gamma and alpha phases enriched in austenite- and ferrite-forming elements, respectively. For
steels of Creq/Nieq ratio, the remaining ferrite can also undergo solid-state transformation to austenite.
Weldments of DSS with a Creq/Nieq ratio above 1.95 stiffen as a single-phase ferrite.
With the high diffusivity of Cr and Mo in ferrite, the ferrite solidification is not accompanied
by significant segregation. The austenite is formed from the solid-state ferrite via a Widmanstätten
mechanism [51]. Segregation of ferrite stabilizers to alpha, and of austenite stabilizers to gamma,
occurs during the solid-state transformation but not during solidification when the Creq/Nieq ratio
is less than 1.95. Given this solid-state segregation, the phase balance and amount of segregation
will be controlled by factors including the cooling rates for castings and weldments, whereas the
thermo-mechanical processing conditions and annealing treatment are very important for wrought
products. Additionally, the solidification of duplex weldments occurring in the single-phase ferritic
mode largely influences the precipitation of other phases [52–54].
2.2. Precipitation of Other Phases
As the outcome of DSS and super DSS (SDSS) thermal history, one of the significant concerns
to gain the required mechanical performance and resistance to corrosion is to understand their
microstructural evolution. Derivation of the time–temperature history of the occurrence in welding
processes or treatments of technical heat might lead to the deposition of various compounds (e.g., Cr2N)
and a few other intermetallic phases (e.g., σ phase) as illustrated in Figure 4a,b. Such microstructural
characteristics are often related to harmful effects on the corrosion resistance, as well as the mechanical
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and Cr are retained in this phase. Moreover, such deposition can reduce the toughness of DSS and
SDSS [56–60].
Figure 4. Transmission electron micrograph of duplex stainless steel: (a) as received; and (b) image of
σ phase contained with a M23C6 carbide particle after solution treated at 1080 ◦C [58].
High toughness can be obtained by implementing suitable solution temperatures and cooling
rates [61–63]. This finding is consistent with a previous report [64] indicating that the optimal solution
temperature and cooling rate result in high toughness. In addition to austenite and ferrite, other phases
may occur depending on the thermal history of the steel, when DSS is exposed to a temperature range
of 300 to 1000 ◦C [65–68]. Examples of such phases are chromium nitrides, carbides, or carbonitride,
as well as gamma-phase, chi-phase, R-phase, alpha-prime precipitation, [69–72], alpha precipitation,
copper precipitates, and martensite in gamma phase. Generally, the formation of secondary phases
influences the corrosion resistance and mechanical properties [73]. The absence of these phases is
a result of the rapid cooling in the weld zone and prompt growth and nucleation compared with
the fusion process [74]. The temperature–time precipitation curves for various phases observed in
a 2205 type alloy are shown in Figure 5.
Figure 5. Isothermal cooling curve for the ternary Fe-Cr-Ni system showing the effect of alloying
addition on the precipitation of the secondary phases that can form upon cooling [75].
Most of the modern DSS are rich in nitrogen (0.1% to 0.2%). Nitrogen, an austenite stabilizer,
is added as both a solid-solution hardener and resistance promoter against pitting corrosion in
chloride-containing media. As previously reported, chromium nitrides precipitate in the ferritic
phase when a DSS is quenched from a very high annealing temperature [76–78]. Chromium
nitrides precipitated when rapid cooling occurred in weld metal or the HAZ of welded DSS [78–81].
Furthermore, fine Cr2N precipitates were observed when worked on the rod of UNS S31803 DSS
treated in two stages [82], that is, after treatment at 1050 ◦C for 1 h and then at 800 ◦C from 100 to
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Nevertheless, whether the regulating action is the nucleation rate remains incompletely
understood [28,58,83], although the growth kinetics of this response have been widely investigated [84,85].
The amount of Cr2N precipitation increases with the rise of annealing temperature. As the annealing
temperature increases, the volume fraction of austenite decreases, and the ferrite must take up more
nitrogen in the solid solution. Although these levels of nitrogen are soluble in ferrite at high temperatures,
Cr2N precipitates in the ferrite upon rapid cooling because nitrogen is relatively insoluble in ferrite at
low temperatures. For weldments, the same mechanism is operative, and the HAZ regions were heated
to 1300 ◦C and higher, at which the steel subsisted wholly ferritic with nitrogen in the solid solution.
The degree of sensitivity is associated with the great supplement of Cr and Mo drain region outcome
from intermetallic phases.
Under certain welding conditions, this region can experience a very rapid cooling cycle, and severe
Cr2N precipitation occurs in an almost completely ferritic HAZ. If the HAZ experiences slower cooling,
austenite is formed and nitrogen is dissolved in the austenite, thus reducing the amount of Cr2N
precipitation. Additionally, the cooling rate has been proven to decline as the interpass temperature
increases [86].
For ASS, the heat input should be reduced to accelerate the cooling time in the weld metal and
the adjoining HAZ, thereby ensuring that deleterious phases, such as M23C6, do not precipitate during
the welding process [87]. By contrast, very low heat inputs can disastrously affect the renitence of DSS
welding against pitting corrosion [88].
3. Properties of Duplex Stainless Steel Weldments
3.1. Pitting Corrosion
El-Batahgy et al. [89] studied the influence of laser welding parameters (simultaneous heat inputs
and shielding gas) on the corrosion resistance of autogenously bead-on plates; their results affirmed
that the corrosion average of plates combined contracts with the rise in welding speed, indicating the
drop in heat input. This effect of heat input can be justified by the cooling time [21,90]. When the
welding process occurs with less heat input, the rapid cooling time leads to a scant measure of austenite
and major chromium nitride precipitation.
The above phenomenon can drive consumption of Cr, N2 all over the residue, which causes
a harmful result on the pitting impedance. The use of N2 as a shielding gas to substitute argon,
below similarly stream situation, has also resulted in an exceptional reduction in corrosion speed of
connecting pieces. This finding is supported by Srinivasan [91] and Lothongkum [92] and advances the
corrosion characteristics of laser joint parts manufactured with nitrogen as a shielding gas relevant to
improve the ferrite–austenite ratio in weld metal WM and HAZ. The corrosion morphology of grains
around precipitates and the precipitate-free zone were left intact and clarified on the substructure of
the chromium exhaustion around the Cr2N precipitates in ferrite.
Slow cooling rates permit enough time for restoration (Cr redistribution) of the depleted zones
around the Cr2N precipitates. This phenomenon is considered a beneficial effect from high heat inputs.
Yasuda et al. [93] studied the influence of heat input on the resistance of a 2205 alloy against pitting
corrosion. HAZs were then simulated by heating the samples of 2205 alloy to varying temperatures,
quenching in water and in compressed air, and then by air cooling to yield cooling rates of 300 ◦C/s,
40 ◦C/s, or 20 ◦C/s.
Cr2N was identified in the ferrite phase after cooling at fast and slow rates. Therefore, the
beneficial effect of slower cooling rates on resistance against pitting corrosion was explained by the
restoration of Cr-depleted areas nearby residues. Higher austenite volume fractions taking more
nitrogen into solid solution with a subsequent decrease in the amount of Cr2N precipitated in ferrite
may also contribute to the beneficial effect of slow cooling rates. In terms of weld heat input, the heat
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Plasma arc welded 2304 DSS was investigated in terms of pitting corrosion resistance by using
Creq/Nieq ratio; the results revealed that the microstructure is more balanced with austenite phase after
thermal cycles with low Creq/Nieq, and the pitting corrosion resistance decreased with the increase
of Creq/Nieq [94]. Moreover, high heat input and satisfactory time intended for ferrite–austenite
transformation produce superior austenite content, and heat input plays the main role in the corrosion
resistance and microstructure of DSS joints. This finding clearly explains that heat input is directly
related to the strength and metallurgical aspects of DSS [31,95,96].
In addition, Lundquist et al. [97] studied the effects of welding conditions on the resistance of
2205 [85,98] and 2304 DSS against pitting corrosion. The influence of heat input from 0.5 to 3.0 kJ/mm
was examined for Tungsten Inert Gas (TIG) welded bead-on-tube welds with and without the addition
of a filler metal. The pitting resistance was remarkably improved with increasing heat input (Table 2).
The only weld beads made with the highest heat input of 3.0 kJ/mm passed the FeCl3 test for duplicate
specimens. At 25 ◦C, welds made by heat input of 2.0 kJ/mm by using filler metal and at 2.5 kJ/mm
were autogenously resistant to pitting. When a filler metal is used, lower heat inputs can be tolerated
without affecting the resistance against pitting corrosion. The reason for the detrimental effect of
low heat inputs was also attributed to an appreciable amount of Cr2N precipitation in ferrite grains.
The amount of precipitation diminished for higher heat inputs was virtually absent at 3.0 kJ/mm.
This finding can be explained by the austenite reformation at the expense of nitride precipitates.
In addition to TIG welding, Lundqvist et al. [97] also performed Shielding Metal Arc (SMA) butt
welding on 20 mm-thick 2205 plate by using heat inputs from 2.0 to 6.0 kJ/mm. Although the entire
top surfaces of the weld metal passed the pitting test in 10% FeCl3 6HP at 30 ◦C irrespective of heat
input, the weld metal on the root side, which was the first to be deposited, failed. To further investigate
this phenomenon, tests on critical pitting temperature were conducted under 3% NaCl.
Table 2. Pitting tests on TIG-welded bead-on-tube welds of 2205 X/2 = Specimens attacked/specimens
tested solution: 10% FeCl3·6H2O.
Filler Metal Temperature (◦C)
Heat Input, kJ/mm
0.5 1.0 1.5 2.0 2.5 3.0
Sandvik 25 - 2/2 2/2 0/2 0/2 0/2
22.8.3.L 30 - 2/2 2/2 2/2 1/2 0/2
None
25 2/2 2/2 2/2 2/2 0/2 0/2
30 2/2 2/2 2/2 2/2 1/2 0/2
Critical pitting temperatures of 48, 43 and 40 ◦C were obtained at heat inputs of 2.0, 4.0 and
6.0 kJ/mm, correspondingly. Microstructural evaluation revealed that extremely fine austenite
precipitated in the first- and second-weld beads. A higher heat input during subsequent weld
passes led to a reformation of more austenite. In addition to nitrides, fine precipitates of austenite,
which were presumed to be reformed at temperatures as low as 800 ◦C, also negatively affected the
pitting resistance. However, the reformed austenite is less detrimental to pitting resistance than Cr2N
precipitates. Lundquist et al. also investigated the use of nitrogen as a shielding gas. Although nitrogen
provides adequate protection against oxidation, nitrogen also diffuses into the weld metal and HAZ.
Such diffusion increases the amount of austenite in the root run and effectively suppresses the amount
of chromium nitride precipitated, which can possibly enhance the resistance to pitting corrosion.
It is generally agreed that very low heat inputs should be avoided on DSS and that much higher
heat input can be tolerated for austenitic. This affects the costs of weld fabrication since joints can be
made in fewer passes [99]. It should be noted that heat input alone does not determine the cooling rate,
but that thickness of the parent metal and interpass temperatures also should be considered. The heat
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limit not considered [97,100]. The choice of heat input pertinent with the material thickness, as the
reform of sufficient austenite, needs heat inputs in the upper part of the thick material.
Jang et al. [101] refer to the influence of shielding gas component using N2 on the impedance to
pitting corrosion at the Hyper Duplex Stainless Steel HDSS within quiet massive chloride environment.
After welding, the resistance of the HDSS tube to pitting corrosion was produced using N2 with
Ar shielding gas and was increased due to the decrease of α-phase in the HAZ and weld metal.
Furthermore, the improved corrosion resistance is assigned to the reduction of Pitting Resistance
Equivalent Number (PREN) variation between the α-phase and γ-phase in the weld metal [16,102].
Furthermore, Wang et al. [103] used dissimilar metals to investigate the consequence of welding
conditions in terms of welding process type. Gas Tungsten Arc Welding (GTAW) joint A and Shielded
Metal Arc Welding (SMAW) joint B were applied sequentially, and ER2209 welding wire was used
to join two different materials: 2205 DSS and 16MnR low alloy high-strength steel. To assess the
corrosion resistance of weld metal, the plates were partly tightened with A/B glue and a corrosion
mixture of 3.5% NaCl. Figure 6 and Table 3 present the results of electrochemical corrosion experiments
with 2205 DSS base metal and weld metal, correspondingly. However, their corrosion possibilities
are relatively uneven: joint B < joint A < 2205 DSS. The corrosion possibility is a constant index of
electrochemical corrosion renitency and exhibits the sensitivity to corrosion of the material [77,91,104].
Table 3. Electrochemical parameters of DSS BM and weld metals [103]. DSS: duplex stainless steel.
BM: Base Metal.
Samples Joint A Joint B DSS BM
Corrosion potential/Ecorr (V) −0.394 −0.463 −0.251
Corrosion current/Icorr (A) 0.2932 0.3041 0.2862
Figure 6. Scanning electron microscopy (SEM) micrograph of pitting corrosion.
The weld metal of DSS is more resistant to pitting corrosion than the base metal. Furthermore,
the enhanced response of weld metal to pitting resistance is associated with the addition of Cr and Ni
elements [105]. This finding is supported by Olsson [106], who reported that the stability of passive
films gained from Cr and Ni would reduce the comprehensive decay of Fe and Cr. Overall, the weld
microstructure is influenced by the differences in the heat input between joint A and joint B and leads
to change in the configuration state of the element surface unfavorable layer.
For the common DSS 2205, its composition range was considered as UNS S31803. However,
the N content associated with UNS S31803 may be reduced to 0.08%, and a plane is assured to
be minimized for reliable HAZ and autogenous fusion zone properties in the same status of the
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S31803, the minimum Mo and Cr contents are enhanced. During welding, nitrogen controls the
ferrite/austenite phase equality [107].
Susceptibility to solidification cracking is one of the problems coupled with fusion welding of
these materials, which is comparatively higher than that of 304L ASS [108]. Nitride precipitation
was noted in HAZ. The presence of δ-ferrite with higher Cr content may deleteriously affect the
corrosion resistance because of the potential difference between the δ-ferrite and austenite phases [109],
but this factor may exert less influence on the corrosion resistance than the others. The corrosion
properties of the welds also include grain boundary effects [110,111]. Experimentally, Shamanian
and Yousefieh [112] studied the differences in heat input result on a DSS, a microstructure of UNS
S32760 in seawater. Remarkably, the heat input at about 0.95 kJ/mm presents the largest component of
corrosion, that is, the lack of harmful phases resulting in sigma and Cr2N, as well as the attribution of
equal ferrite–austenite.
The GTAW process pulsed current has benefited the representative GTA process, that is, the
ferrite–austenite ratio within the base metal and weld metal relies on the welding energy input.
After welding in DSS pipes of four distinct sizes, metallography tests completed by scanning electron
microscopy (SEM) and energy-dispersive X-ray spectroscopy (EDX) were conducted to show the
phases of chemical compositions presented in the microstructure, and polarization curves of various
specimens were analyzed. As a result, the formation of sigma and Cr2N phases decreased the potential
formation of corrosion for a fine and coarse structure in the weld metal. The undercooling level will be
prospected within a welding process, given that in the cap region, the weld metal will chill down more
rapidly because of lower ambient temperatures at the weld surface and adjacent parent material at the
beginning. No evidence shows the existence of secondary austenite (γ’), which is present in all of the
examined weld metal conditions. Furthermore, areas containing the intermetallic phases of any of the
generally prospected carbides were not observed [113].
The detrimental effects of very high heat inputs or multi-pass welding are the formation of
secondary austenite and Cr2N in the HAZ. Interestingly, the number of thermal cycles is one of the
most related criteria to estimate the deleterious effect of sigma phase development, as previously
reported [99,114,115].
3.2. Intergranular Corrosion
At grain boundaries, the precipitation of the chromium carbides causes susceptibility to
intergranular corrosion, which can be a serious problem in ASS if these materials are held for prolonged
periods in the sensitization region (about 500 to 750 ◦C) [116–118]. This kind of corrosion occurs from
the Cr deficiency nearby M23C6 precipitates. As for combating intergranular corrosion in stainless
steels, one way is to reduce carbon content below 0.3% to delay the deposition of M23C6, which helps
to avoid any damaging consequence.
One of the exceptional features of DSS is the resistance against sensitization. The ferrite phase
provided the largest amount of Cr in carbides as a result of high diffusivity of Cr and the high Cr
content in the ferrite phase. Accordingly, an extremely broad Cr-consuming region dwells at the ferrite
part of the interface. The austenite phase offered a really scanty Cr volume, leading to a very thin but
penetrating Cr-consuming region on the austenite side of the interface [82]. Intergranular corrosion in
HAZ decreased with the increasing number of weld passes. According to the results, as the number of
passes increased, the corrosion attack of grain boundaries decreased. This behavior is ascribed to the
prolonged retention time above the sensitization temperature range, which promotes the solubilization
of chromium carbides in the grain matrix, thereby avoiding sensitization [119].
The elegant resistance of duplex alloys against sensitization is achieved by recharging the small
region with diffusing Cr from the inside of the austenite grain. Despite this inherent resistance,
many commercial DSS contain less than 0.03% carbon, thus further reducing the risk of sensitization.
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Sridhar [78] and Lundquist [97] studied the effect on resistance to intergranular corrosion. In both
cases, excellent resistance was reported, even in the case of high heat inputs.
For the resistance against intergranular corrosion and SCC, no detrimental effect from high heat
inputs was found. The tensile elongation and toughness of welds on DSS are affirmed to increase
when the heat input is raised.
3.3. Stress-Corrosion Cracking
DSS demonstrated desirable impedance to SCC. DSS is not as resistant as ferritic SS but more
resistant than austenitic against SCC [15]. The susceptibility of DSS to SCC depends on many
factors, including alloying elements [120,121], microstructures [122,123], applied stresses [124,125],
and environment [126–129].
Slow-strain rate tests (2.2 × 10−6 s−1) at 35% boiling water MgCl2 solution and 125 ◦C were
performed to determine the sensitivity to SCC [98]. Additional tests in an inoperative environment
(glycerin) were conducted. All specimens with welded joints tested in glycerin at 125 ◦C showed
sufficient plasticity, and their fracture surfaces were entirely ductile. Detailed examinations revealed
that these samples broke in parent material 316L steel close to HAZ of the weld. Samples tested in
MgCl2 solution broke in a brittle manner. The welded specimens were brittle or mixed, and the
ductile-brittle shape of fracture surfaces. Thus, the consequence of SCC is this succession of
plasticity [130].
The ways of crack diffusion ordinarily continue together with state limits or transverse ferrite grains.
Cracks were frequently prevented on extended, upright austenite grains, or overpass through [131].
The heat input did not influence the susceptibility to SCC.
3.4. Mechanical Properties
The ferrite content of DSS can considerably influence the yield strength, tensile ductility,
and toughness of the alloy [89,97,112,132]. As such, it further assumed that the heat input will
manipulate these properties in a welded part because the austenite-to-ferrite stability is related to
the cooling rate [133]. The toughness was reportedly improved as the heat input was top-up on SAF
2205 [97]. This finding was further correlated to the reduction of ferrite content. They also point out
that sigma phase and 475 ◦C embrittlement are not troubled when welding modern DSS, owing to
well-balanced chemical compositions and favorable austenite-to-ferrite ratios. From a strength and
toughness viewpoint, the arc powers do not need to be maximized for 2205 [134]. The findings also
proved that even 1% of sigma phase formation in DSS is sufficient to cause embrittlement. Furthermore,
the coarse-grained ferrite structure formed near the fusion line is responsible for the reduction in
impact toughness of the DSS weld [135–137].
For austenite antirust steels, the important relationship between the changes, as well as heat
input in microstructural development, is highly related to the relevant mechanical performance in
the weldments of AISI 304L stainless steel by GTAW [138]. Moreover, little heat input joints show
high ductility and tensile strength, but great heat input joints demonstrate small tensile ductility and
strength. The HAZ photomicrographs of these weldments show that grain coarsening influence is
inducted, which is inclined to recede the joint part and may thus influence the functional performance
of the weld joint in practice. With high heat input, the grain-coarsening degree within this zone is
comparatively higher, but a small heat input helps to inhibit the grain growth by subjecting the zone
to abrupt heat gradients [139]. Hardness is relatively small along the large weld zone of heat input,
which includes long dendrites with larger interdendritic spacing, but hardness is improved along with
the small weld zone of heat input, which contains comparatively few dendrites along with smaller
interdendritic spacing. All HAZs in distinct weldments undergo grain coarsening, of which the extent
is increasingly enhanced with the improvement of welding heat input.
Mourad et al. [140] studied the effects of gas tungsten arc as well as laser beam welding on
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laser on the microstructure and size of fusion zone, mechanical as well as corrosion properties of DSS
grade 6.4 mm-thick 2205 plates were comparatively studied. The ferrite–austenite balance of both
HAZ and weld metal are affected by heat input, which is a welding process function.
The impacts of heat input on the mechanical properties of UNS S31803 DSS plates from friction
stir welding were studied recently [31]. The fracture morphology, residence of elements, and their
distribution on joint zone were comprehensively examined through SEM associated with energy
dispersive spectroscopy (EDS). The fracture occurred in the base metal and partially penetrated the
weld zone. The fracture occurred in the weld region, and the strength of friction welded joints was
reduced than the parent material [86]. The fracture did not expand extensively in the base metal
and partly entered the weld zone. The fracture occurred in the weld region, and the strength of the
friction-welded joints decreased more than the parent material. No intermetallic phases were detected
by X-ray diffraction. Outcomes of tensile strength confirmed that the joint strength can be kept when
high heat input was applied. However, at room temperature, toughness declined as the heat input
grew. Microhardness was improved with the rise of heat input owing to the grain perfection.
After a detailed literature review, most of the investigations are found to have focused on the
effects of heat transfer/heat input on DSS by using various welding techniques. The characteristics of
various materials processed after different welding process were also analyzed. Clearly, the irregular
heat input variations of various fusion welding on DSS cause drastic changes in phase balance,
which needs to be balanced. Knowledge about microstructural evolution of such kind of steels, as well
as the result of thermal history, is fundamental to achieve the expected mechanical behavior and
corrosion resistance. The time–temperature history, derived from industrial heat treatments or welding
processes [141–143], may lead to precipitation of various compounds (e.g., chromium carbides and
nitrides) and some other intermetallic phases (e.g., σ phase). The formation of such compounds leads to
losses in both corrosion resistance and fracture toughness [144]. However, extensive research is needed
to deal with the effects of heat input on DSS welds for in-depth understanding of this phenomenon.
Few reports exist on different welding processes of DSS grades. Thus, the full-depth knowledge about
heat input throughout the welding process of DSS is notably essential for controlling and improving
the welding quality. As such, the current research investigated the effects of heat input on mechanical
measures such as tensile strength, Charpy impact toughness, microhardness, metallurgical specifics,
and corrosion of DSS welded joints.
4. Conclusions
The amount of heat input in the welding process affects the properties of both DSS and ASS.
The final properties depend on the variety of solidification modes and the transformation characteristics
of these two alloys, especially the corrosion properties.
The following conclusions can be drawn from this review:
(1) DSS solidifies in the single-phase ferritic mode, whereas ASS solidifies in the austenitic or
austenitic-ferritic mode.
(2) Austenite phase in weldments of DSS is formed by solid-state transformation, which is strongly
affected by the cooling rate.
(3) The resultant ferrite-to-austenite ratio is dependent on the energy input during the welding process.
(4) In duplex weldments, low heat inputs result in high volume fractions of ferrite and severe
precipitation of chromium nitrides, which adversely affect mechanical and corrosion properties.
(5) High heat inputs requisite sufficient time in the DSS welding for austenite reformation at
high temperature.
(6) The number of thermal cycles is significantly associated criteria to evaluate the deleterious impact
of sigma phase extension.
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Abstract: Fe-(9, 19, 28, 37) wt. %Cr alloys were corroded at 700 and 800 ◦C for 70 h under 1 atm of
N2, 1 atm of N2/3.2%H2O mixed gas, and 1 atm of N2/3.1%H2O/2.42%H2S mixed gas. In this gas
composition order, the corrosion rate of Fe-9Cr alloy rapidly increased. Fe-9Cr alloy was always
non-protective. In contrast, Fe-(19, 28, 37) wt. %Cr alloys were protective in N2 and N2/3.2%H2O
mixed gas because of the formation of the Cr2O3 layer. They, however, became nonprotective in
N2/3.1%H2O/2.42%H2S mixed gas because sulfidation dominated to form the outer FeS layer and
the inner Cr2S3 layer containing some FeCr2S4.
Keywords: Fe-Cr alloy; oxidation; sulfidation; H2S corrosion
1. Introduction
Fe-Cr alloys are widely used as high-temperature structural materials. They oxidize when exposed
to air or oxygen at high temperatures. When the Cr content in iron was ~5 wt. %, triple oxide layers
such as Fe2O3/Fe3O4/FeO formed, and the oxidation rate was mainly controlled by the growth
rate of FeO that formed on the alloy side [1]. The non-stoichiometric wustite grows much faster
than the nearly stoichiometric Fe3O4 and Fe2O3. With an increase in the Cr content to ~10 wt. %,
dispersed particles of the FeCr2O4 spinel formed more inside the FeO layer, and FeCr2O4 particles
blocked the diffusion of Fe2+ ions to make the FeO layer thinner. With the further increase in the
Cr content to ~15 wt. %, a mixed spinel, Fe(Fe,Cr)2O4, formed, which decreased the oxidation rate
significantly. When the Cr content exceeded ~20 wt. %, the oxidation rate dropped sharply, forming
a thin, continuous Cr2O3 layer containing a small amount of dissolved Fe ions [1–3]. When Fe-Cr
alloys were exposed to S2 gas at 1 atm, an FeS layer formed below 1.86 wt. %Cr, an outer Fe1–xS
layer and an inner (FeS, FeCr2S4) mixed layer formed in the range of 1.86–38.3 wt. %Cr, and a solid
solution of FeS-Cr2S3 formed above 38.3 wt. %Cr [4]. Although Cr decreased the sulfidation rate, even
Fe-Cr alloys with high Cr contents displayed insufficient corrosion resistance. This is attributed to
the fact that sulfidation rates of common metals are 10–100 times faster than oxidation rates because
the sulfides have much larger defect concentrations and lower melting points than the corresponding
oxides [5]. The sulfidation of Fe-(20, 25, 30) wt. %Cr steels in 94Ar/5H2/1H2S mixed gas at 600 ◦C for
718 h resulted in the formation of the outer FeS layer and the inner FeCr2S4 layer [6]. On the other
hand, the corrosion of conventional oxidation-resistant alloys by water vapor and H2S gas has been
a serious problem [3]. Water vapor and H2S gas release hydrogen atoms, which ingress in the metals
interstitially, form hydrogen clusters, and cause hydrogen embrittlement. Water vapor that is present
in many industrial gases can form metal hydrides, and change not only the reaction at the scale/metal
interface but also the mass transfer in scales, accelerating the corrosion rate [3,7]. In this study, Fe-Cr
alloys were corroded at 700 and 800 ◦C in (N2, H2O, H2S) mixed gas in order to understand their
corrosion behavior in hostile (H2O, H2S)-containing environments for practical applications. The aim
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of this study is to examine the influence of the Cr content and the (N2, H2O, H2S)-containing gas on
the high-temperature corrosion of Fe-Cr alloys, which has not been adequately investigated before.
2. Experimental Procedures
Four kinds of hot-rolled ferritic Fe-Cr alloy sheets, viz., Fe-(8.5, 18.5, 28.3, 36.9) wt. %Cr, were
prepared. They are termed as Fe-(9, 19, 28, 37)Cr, respectively, in this study. They were homogenized
at 900 ◦C for 1 h under vacuum, cut into a size of 2 mm × 10 mm × 15 mm, ground up to a 1000-grit
finish with SiC papers, ultrasonically cleaned in acetone, and corroded at 700 and 800 ◦C for 70 h
under 1 atm of total pressure. Each test coupon was suspended by a Pt wire in a quartz reaction tube
within the hot zone of an electrical furnace (Ajeon, Seoul, Korea), as shown in Figure 1. Three kinds
of corrosion atmospheres were employed, viz. 1 atm of N2, (0.968 atm of N2 plus 0.032 atm of H2O)
that was achieved by bubbling the N2 gas through the water bath kept at 25 ◦C, and (0.9448 atm of
N2 plus 0.031 atm of H2O plus 0.0242 atm of H2S) that was achieved by bubbling N2 gas through the
water bath kept at 25 ◦C and simultaneously flowing the N2-5%H2S gas into the quartz reaction tube.
The N2 gas was 99.999% pure, and H2S gas was 99.5% pure. Nitrogen gas was blown into the reaction
tube during heating and cooling stages. After finishing the corrosion test in N2, N2/3.2%H2O, and
N2/3.1%H2O/2.42%H2S gas, the test coupons were furnace-cooled, and characterized by a scanning
electron microscope (SEM, Jeol JSM-6390A, Tokyo, Japan), a high-power X-ray diffractometer (XRD,
Mac Science M18XHF-SRA, Yokohama, Japan) with Cu-Kα radiation operating at 40 kV and 300 mA,
and an electron probe microanalyzer (EPMA, Shimadzu, EPMA 1600, Kyoto, Japan).
Figure 1. Corrosion testing apparatus.
3. Results and Discussion
Table 1 lists the weight gains of Fe-(9, 19, 28, 37)Cr alloys due to corrosion at 700 and 800 ◦C for
70 h, which were measured using a microbalance before and after corrosion. Fe-9Cr always displayed
the worst corrosion resistance, gaining excessive weight. For example, Fe-9Cr oxidized fast even in
the N2 gas through the reaction with impurities such as 3 ppm H2O and 2 ppm O2 in the N2 gas
(99.999% pure). Fe-9Cr oxidized faster in the N2/H2O gas than in the N2 gas because of water vapor [7].
Water vapor dissociates into oxygen and hydrogen, oxidizes the metal, and forms voids within the
oxide scale according to the equation [1,3],
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Table 1. Weight gain of Fe-(9, 19, 28, 37)Cr alloys measured after corrosion at 700 and 800 ◦C for 70 h
under 1 atm of N2, N2/3.2%H2O, and N2/3.1%H2O/2.42%H2S gas.
Temp. Gas
Weight Gain (mg/cm2)
9Cr 19Cr 28Cr 37Cr
700 ◦C
N2 195 1–2 1–2 1–2
N2/H2O 220 1–2 1–2 1–2
N2/H2O/H2S 2050 470 200 70
800 ◦C
N2 235 1–2 1–2 1–2
N2/H2O 400 1–2 1–2 1–2
N2/H2O/H2S massive spalling 1530 690 550
Fe-9Cr corroded the most seriously in N2/H2O/H2S gas, because H2S was much more harmful
than H2O. H2S dissociates into hydrogen and sulfur. Sulfur forms non-protective metal sulfides
according to the following equation:
M + H2S → MS + (2H or H2) (2)
Hydrogen, which is released from H2S and H2O, dissolves and ingresses into the alloy and the
scale interstitially, generates lattice point defects, forms hydrogen clusters and voids, causes hydrogen
embrittlement, produces volatile hydrated species, and accelerates cracking, spallation and fracture of
the scale. Hence, no metals are resistant to H2O/H2S corrosion. As listed in Table 1, Fe-(19, 29, 37)Cr
displayed much better corrosion resistance in N2 and N2/3.2%H2O with weight gains of 1–2 mg/cm2
than Fe-9Cr. Fe-(19, 29, 37)Cr formed 0.3- to 1.3-μm-thick, adherent oxide scales. However, even
Fe-(19, 29, 37)Cr failed in N2/3.1%H2O/2.42%H2S with large weight gains, forming non-adherent,
fragile sulfide scales as thick as 35–750 μm. This scale failure made the weight gains measured in
N2/H2O/H2S gas inaccurate. In N2/H2O/H2S gas, the amount of local cracking, spallation and void
formation in the scale varied for each test run. Although the accurate measurement of weight gains
in N2/H2O/H2S gas was impossible, it was clear that weight gains due to scaling decreased sharply
with the addition of Cr.
Figure 2 shows the XRD patterns of scales formed after corrosion at 800 ◦C for 70 h. The corrosion
of Fe-9Cr in N2 and N2/H2O resulted in the formation of Fe2O3 and Fe3O4, as shown in Figure 2a,b.
Oxide scales formed on Fe-9Cr in N2 and N2/H2O were 90 and 100 μm thick, respectively. Since X-rays
could not penetrate such thick oxide scales, FeO and Cr-oxides such as FeCr2O4, which might form
next to the alloy [1], were absent in Figure 2a,b. In contrast, Fe-(19, 28, 37)Cr alloys oxidized at much
slower rates in N2 and N2/H2O than Fe-9Cr alloy, as listed in Table 1. Fe-(19, 28, 37)Cr alloys formed
the protective Cr2O3 scale, as typically shown in Figure 2c,d. Here, the Fe-Cr peaks were strong owing
to the thinness of the oxide scales. In Fe-(19, 28, 37)Cr alloys, Cr was dissolved in the α-Fe matrix.
Figure 3 shows the EPMA analytical results on the scales formed on Fe-9Cr after corrosion at
700 ◦C for 70 h. The oxide scales that formed after corrosion in N2 and N2/H2O were about 90 and
140 μm thick, respectively. The scale morphology and elemental distribution in N2 gas were similar to
those in N2/H2O gas, as shown in Figure 3, indicating that the same oxidation mechanism operated
in N2 and N2/H2O gas. Voids were sporadically scattered in both oxide scales, below which the
oxygen-affected zone (OAZ) existed. Voids formed owing to the volume expansion during scaling,
hydrogen released from the water vapor, and the Kirkendall effect arose due to the outward diffusion
of cations during scaling. In both oxide scales, the outer layer consisted of iron oxides, while the inner
layer consisted of (Fe,Cr) mixed oxides. This indicated that Fe2+ and Fe3+ ions were more mobile than
Cr3+ ions. The oxidation in N2 and N2/H2O gas was mainly controlled by the outward diffusion of iron
ions through the inner (Fe,Cr) mixed oxide layer. Iron oxidized preferentially in N2 and N2/H2O gas
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Figure 2. XRD patterns taken after corrosion testing at 800 ◦C for 70 h. (a) Fe-9Cr in N2; (b) Fe-9Cr in
N2/3.2%H2O; (c) Fe-37Cr in N2; (d) Fe-37Cr in N2/3.2%H2O.
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Figure 4 shows the EPMA analytical results on the scales formed on Fe-37Cr after corrosion at
700 ◦C for 70 h. The oxide scales that formed after corrosion in N2 and N2/H2O were about 0.6 and
1.1 μm thick, respectively. In N2 and N2/H2O gas, the Cr2O3 scale formed (Figure 2c,d), in which
Fe was dissolved (Figure 4). The complete dissolution of Fe2O3 in Cr2O3 is possible, because Cr2O3
and Fe2O3 have the same rhombohedral structure [8]. Like Fe-37Cr, Fe-(19, 28)Cr also formed a
thin Cr2O3 scale containing some Fe when they corroded in N2 and N2/H2O gas. Once the thin
but protective Cr2O3 scale formed, the outward diffusion of iron ions was suppressed so that good
corrosion resistance was achieved.
Figure 4. EPMA cross-section and line profiles of Fe-37Cr after corrosion at 700 ◦C for 70 h in (a) N2;
and (b) N2/3.2%H2O.
In N2/3.1%H2O/2.42%H2S gas, Fe-(9-37)Cr alloys could not form Cr2O3, and corroded fast,
as typically shown in Figure 5. The scales formed on Fe-(9, 19, 28, 37)Cr alloys consisted primarily of
the outer FeS layer (Figure 5a), and the inner Cr2S3 layer containing some FeCr2S4 (Figure 5b). Since FeS
grows fast owing to its high non-stoichiometry, outer FeS grains were coarser than the inner (Cr2S3,
FeCr2S4) mixed grains. In Figure 5c, cracks propagated inter- and trans-granularly due mainly to the
excessive growth stress generated in the thick outer scale. The scale shown in Figure 5d was about
100 μm thick, and had cracks and voids. A small amount of Cr was dissolved in the outer FeS layer
(Figure 5e). The preferential sulfidation of iron in the outer FeS layer decreased the sulfur potential
underneath, and thereby increased the oxygen potential in the inner Cr2S3-rich layer, leading to the
incorporation of oxygen in the inner Cr2S3-rich layer. FeS is a p-type metal-deficit compound, which
grows fast by the outward diffusion of Fe2+ ions [5,9,10]. Its defect chemical equation is as follows.
1/2O2 = Oo + 2h· + V"Fe (3)
here, OO, h· and V"Fe mean the O atom on the O site, the electron hole in the valence band with a + 1
charge, and the iron vacancy with a − 2 charge. The defect chemical reaction for the dissolution of
Cr2S3 in FeS is as follows.
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Hence, the doping of Cr3+ ions would increase the concentration of iron vacancies, leading to the
enhancement of the FeS growth. Oxygen was incorporated in the inner Cr2S3-rich layer (Figure 5e).
However, no oxides were detected in Figure 5b, because their amount was small or oxygen was
dissolved in the sulfide scales. Grains in the inner layer were fine owing to the nucleation and growth
of Cr2S3, together with some FeCr2S4 and probably some oxides. In N2/3.1%H2O/2.42%H2S gas,
Fe-(9, 19, 28, 37)Cr alloys sulfidized preferentially owing to the high sulfur potential in the test gas.
Figure 5. Fe-19Cr after corrosion at 700 ◦C for 40 h in N2/3.1%H2O/2.42%H2S. (a) XRD pattern
after corrosion; (b) XRD pattern taken after grinding off the outer scale; (c) SEM top view; (d) EPMA
cross-section; (e) EPMA line profiles of along A–B denoted in (d).
4. Conclusions
When Fe-9Cr alloy corroded at 700 and 800 ◦C in N2 and N2/3.2%H2O gas, thick, porous oxide
scales formed, which consisted of the outer iron oxide layer and the inner (Fe,Cr) mixed oxide layer.
Under the same corrosion condition, Fe-(19, 28, 37)Cr alloys formed thin, dense, protective Cr2O3
oxide layers, in which iron was dissolved to a certain extent. In N2/3.1%H2O/2.42%H2S gas, Fe-(9, 19,
28, 37)Cr alloys corroded fast, forming thick, non-adherent, fragile scales, which consisted of the outer
FeS layer and the inner Cr2S3 layer containing some FeCr2S4. The preferential sulfidation of Fe-(9, 19,
28, 37)Cr alloys in the H2S-containing gas was responsible for the poor corrosion resistance of Fe-(9, 19,
28, 37)Cr alloys.
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Abstract: Enhancement in the strength of austenitic steels with a small content of carbon can be
achieved by a limited number of methods, among which is ultrafine-grained (UFG) structure
formation. This method is especially efficient with the use of severe plastic deformation (SPD)
processing, which significantly increases the contribution of grain-boundary strengthening, and
also involves a combination of the other strengthening factors (work hardening, twins, etc.). In this
paper, we demonstrate that the use of SPD processing combined with conventional methods of
deformation treatment of metals, such as rolling, may lead to additional strengthening of UFG steel.
In the presented paper we analyze the microstructure and mechanical properties of the Cr–Ni stainless
austenitic steel after a combined deformation. We report on substantial increases in the strength
properties of this steel, resulting from a consecutive application of SPD processing via equal-channel
angular pressing and rolling at a temperature of 400 ◦C. This combined loading yields a strength
more than 1.5 times higher than those produced by either of these two techniques used separately.
Keywords: stainless steel; severe plastic deformation; strength; ultrafine-grained materials
1. Introduction
Severe plastic deformation (SPD) processing significantly improves the mechanical properties of a
broad range of metallic materials due to the formation of an ultrafine-grained (UFG) structure, ensuring
the concurrent action of several mechanisms of strengthening thanks to the hardening contributions
of solid solution, precipitations and particles, defect structures and, primarily, grain refinement [1–7].
A high-strength state is provided by controlling the microstructural parameters that are sensitive
to SPD processing regimes. SPD parameters that have the greatest effect on the microstructure are
strain, temperature and loading route. The latter has an effect on both the kinetics of microstructural
evolution and the homogeneity of the produced microstructure. For example, when studying the
microstructure transformation of Ti alloys with a change of the deformation path, it was shown that the
substitution of a monotonic loading with an essentially non-monotonic one enabled activation of new
slip systems and thus intensified the process of microstructural refinement [8,9]. With respect to SPD
processing, it was demonstrated that the so-called route of equal-channel angular pressing (ECAP) has
a great effect on structural evolution [10,11]. The best results, in terms of microstructure refinement
and enhancement of mechanical properties, were obtained when using routes B and Bc, in which
the billet is rotated by 90◦ around its axis between ECAP passes. Such a turn changes the schemes
of the principal stresses and strains in a material, and as a result, the deformation process becomes
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non-monotonic. A similar result was obtained for the cyclic HPT when sufficient grain refinement in Ni
and Fe was reported to be achieved at a smaller deformation level than for the one-direction HPT [12].
A vivid example of non-monotonic loading is the SPD technique of multiple forging, in which the
change of the scheme of principal stresses is achieved as a result of a consecutive rotation of the billet
around three axes [13,14].
It is possible to realize the non-monotonic loading process through a consecutive processing of
billets by different methods. This procedure has already been tested successfully for Ti-based [15],
Cu-based [16] and Al-based alloys [17,18]. At the first stage of processing, SPD by ECAP-Conform
was conducted, and at the second stage, rolling or drawing was performed. It is noted in all studies
that a change in the type of loading had a beneficial effect on the properties of the produced materials.
At the second stage of processing, an additional increase was observed in the microhardness and
strength of UFG materials which had been produced by SPD at the first stage of processing. It is more
difficult to unambiguously determine the effect of a change in the deformation type of producing UFG
materials on the features of their microstructure. At the present time, the experimental data reported
in the literature are not sufficient to summarize the results, especially for steels. Besides, of great
importance is the microstructure formed immediately during SPD processing, as well as the nature of
the material itself. After the rolling of even an equiaxed UFG structure, a structure was observed that
was elongated in the direction of plastic straining. For copper, an increase in the structural homogeneity
was revealed [16], and conversely, for an Al alloy, a separation of microstructure into two fractions was
observed, one of which contained shear bands, and the other one contained equiaxed grains [17].
In this paper, we investigate the possibility of increasing the strength of an austenitic stainless
steel through the use of combined strain processing. For this type of steel it is practically impossible to
increase strength by thermal treatment, and thus microstructure refinement by deformation processing
is an efficient means of strengthening.
2. Materials and Methods
Austenitic stainless steel was selected as an object of investigation. The chemical composition
of the steel is given in Table 1. In order to produce a single-phase austenitic structure prior to SPD
processing, the steel was water-quenched from a temperature of 1050 ◦C (exposure time 1 h). The SPD
processing of rods with a diameter of 10 mm and a length of 100 mm was conducted by ECAP through
8 passes via route Bc at a temperature of 400 ◦C. The intersection angle of channels in the die-set was
120◦ (Figure 1).
Table 1. Chemical composition (wt. %) of the austenitic steel under investigation.
C Cr Ni Ti Si S P Fe
0.08 16.19 9.13 0.3 0.58 0.03 0.08 bas.
The thermal conditions of ECAP processing were selected in accordance with earlier studies [6,19]
that demonstrated the efficiency of SPD processing for microstructure refinement and enhancement
of the mechanical properties of the austenitic stainless steel at the given temperature, as well as for
the formation of grain-boundary segregations and nanotwins resulting in additional strengthening.
The number of passes was selected in such a way as to be sufficiently large to impose such a strain
under which the hardness and strength of a UFG billet reach saturation. The produced UFG state is
further referred to as “ECAP”.
Rolling was conducted in smooth rolls at the same temperature of billet heating, 400 ◦C, through
15 passes to a final strip thickness of 2.3 mm. The total reduction was 77% (Figure 1). The produced
UFG state is further referred to as “ECAP + Rol”. This regime was selected on the basis of the
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Figure 1. The principle of the combined processing of the steel (a) Stage I—ECAP, (b) Stage II—Rolling.
To study the effect of the combined processing on the microstructure and properties, we also
investigated the billets subjected to rolling under the same conditions, but without a preliminary
deformation processing by ECAP. This state is further referred to as “Rol”.
The microstructure was studied in the longitudinal section of a rod and a strip. To investigate
the microstructure, electrolytic etching was performed in a chemically pure nitric acid (the mass
fraction of the acid was at least 65%). The etching time was from 5 to 10 s under a voltage of 13–20 V.
Structural studies were performed using an Olympus GX51 optical microscope (Olympus Corp,
Tokyo, Japan), a JEOL JSM-6490VL scanning electron microscope (Jeol Ltd, Tokyo, Japan) and a
JEOL JEM-2100 transmission electron microscope (Jeol Ltd, Tokyo, Japan). The grain sizes were
determined from the dark-field images of the microstructure. At least 300 grains were measured
for each condition. The dislocation density xrd was determined from the results of X-ray studies









where (ε2)1/2 is the level of elastic microdistortions of the crystal lattice; b is the Burgers vector of
dislocations; dxrd is the size of coherent scattering domains.
Microhardness was measured on a Micromet-5101 device in the longitudinal direction. At least
30 measurements were made for each condition. Uniaxial tensile testing was performed on an
INSTRON 8801 tensile testing machine (Instron Eng. Corp., High Wycomib, UK) at room temperature.
For the tensile tests, flat samples with a gauge length of 4 mm were used, the strain rate was 10−3 s−1.
3. Results
The microstructure of the steel in the as-received state was represented by equiaxed austenite
grains with a mean size of (9 ± 2) μm (Figure 2a). In some grains, twins were observed. The volume
fraction of grains containing twins was about 10%.
After quenching, the size of austenite grains increased up to an average value of (40 ± 11) μm.
Practically all grains contained wide twins. At the boundaries of austenite grains and at twin
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Figure 2. Microstructure of the austenitic steel: as-received condition (a); after quenching (b).
3.1. Microstructure of the Austenitic Steel after SPD Processing and Rolling
After SPD processing by ECAP, within the austenite grains we observed the formation of
differently-directed shear bands (Figure 3a—the sample axis is vertical). As a result of the intersection
of these bands, new boundaries form and grain refinement takes place. The microstructure is
heterogeneous. At 10,000 times magnification (Figure 3b), relatively coarse grains with sizes of
several μm and fine grains with sizes much smaller than 1 μm are visible. The coarse grains are
elongated in the direction of the sample axis (Figure 3a). The volume fraction of the regions with
relatively coarse grains amounts to about 10%.
When the structure was examined in detail by TEM, structural heterogeneity was also revealed
(Figure 3c). A large volume of the structure (about 60%) is represented by shear bands with thin
boundaries, within which a developed dislocation structure in the form of wide dislocation boundaries
is observed. These boundaries divide the bands into non-equiaxed cells. The cell size amounts
to, on average, about 180 nm in the transverse direction and 370 nm in the longitudinal direction
(Figure 3c). Alongside shear bands, practically equiaxed grains with a reduced dislocation density
and thin equilibrium boundaries are present in the structure. The grain size is about 350 nm. Separate
deformation twins are observed in the grains (about 10 nm in thickness) (Figure 3d). The fraction of
grains with twins does not exceed 5%. The average spacing between the twin boundaries is about
75 nm. The selected area electron diffraction pattern shown in the insert in Figure 3c reveals separate
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Figure 3. Microstructure of the steel after SPD processing (via ECAP) in the longitudinal section
(“ECAP” condition): (a,b) SEM; (c,d) TEM, the aperture size for diffraction patterns ~1 μm2.
Thus, after SPD processing via ECAP, a heterogeneous austenitic UFG structure is formed.
This structure consisted of grains/subgrains elongated in the direction of straining, with a small
number of twins.
After rolling of the ECAP-processed steel, further grain refinement is observed (Figure 4).
Individual grains are practically not identified by an optical microscope. The boundaries of the
original austenite grains are not visible either (Figure 4a).
Figure 4. Structure of the austenitic steel after ECAP and subsequent rolling to a total reduction in area
of 77% (“ECAP + Rol” condition): (a) optical microscopy; (b–d) TEM, the aperture size for diffraction
patterns ~1 μm2.
When the microstructure is examined by TEM, it can be seen that the microstructure has become
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The structure has a grain/cellular character. Shear bands are preserved in separate regions, but the
fraction of banded structure is only about 10%. The dislocation density increases, while the size
of structural elements decreases to 110 nm. Thin twins are observed in the grains (Figure 4d).
The fraction of grains containing twins increases to 14%. The average twin spacing decreases to 30 nm.
The electron diffraction pattern shown in the insert of Figure 4c has a ring-shaped form, which indicates
high-angle misorientation between grains. Thus, combined loading leads to further microstructure
refinement—the mean grain size decreases to 110 nm, and the fraction of nanotwins grows.
In the steel samples after rolling (“Rol” condition) the boundaries of original austenite grains
(Figure 5a), elongated in the rolling direction are still observed. Formation of shear bands is distinctly
observed within the grains there. At the boundaries of the original austenite grains and at the shear
band/grain boundary intersections, ledges are seen. A banded structure (Figure 5b,c) is also observed
in some areas. Inside the bands there are wide boundaries dividing grains into cells (Figure 4b–d).
The average cell size amounts to 560 nm. The structure is characterized by an increased dislocation
density. Twins are almost absent. Thus, in the “Rol” condition, the steel is characterized by a banded
cellular structure with a cell size of 560 nm, which does not contain twins.
Figure 5. Microstructure of the austenitic steel after rolling to a total reduction in area of 77%
(“Rol” condition): (a) optical microscopy; (b–d) TEM.
3.2. Mechanical Properties of the Austenitic Steel
The average microhardness value of the austenitic steel in the as-received state consists
(1970 ± 60) MPa (Figure 6). After quenching microhardness declines slightly to a value of
(1820 ± 30) MPa, which is related to the growth of austenite grains, as well as to a more complete
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Figure 6. Microhardness of the austenitic steel after different types of processing.
As a result of microstructure refinement, in the “ECAP” state the average microhardness value
of the steel grows two-fold, reaching (3920 ± 50) MPa. After rolling to 77% without a preliminary
ECAP processing (“Rol”), there is also observed an increase in hardness, very similar to ECAP
processing—to 3800 ± 50 MPa. A combination of ECAP and rolling results in an even greater increase
in microhardness, namely 33%, reaching (5040 ± 40) MPa (Figure 6).
In a similar manner, straining has an effect on the steel's strength as well. Figure 7 shows
the engineering stress-strain curves obtained during tensile tests of the steel samples in different
state. It is obvious that the deformation behavior of the material changes depending of the type of
processing of the steel. The quantitative data on the mechanical properties of the steel in different
state are summarized in Table 2. Peculiar to the quenched condition there is a significant capability
for strengthening: the yield stress is σ0.2 = 200 MPa, the ultimate tensile strength (UTS) is 2.5 times
higher—σult = 720 MPa. The elongation is δ = 65%.
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The steel in the “ECAP” state is characterized by a high value of yield stress σ0.2 = 950 MPa
with a very short period of insignificant strengthening: the uniform elongation is only 1%, the UTS is
σult = 1020 MPa. After that, a rapid strain localization and necking take place, corresponding to the
region with a stress decline in the diagram. The total elongation is δ = 14%. In spite of similar values of
microhardness and yield stress in the “ECAP” and “Rol” states, the deformation behavior of those
differs significantly. In the curve of the rolled sample, there appears a weakly expressed yield drop,
corresponding to the upper yield stress σu = 830 MPa. After that there is observed a yield plateau,
corresponding to the lower (physical) yield stress σl = 800 MPa and the region of weak strengthening.
The UTS is σult = 855 MPa, the elongation to failure is δ = 47%. The highest strength is exhibited by
the samples after the “ECAP + Rol” combined loading. This state is displayed by the curve with a
distinct yield drop. The upper yield stress is σu = 1925 MPa, and the lower yield stress, corresponding
to the yield plateau, is σl = 1700 MPa. The curve does not demonstrate notable strengthening, strain
localization starts as the elongation reaches the value δ = 11%, and the total elongation is δ = 18%.
Thus, the type of deformation processing determines not only the level of properties, but also the
tensile mechanical behavior of the steel.
4. Discussion
Numerous studies on the SPD processing of bulk metallic billets via ECAP have demonstrated that
the increase in hardness and strength is observed after the initial one or two passes, after which further
strengthening becomes much slower [21–23]. Meanwhile, the possibilities for strength enhancement
in a material have not yet been exhausted. This is confirmed by the fact that under processing by
high-pressure torsion, as a rule, the observed hardness values are significantly larger than the ones
that can be attained by ECAP processing [10].
Microstructural features of metallic materials provide activation of the related deformation
mechanisms, which, in their turn, contribute to the strengthening of the given material. Varying SPD
parameters one can purposefully form the targeted features in the produced UFG materials and
put into action the corresponding strengthening mechanisms. In UFG materials produced by SPD,
strengthening can be achieved due to several mechanisms [1–7,23]:
1. Grain-boundary and dislocation strengthening. During the grain refinement the volume fraction
of grain boundaries, which are an efficient impediment for dislocation movement, significantly
increases. For the formation of new strain-induced boundaries, dislocation generation in various
slip systems is necessary.
When analyzing the types of loading realized in the course of SPD, it is necessary to mention two
distinctive features typical of SPD processing:
a. a high hydrostatic constituent, which is especially significant in high-pressure torsion,
but present in all deformation techniques;
b. an essential non-monotony of strain, typical for most SPD techniques, such as ECAP or
multiple forging.
Both of these features enable activating additional slip systems, thus leading to an increase in
dislocation density, formation of new interfaces and microstructure refinement.
2. Solid-solution strengthening and precipitation hardening. These mechanisms are competing ones,
since as a result the alloying of a solid solution, the corresponding strengthening grows, but the
amount of dispersed particles (providing precipitation hardening) decreases. The contribution
of these constituents to strengthening is determined primarily by the deformation temperature.
It has been shown [24,25] that at room temperature the dissolution of second-phase particles
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3. Formation of segregations at grain boundaries. This process is also connected with the solid
solution decomposition during SPD and a transfer of solute atoms to the boundaries. The action
of this mechanism is also thermally dependent: at room temperature no segregations were
observed, and at elevated temperatures the formation of the grain boundary segregations was
shown [5,26].
4. Formation of twins. For a number of materials, including austenitic steels, it is typical that
nanotwins form during SPD processing. The high-angle boundaries of nanotwins are also
impediments for dislocation movement and, consequently, they provide additional strengthening.
Twinning may be activated when possibilities for slip are limited. When the scheme of the
stress-strain state is changed (in this particular case, by changing the type of loading), the
direction of action of the maximum tangential stresses changes with respect to the sample's axis.
As a result of such a change, new slip systems should be activated, and the activation of twinning
is also possible.
Thus, a change in the loading scheme may activate at least several of the above-mentioned factors
of strengthening: an increase in dislocation density, grain refinement and an increase in the fraction of
twins. These conclusions are confirmed by studies conducted on various materials. For instance, in [17],
in the Al alloy 5083 after ECAP processing and additional compression, imitating rolling conditions,
an increase in dislocation density was observed. An enhancement of strength after ECAP-Conform
processing and compression of Ti [15], after ECAP processing and rolling of Cu [16], was accounted
for by the formation of additional low-angle boundaries within grains and a transformation of the
low-angle boundaries into high-angle ones. This conclusion is also consistent with the studies on the
microstructure of austenitic steel in different states reported in the present study (see Table 3).












ECAP 1.28 × 1014 350 60 5 75
ECAP + Rol 7.19 × 1014 110 10 14 30
Rol 4.27 × 1014 560 80 - -
Comparison of the microstructural parameters of steel in different states demonstrates that the
size of structural elements considerably decreases as compared with the “ECAP” and the “Rol” states
as a result of combined loading. This leads to a considerable increase in the density of grain boundaries.
Let us consider a generalized dependence of yield stress on grain size in terms of the Hall-Petch
relation, presented on the basis of literature data in Figure 8.
The results obtained in the present study are also presented in the graph. It can be seen that
the points corresponding to the “ECAP” or “Rol” states have a certain deviation from the line
summarizing literature data towards larger values of yield stress. Moreover, the point corresponding
to the “ECAP + Rol” condition is located much higher than expected in accordance with the
Hall-Petch relation.
As considered above, strengthening of nanostructured steels is provided not only by grain size.
For austenitic steels, additional strengthening is introduced by the dislocation mechanism, as well as
by twin boundaries, as was demonstrated in [6]. In the general case, the contributions of different
mechanisms follow linear additivity [2,3,5–7,23]:
Δσy = ΔσFS + ΔσSS + Δσ + ΔσGB
where σFS is the friction stress of γ-iron’s lattice; ΔσSS is solid-solution strengthening; Δσ is dislocation
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Let us estimate the contribution of these mechanisms into the yield stress of the investigated steel
in each state.
Figure 8. Hall-Petch relation for chromium-nickel austenitic steels, built on the basis of literature
data [6,27–34] (back marks) and the results of the present study (red marks).
The lattice friction stress and solid solution hardening can be defined from the Hall-Petch relation,
displayed in Figure 8, as the stress corresponding to the infinitely large grain size. In the given case,
it is Δσ0 = 195 MPa.
Dislocation strengthening can be estimated according to:
Δσ = αMbG1/2
where α = 0.3 is a constant; M = 3.05 is the Taylor factor; G = 77 GPa is the shear modulus and
b =
√
2a/2 is the Burgers vector for the investigated steel.
Let us define additional grain-boundary strengthening, taking into account the presence of twins,
as [6]:
ΔσGB = (1 − f ) kyd−1/2 + f kyλ−1/2
where f is the fraction of grains with twins; ky = 0.3 MPa·m1/2 is a constant derived from the
dependence in Figure 8; d is the average grain/cell size; λ is the average twin spacing.
The results of the analysis are given in Table 4.





ValueΔσd Δσtw Δσd + Δσtw
ECAP 202 481 55 536 933 950
ECAP + Rol 480 778 242 1020 1688 1700
Rol 370 401 - 401 771 800
The calculated yield stress values are very close to the experimental ones. Microstructural studies
and the presented estimations show that strength enhancement of the steel under a combined loading
is provided predominantly by the grain-boundary hardening contribution in accordance with the
Hall-Petch equation. Besides, unlike in ECAP processing, no twins were observed in the structure of
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increases even compared to the “ECAP” state, and this component also notably contributes to the
steel’s strengthening (see Table 4). The dislocation contribution into yield stress grows almost two-fold.
In addition to further strengthening, the combined “ECAP + Rol” loading also has an effect on the
steel’s deformation behavior, which is principally different not only from the quenched state, but also
from the steel's behavior in the “ECAP” and “Rol” states. In the quenched state, the microstructure
is characterized by a small density of grain boundaries and wide twins. After straining dislocation
density increases, and as a result, an extensive region of strengthening and a high value of ductility are
observed in the curve. In the “ECAP” state the stress-strain curve is typical for materials subjected to
SPD—the maximum stress is achieved at early deformation stage, then rapid localization of strain and
failure occur.
After “ECAP + Rol” treatment, a distinct yield drop is observed in the curve. Its appearance could
be caused by segregations. The formation of segregations during elevated temperature SPD processing
was found in recent years in SPD alloys, including austenitic steels [6]. In the samples after rolling,
the appearance of a weakly expressed yield drop could indicate the formation of segregations or
atmospheres pinning dislocations. Evidently, the formation of a UFG structure with a high density of
grain boundaries during ECAP processing stimulates segregation formation during subsequent rolling,
which is expressed in the yield phenomenon observed in the curve. The contribution of segregations
can be estimated as the difference between the upper and the lower yield stresses, which amounts
to 225 MPa for the steel in the “ECAP + Rol” condition. However, this issue requires an additional
detailed study.
It should be noted that the steel after “ECAP + Rol” is characterized by rather high values of
both uniform (11%) and total (18%) elongation. This may also be related to the pinning of dislocations
by atmospheres or segregations of solutes: after the disruption of the blocking of a large quantity of
dislocations, their free movement is possible, thus ensuring an additional deformation of the sample.
Thus, the application of the combined “ECAP + Rol” technique results in a considerable growth
in the density of grain boundaries and increases the dislocation density and fraction of twins in the
microstructure, which enables enhancement of the strength characteristics, while at the same time
preserving the ductility of the UFG austenitic steel.
5. Conclusions
(1) A combination of SPD processing and a conventional metal forming technique for the rolling of
austenitic steel leads to a further refinement of a homogeneous UFG cell-granular microstructure
with a high density of grain boundaries and a large fraction of twins.
(2) As a result, the tensile mechanical behavior of the UFG steel samples produced by the combined
“ECAP + Rol” loading changes—it exhibits a yield drop, to which corresponds the upper yield
stress of 1925 MPa, as well as a yield plateau, and the yield stress amounts to 1700 MPa.
The obtained values of strength are 1.5 times higher than the values of yield stress obtained when
using only the ECAP technique (950 MPa) or only rolling (~815 MPa). Besides, in the UFG sheet
produced by combined loading, a rather reasonable level of ductility is preserved: a uniform
elongation of 11% and a total elongation of 18%.
(3) The enhancement of the strength characteristics is achieved as a result of a combined action of
several strengthening mechanisms: grain-boundary strengthening, dislocation strengthening,
twinning-induced strengthening and, presumably, strengthening due to the formation of solute
segregations in grain boundaries.
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Abstract: The structural evolution and segregation in a dual alloy made by electroslag remelting
(ESR) was investigated by various analytical techniques. The results show that the macrostructure of
the ingot consists of two crystallization structures: one is a quite narrow, fine, equiaxed grain region
at the edge and the other is a columnar grain region, which plays a leading role. The typical columnar
structure shows no discontinuity between the CrMoV, NiCrMoV, and transition zones. The average
secondary arm-spacing is coarsened from 35.3 to 49.2 μm and 61.5 μm from the bottom to the top of
the ingot. The distinctive features of the structure are attributed to the different cooling conditions
during the ESR process. The Ni, Cr, and C contents markedly increase in the transition zone (TZ) and
show a slight increase from the bottom to the top and from the surface to the center of the ESR ingot
due to the partition ratios, gravity segregation, the thermal buoyancy flow, the solutal buoyancy flow,
and the inward Lorentz force. Less dendrite segregation exists in the CrMoV zone and the transition
zone due to a stronger cooling rate (11.1 and 4.5 ◦C/s) and lower Cr and C contents. The precipitation
of carbides was observed in the ingot due to a lower solid solubility of the carbon element in the
α phase.
Keywords: structure; segregation; electroslag remelting; dual alloy; transition zone
1. Introduction
With the increase in power generation efficiency of single-cylinder steam turbines using a
combined cycle, the rotor produced by the traditional bolted high/intermediate pressure-low pressure
shaft has unmet needs. Compared with the traditional bolted shaft, the dual alloy shaft can provide
a significant improvement in power generating efficiency. The manufacture of a dual alloy shaft via
welding technology requires a long production cycle. Electroslag remelting (ESR) has the advantage
of producing dual alloy ingots, which can improve the dual alloy single shaft yield and quality.
During the production process, two pre-melted steel rods containing different alloy compositions are
connected via welding to form a single electrode, and the single electrode is then remelted with ESR
technology [1].
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In the ESR process, a Joule heating created by the alternating current travelling through the highly
resistive molten slag is sufficient to melt the electrode. Then, metal droplets are formed at the electrode
tip. Due to the higher density, the metal droplets pass through the liquid slag layer and form a liquid
metal pool in the water-cooled mold, which can purify liquid metal. With the heat transferring to the
mold, the liquid metal is solidified to forming an ingot. Furthermore, a Lorentz force is created by the
interaction between the self-induced magnetic field and the current [2]. The final quality and properties
of the ingot strongly depend on the microstructure forming during the solidification process.
In order to obtain a high quality ESR dual alloy ingot, it is necessary to achieve a narrow chemical
transition zone (TZ) of the ingot and maintain a continuous structure in TZ because a distorted
chemical transition zone and discontinuous structure might increase the risk of running the rotor
at high temperature due to thermal expansion mismatch [3]. The structure of an ESR ingot mainly
consists of columnar grains and equiaxed grains. The grain growth direction and the secondary
dendrite arm spacing (SDAS) are the most important macro- and microstructure factors for ingot
quality. The grain growth direction is generally defined by the grain growth angle, which is the angle
between the primary dendrites of the grain and the axis of the ingot [4]. Practice has shown that ESR
ingots with a small grain growth angle can exhibit improved hot forging performance [5]. Enormous
mathematical models and experiments [4–7] have confirmed that the local temperature gradients
and solidification conditions have a vital effect on the structure of ESR ingots. However, the subtle
differences of the structural evolution in different zones of ESR dual alloy ingot have rarely been
reported. Macrosegregation is one of most common and serious defects in ESR ingots that occurs in the
solidification process because of the uneven distribution of the solute in the liquid and solid phases [2].
Dendrite segregation is also common in ESR ingots due to interdendritic elemental enrichment [7].
Some researchers have used mathematical models to study the element redistribution in ingots [8,9].
The solute transport in the ESR process is dominated by the combined effect of the Lorentz force, the
solutal buoyancy, and the thermal buoyancy. However, the experimental research of the segregation in
different zones of the ESR dual alloy ingot is also relatively lacking.
Because of these factors, the authors were motivated to experimentally explore the underlying
mechanism of the evolution of the structure and segregation of ESR dual alloy ingots in detail.
The subtle differences of the structures and segregation in different zones (CrMoV zone, the TZ, and
the NiCrMoV zone) of an ESR ingot were determined. This work is designed to provide fundamental
research for the structure and segregation of ESR dual alloy ingots, providing basic knowledge for the
manufacture of the dual alloy rotor for use in steam turbines.
2. Experimental Section
2.1. Experimental Apparatus and Method
The experiment was carried out using a laboratory-scale electroslag furnace (Herz, Shanghai,
China) with a copper mold under an open air atmosphere. The inner diameter, the lateral wall
thickness, and the height of the mold were 120, 65, and 600 mm, respectively. The weight of the
ESR ingot was about 35.5 kg in the present experiment. The electrode was comprised of two pieces
of pre-melted bars, and connected via welding. The upper part was an NiCrMoV alloy bar (Elec.
NiCrMoV), and the lower one was an CrMoV alloy bar (Elec. CrMoV). The chemical composition
of the consumable electrode is displayed in Table 1, which was examined by the ICP-AES (Tailun,
Shanghai, China), the carbon and sulfur analyzer (Jinbo, Wuxi, China), and the oxygen and nitrogen
analyzer (LECO, St. Joseph, MO, USA). The slag was composed of 70 mass pct calcium fluoride
and 30 mass pct aluminum oxide. The weight and the thickness of the slag layer were 2.3 kg and
about 60 mm, respectively. The root-mean-square value and frequency of the alternating current were
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Table 1. Chemical composition of consumable electrode used in present experiment (wt %). Elec.:
Electrode, T.: Total.
Electrode C Mn Si P S Cr Ni Mo Al Ti T.[O]
Elec.
NiCrMoV 0.106 1.67 0.37 0.018 0.039 16.28 7.45 0.117 0.009 0.012 0.0156
Elec. CrMoV 0.074 3.94 0.40 0.020 0.011 12.25 5.85 0.14 0.014 0.008 0.0121
2.2. Specimen Preparation and Analyzing Methods
The dual alloy ingot was equally split into two parts along the length using wire-electrode cutting.
Steel filings were obtained by drilling along the longitudinal centerline of the section every 20 mm,
and along the transverse radius every 15 mm for C, Cr, and Ni analysis, as shown in Figure 1. The Ni,
Cr, and C contents in the ingot were analyzed with the ICP-AES and the carbon and sulfur analyzer.
Three slices were taken from the upper (NiCrMoV), middle (TZ), and lower parts (CrMoV) of the
ingot, and three 6 × 6 × 6 mm3 specimens A (NiCrMoV), B (TZ), and C (CrMoV) were then sampled
from three slices, respectively (Figure 1). The NiCrMoV zone, the TZ (transition zone), and the CrMoV
zone were decided according to the composition profile along the ESR ingot axial. Another part
of the ingot was ground, polished, and finally etched via aqua regia for a certain time. Figure 2
illustrates the macrostructure of the dual alloy ingot. The three specimens were etched at 75 ◦C in
a picric acid solution for metallographic observation by optical microscopy (OM, Carl Zeiss, Jena,
Germany), then ground, polished, and etched via aqua regia for determining dendrite segregation
via scanning electron microscopy (SEM, FEI, Hillsboro, OR, USA) coupled with energy dispersive
spectrometer (EDS, Oxford Instruments, Oxford, UK). A carbon replica specimen was examined in a
transmission electron microscopy (TEM, JEOL, Tokyo, Japan) operating at 200 kV for selected-area
electron diffraction (SAED) analysis to observe the precipitates.
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Figure 2. (a) The polished ESR ingot; (b and c) the macrostructure of the ESR ingot etched via aqua
regia; (c) over-etched to show the macrostructure of the ESR ingot. The red frame and blue line in (b)
mean vertical columnar grain and growth direction of inclined columnar grain, respectively.
3. Results and Discussions
3.1. Macro- and Microstructure Evolution of Steel Ingot Made via the Electroslag Remelting (ESR) Process
Two structures of the crystal are shown in Figure 2b—one is a quite narrow, fine, equiaxed grain
region at the edge, and the other is a columnar grain region, which plays a leading role. The typical
columnar structure shows no discontinuity between the CrMoV zone, the NiCrMoV zone, and the
transition zone (Figure 2b,c). A thin layer of the equiaxed grain is located under the ingot surface, and
the columnar grain grows inside the ingot. The columnar grain nucleates at the bottom and grows
upward (inside the frame in Figure 2b). Meanwhile, the columnar grain nucleated at the lateral wall
grows in a certain angle. After a period of growth, the two columnar grains would meet each other, and
the inclined columnar grain hinders the growth of the vertical columnar grain. The inclined columnar
grain continuously grows to the center of the ingot, which forms an inverted chevron structure with an
angle ranging from 30◦ to 37◦ (from Angle 1 to Angle 2 in Figure 2b) with respect to the vertical axis.
The columnar grain at the top is almost perpendicular to the vertical axis. After longer time etching,
the CrMoV zone is darker than the TZ and the NiCrMoV zone due to the lower Cr and Ni contents
(Figure 2c). The variation in optical microstructure at different positions (A, B, and C) throughout the
cross section of the ESR ingot is shown in Figure 3a–c. The dendritic structure is formed throughout
the cross section, which gradually becomes coarsened from the bottom (Figure 3c) to the top (Figure 3a)
of the ingot. The secondary dendrite arm-spacing (SDAS) measured at the bottom, middle and top of
the ingot is shown in Figure 3d. The average SDAS is the average of four SDAS’s at three sampling
points. The average SDAS throughout the section at the bottom, middle, and top parts of the ingot are
35.3, 49.2, and 61.5 μm, respectively. The cooling rate (CR/ ◦C/s) can be calculated by Equation (1) as
follows [10]:
λS(μm) = (169.1 − 720.9 · [%C]) · C−0.4935R (0 < [%C] ≤ 0.15) (1)
According to Equation (1), the cooling rates of the bottom, middle and top parts of the ingot are
11.1, 4.5, and 2.3 ◦C/s, respectively. This indicates that the cooling intensity decreases from the bottom
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Figure 3. Optical micrographs of the (a) Spec. A, NiCrMoV, (b) Spec. B, transition zone (TZ), and
(c) Spec. C, CrMoV in the ESR ingot; (d) secondary dendritic arm spacing at different positions (A, B,
and C) of the ESR ingot.
3.2. Macrosegregation of the ESR Ingot
The distributions of Ni, Cr, and C concentrations along the vertical centerline and radius in the
ESR ingot are shown in Figure 4. Figure 4a indicates that the Ni, Cr, and C contents markedly increase
in the transition zone until they reaches the nominal concentration of Elec. NiCrMoV. It can be seen
from Figure 4b that the Ni, Cr, and C contents at the middle of the ingot are higher than those at
the surface.
Figure 4. Ni, Cr, and C concentration distributions along (a) the longitudinal centerline and (b) the
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In our previous work, we studied the fluid flow during the ESR process [1,9,11]. The metal
droplets formed at the electrode tip sink through the slag layer to form a crescent-shaped molten metal
pool in the mold, which is deep in the center of the ingot and becomes shallow gradually outward
along the radius. Figure 5 illustrates the flows of the molten slag and metal pools during the ESR
process. The flow in the metal pool is induced by the thermal buoyancy and the Lorentz forces [12,13].
The metal near the mold is cooled by the water through the mold, resulting in a lower temperature
and higher density. Then, the hot metal will float up and the cold metal will sink down, and a circular
flow is formed in the vicinity of the water-cooled mold due to the thermal buoyancy flow. The large
temperature difference at the solidification front also gives rise to a clockwise circular flow. The cool
metal moves down along the inclined solidification front and washes out the solidifying mushy zone.
Around the base of the metal pool, the cooling intensity decreases and the hot metal turns up toward
the slag–metal interface and then back to the mold wall. Furthermore, according to Faraday’s law
of electromagnetic induction, the downward current would induce a clockwise circular magnetic
field (looking down from the top). The interaction between the downward current and the clockwise
magnetic field creates an inward Lorentz force, which also pushes the metal from the periphery to
the bottom.
Figure 5. Schematic of the flows of the molten slag and metal pools in the ESR process.
The solute elements Ni, Cr, and C become enriched in the mushy zone in Ni, Cr, and C because of
their partition ratios (kNi = 0.94, kCr = 0.76, and kC = 0.34) [14] between solid and remained liquid alloy,
which are less than 1. In addition, the density of C (ρC = 1800 kg/m3) and Cr (ρCr = 6900 kg/m3) is
lower than that of iron (ρFe = 7500 kg/m3) [15], resulting in the so-called gravity segregation, with
higher Cr and C contents in the liquid. Due to the clockwise circular flow at the solidification front,
the solute-poor (Ni, Cr, and C) metal in the pool displaces the solute-rich metal through washing the
mushy region. Furthermore, the solute enrichment increases the metal density and thus promotes the
sinking of the liquid metal [16,17]. As a result, the Ni, Cr, and C accumulate at the base of the pool and
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concentration region at the outer layers of the ingot, where solidification occurs first and Ni, Cr, and
C are depleted. The solute transport during the ESR process is dominated by the Lorentz force, the
thermal and solutal buoyancy forces, and the gravity segregation.
3.3. Microsegregation and Precipitates of the ESR Ingot
Figure 6 shows the SEM micrograph of the dendrite segregation in the ESR ingot. It indicates
that severe dendrite segregation occurs in interdendritic areas. In order to analyze the solute-rich
elemental distribution in interdendritic areas of the ESR ingot, the SEM micrograph and corresponding
elemental line scanning image of the interdendritic areas are presented in Figure 7. It reveals that
Cr and C elements are enriched in interdendritic areas, whereas the Ni element exhibits a slight
decrease (Figure 7b). During the solidification of the ingot, the interdendritic areas enrich carbon
and chromium [7], which always form larger carbides (Figure 7a) due to severe dendrite segregation.
Furthermore, SEM analysis was conducted to reveal the dendrite segregation distribution in Specimens
A (NiCrMoV), B (TZ), and C (CrMoV). The magnified micrographs of the specimens are presented in
Figure 8a–c, indicating that dendrite segregation becomes severer from the bottom to the top of the
ingot. This is the result of different cooling intensities and Cr and C contents. Less dendrite segregation
exists in the CrMoV zone and the TZ due to stronger cooling rates (11.1 and 4.5 ◦C/s) and lower Cr
and C contents.
Figure 6. Scanning electron microscopy (SEM) (a) low magnification and (b) high magnification
micrographs of interdendritic segregation in the ESR ingot.
Figure 7. (a) SEM micrograph and (b) elemental line scanning images (Cr, C, Ni, and Fe) of
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Figure 8. SEM images of dendrite segregation distribution in the (a) Spec. A, NiCrMoV, (b) Spec. B,
TZ, and (c) Spec. C, CrMoV.
The SEM micrograph and EDS spectral image of precipitates observed in the ESR ingot are shown
in Figure 9. Figure 9a shows that precipitates distribute randomly, and the size of the big precipitates is
up to about 40 μm. The corresponding EDS analysis reveals the precipitates mainly consist of C, Cr, Ni,
and Fe (Figure 9b). In order to analyze the precipitates in detail, TEM analysis were conducted to reveal
the crystal structure of the precipitates. Figure 10 shows the TEM micrograph and the corresponding
SAED patterns of the precipitates. According to the analysis of the SAED, the spots (311) and (242)
correspond to M23C6 with an FCC crystal structure in Figure 10b. The M23C6 carbide is common
in high chromium steel [18]. In the present work, the ingot contains 0.074%–0.106% carbon, and it
belongs to hypoeutectoid steel. During the solidification of the ingot, the γ phase transformed to
the α phase and the solid solubility of carbon in the α phase was lower, which resulted in carbon
enrichment. Enriched carbon always combines with Cr or another alloying element to form large
carbides. Fine M23C6 carbides can improve the strength and toughness of steel by the mechanism of
precipitation strengthening [18]: (1) pinning the grain boundary and hindering the movement of grain
boundaries; (2) confining the creep cavity between the precipitated phase, making it difficult to grow,
prolonging the rupture time; and (3) changing the solid solution of the two sides of the grain boundary,
improving the sliding ability of dislocation near the grain boundary, improving the plasticity of the
grain boundary, and eliminating notch sensitivity. However, the massive precipitates easily form the
crack source and reduce the strength of the matrix. In the present work, the some precipitates are
massive, which is detrimental to the strength of the matrix. The dimensions of M23C6 in the ESR
ingot were larger than those of the carbides generated by the thermal treatments as reported in the
literature [19,20]. This indicates that an appropriate heat treatment process is expected to eliminate the
severer dendrite segregation and dissolve the massive carbides. Otherwise, the massive carbides and
severer dendrite segregation would stay and distribute in the structure.
Figure 9. (a) SEM micrograph and (b) energy dispersive spectrometer (EDS) images of precipitates
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Figure 10. Transmission electron microscopy (TEM) micrograph and the corresponding selected-area
electron diffraction (SAED) patterns of the precipitates: (a) TEM micrograph of the precipitate; (b) the
diffraction pattern of M23C6 carbide.
4. Conclusions
The following conclusion can be drawn from the present study.
(1) Two crystallization structures were observed in the ESR ingot: one is a quite narrow, fine, equiaxed
grain region at the edge of the ingot, and the other is a columnar grain region, which plays a
leading role. The typical columnar structure shows no discontinuity between the CrMoV zone,
the NiCrMoV zone, and the transition zone. The average second arm-spacing is coarsened from
35.3 to 49.2 μm and 61.5 μm from the bottom to the top of the ingot. The distinctive features of
the structure are attributed to different cooling conditions during the ESR process.
(2) The Ni, Cr, and C show a slight increase from the end to the top and from the surface to the
center of the ESR ingot due to the partition ratios, gravity segregation, the thermal buoyancy flow,
the solutal buoyancy flow, and the inward Lorentz force. The Ni, Cr, and C contents markedly
increase in the transition zone until it reaches the nominal concentration of Elec. NiCrMoV.
(3) Severe dendrite segregation was observed in the ESR ingot, which becomes severer from the
bottom to the top of the ingot. Less dendrite segregation exists in the CrMoV zone and the
transition zone due to a stronger cooling rate (11.1 and 4.5 ◦C/s) and lower Cr and C contents.
The precipitation of carbides was observed in the ESR ingot due to a lower solid solubility of the
carbon element in the α phase. The massive carbides are detrimental to the strength of the matrix.
An appropriate heat treatment process is expected to eliminate the severer dendrite segregation
and dissolve the massive carbides. The result of the present work provides a reference for the
manufacture of the dual alloy rotor to be used in steam turbines using a combined cycle, which
would provide significant improvements in power generating efficiency.
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Abstract: This study forms part of the current research on modern steel groups with higher resistance
to abrasive wear. In order to reduce the intensity of wear processes, and also to minimize their impact,
the immediate priority seems to be a search for a correlation between the chemical composition
and structure of these materials and their properties. In this paper, the correlation between prior
austenite grain size, martensite packets and the mechanical properties were researched. The growth
of austenite grains is an important factor in the analysis of the microstructure, as the grain size has an
effect on the kinetics of phase transformation. The microstructure, however, is closely related to the
mechanical properties of the material such as yield strength, tensile strength, elongation and impact
strength, as well as morphology of occurred fracture. During the study, the mechanical properties
were tested and a tendency to brittle fracture was analysed. The studies show big differences of the
analysed parameters depending on the applied heat treatment, which should provide guidance to
users to specific applications of this type of steel.
Keywords: boron steels; austenite grain size; impact strength; fracture; tensile strength
1. Introduction
The grain size has a measurable effect on most of the mechanical properties. For example, at room
temperature, the hardness, yield strength, tensile strength, fatigue strength, and impact strength all
increase with decreasing grain size. The influence of grain size on the mechanical properties of steel is
most commonly expressed in a Hall-Petch Equation (Equations (1) and (2)) [1–4]. This classic equation
can also be used to predict hardness. A similar equation applies to the brittle cracking (cleavage
fracture stress, σf) of high-strength steels (Equation (3)). According to this criterion, increase in the
grain size eases the cracking process, because the greater the number of dislocations that pile up, the
less stress is required for crack development [5].






σ0 the friction resistance for dislocation movement within the polycrystalline grains;
ky a measure of the local stress needed at a grain boundary for the transmission of plastic
flow—unpinning constant;
d the average grain size.
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G modulus of rigidity (shear);
b Burgers vector (dependent on the type of crystal lattice);
q geometrical factor (dependent on the type of crystal lattice);
τb critical stress required for passing the slide through the grain boundary [2].















γ surface energy of a crack;
ν Poisson’s ratio.
However, Morris [4] noticed that the Hall-Petch equation is not unequivocal for martensitic steels.
Some studies concerning the influence of the prior austenite grain size on the austenite to ferrite
transformation temperature and different ferrite morphologies in Nb-micro-alloyed (HSLA) steel
have been performed [6]. Similar studies have been performed to investigate the impact of the prior
austenite grain size on the morphology and mechanical properties of martensite in medium carbon
steel [3] and to predict the austenite grain growth in low-alloy steels [7], but there is still a lack of
knowledge about the influence of the prior austenite grain size on the basic mechanical properties in
low-alloy boron steels with high resistance to abrasive wear.
In recent times, in various industries, increasingly frequent attempts have been made to increase
the durability of machine elements by applying boron to the construction of a low-alloy, high-strength
steel. This group of materials includes, among others, constant Hardox. By using the advanced
technology of their production, these steels achieve high abrasive wear resistance in combination with
high strength and a sufficient toughness. Due to the fact that the technologies used in industrial
conditions require the structural materials to be tolerant of complex thermal or thermal-plastic
processes, an important factor determining the properties of these materials is the austenite grain size.
So far, the knowledge of these advanced steels is not sufficient, and publicly available information
about them is mere advertising. Therefore, an analysis of the growth of austenite grains in these steels
according to the austenitizing temperature in order to prevent the degradation of their very favorable
mechanical properties appears to be justified. These steels are exposed to the degradation of their
favorable properties due to the thermal processes used for assembling components made of these
steels. Therefore, it is important to control the grain size of these steels during their thermal treatment.
This study analyzed the growth of austenite grains in, for example, Hardox 450, which is widely used
in industry.
Another very important issue, from the point of view of the impact resistance level achieved in
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transformation in the low- and medium-carbon steels, martensite initially nucleates in random areas
of austenite grain, and its growth takes place afterward [8]. A martensite area created in this way, after
reaching the grain boundary, may initiate further development of martensitic areas in neighbouring
grains, according to the analogous variant. The whole process is autocatalytic in character. It results
from the way of passing stress (through the grain boundaries) caused by the greater specific volume of
martensite in relation to austenite. Accordingly, it can be stated that the greater degree of heterogeneity
of crystallographic orientation variants of the formed martensite corresponds to a larger number
of initial nuclei [8–10]. A characteristic feature of martensite created in this way is the three-level
hierarchy of morphology, consisting of laths, blocks, and packets. The laths of martensite, creating a
block, have the same crystallographic orientation and thus represent the same variant of the martensite
structure formed. By contrast, the packets are created by clusters of blocks of the same habitus plane,
corresponding to the plane {111}γ of the primary austenite. In the simplified version of considerations
(neglecting the chance of separate blocks of martensite of the same variant appearing in one austenite
grain), it can be stated that, in the single packet blocks of martensite, a maximum of six variants may be
present. This results from six possible crystallographic directions within one plane {111} of austenite,
of which austenite has four. In relation to that, in a single grain of prior austenite, 24 different variants
of martensite may appear simultaneously at the wide-angle inter-block boundaries [1,11].
From the point of view of the static strength and the impact resistance of the low- and
medium-carbon steel, their direct dependence on the size of blocks and packets, which constitute the
effective dimensions of the martensitic structure in the meaning of the Hall-Petch relationship, has to
be underlined. From the data contained in the works [1–3], decrease in the grain size of the primary
austenite (and thus the reduction of the martensite packets sizes) from 200 μm to 5 μm results in an
increase in strength of 235 MPa and an eight-fold increase in steel impact resistance. In relation to the
above, in the opinion of the authors of this work, it is worth analyzing the morphology and size of the
packets of martensitic structure while considering the impact of the grain size of the prior austenite on
the selected mechanical properties of low-alloy steels with boron.
2. Materials and Methods
For the tests, Hardox 450, a material from a group of low-alloy boron steels with a high resistance
to abrasive wear, was selected [12–15]. All samples were taken from the longitudinal direction relative
to the sheet rolling direction. The chemical composition and mechanical properties of the analyzed
material (according to the manufacturer’s data and the research data) are presented in Tables 1 and 2.
The plate thickness was 30 mm. Chemical composition analysis was performed with a spectral method
using a glow-discharge spectrometer. The content of oxygen and nitride was measured using a
NO determinator.
Table 1. Selected mechanical properties of the investigated steel in the as-received condition. KCV:
notched impact strength.
Mechanical Properties Rp0.2 (MPa) Hardness (HB) KCV−20 (J/cm2)
Manufacturer’s data [12] 1100–1300 425–75 27
Table 2. Chemical composition of the investigated steel.
Element (wt %) C Mn Si P S Ni Cr V Al Ti
Content of
elements 0.223 1.32 0.489 0.009 0.004 0.044 0.784 0.004 0.035 0.02
Element (wt %) Nb B Cu Co Mo As Pb O N
Content of
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The metallographic studies were performed using a light microscope (Nikon Corporation, Tokyo,
Japan). The microstructure in the as-received condition of the investigated steel is presented in
Figure 1. The tested material in the as-received state showed a structure of low-carbon martensite.
The martensitic microstructure exhibits a high homogeneity and some features that can be described
as being similar to tempered martensite, with precipitates of some non-metallic inclusions like
titanium nitrides.
Figure 1. The microstructure of the investigated low-alloy boron steel with a high resistance to abrasive
wear in the as-received state. Etched state, light microscope.
Samples were austenitized for a holding time of 20 min at temperatures of 900, 1000, 1100, and
1200 ◦C and then quenched in water. After each heat treatment, the samples of the prior austenite grain
were tempered at 250 ◦C for 30 min, in order to retain the detail of the austenite microstructure and to
allow identification of the prior austenite grain boundaries. The samples were etched with 5% picric
acid at a temperature of 55 ◦C in accordance with the standard PN-H-04503:1961P. The measurements
of the austenite grain size were performed using the program NIS Elements. Each average austenite
grain size was evaluated from 100 measurements.
Packet size was measured using the linear intercept method on SEM images. About 100 martensite
packets in each sample were measured to obtain the average packet size.
In order to determine the impact of heat treatment on the basic mechanical and plastic properties
of the tested steel, tensile testing was conducted at ambient temperature, based on the valid standard
PN-EN ISO 6892-1:2010 (metallic materials—tensile testing). The research was carried out on an
Instron 5982 machine (Instron, High Wycombe, UK) using an extensometer to measure elongation.
Proportional rectangular samples were tested with an original gauge length of L0 = 35 mm. Testing
rates were based on stress rate (Method B according to the ISO Standard 6892). Within the elastic and
plastic range up to the yield strength, the strain rate was 0.002 1/s; after the yield strength, the stress
rate exceeded 25 MPa/s until fracture occurred. The following mechanical properties were determined:
non-proportional extension (yield strength, Rp0.2), tensile strength (Rm), percentage elongation after
fracture (A), and percentage reduction of area (Z).
In order to determine the value of the absorbed energy (KV), the notched impact strength (KCV),
and the type of fracture related to the austenitic temperature, a Charpy impact test was performed. The
study was performed in accordance with Standard PN-EN ISO 148-1:2010 (Metallic materials—Charpy
pendulum impact test) on the Zwick Roell pendulum hammer RPK300 (Zwick Roell Gruppe, Ulm,
Germany) using an initial energy of 300 J. Standard samples, V-notched to a depth of 2 mm, were
tested. The tests were carried out after the samples were cooled to −40 ± 2 ◦C and conditioned for
15 min in a mixture of liquid nitrogen and isopropanol. The temperature was monitored using a
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for all samples was less than 5 s. Fractographic analysis was performed using a stereo microscope
(Nikon Corporation, Tokyo, Japan) and SEM (JEOL Ltd., Tokyo, Japan).
Samples for mechanical research were cut in the longitudinal direction to the rolling direction.
3. Results
3.1. Austenite Grain Growth Analysis
A comparison of the austenite grain size attained after changing the temperature from 900, 1000,
1100, and 1200 ◦C for 20 min is presented in Figures 2 and 3.
Figure 2. Austenite grain size (a) in the as-received state and at different austenitizing temperatures;
(b) as an Arrhenius plot.
The austenite grain growth with increasing austenitizing temperature was approximated with
a quadratic function at the level of correlation R2 = 0.96. An approximation of the results with this
model is consistent with the model shown in [8].
The measurement results of austenite grain size in the as-received state are shown in Figure 3a.
The sample in the as-received state is characterized by the lowest grain size. The values vary within
the range 6–38 μm. The average value is approximately 18.0 ± 7.8 μm. The manufacturer did not
provide details of heat treatment in addition to information about hardening and tempering [12].
The distribution was approximated with a logarithmic normal model. This model is similar to the
distribution of austenite grains size presented in [16]. Almost 50% of the measurements are grains
with a diameter of 10–20 μm. Abnormal grains were not observed (Figure 4a).
The austenitizing process at a temperature of 900 ◦C caused an increase in the average grain size
by nearly 60%, compared to the as-received state. The size varies between 12 and 58 μm. The average
value is 28.5 ± 12.8 μm. Again, abnormal grains were not observed (Figure 4b). The measurement
results are approximated with a logarithmic function. The most common diameters of grains were
across the ranges 11–18 μm and 32–39 μm (Figure 3b).
During the austenitizing at 1000 ◦C, the minimum measured grain size was approximately 13.5 μm.
This value is more than 2 times higher than that measured in the as-received state (i.e., 6 μm). The
average grain size is 35.0 ± 15.7 μm. Grains from 10 to 19 μm constitute 24% (Figure 3c). However, a
higher frequency of grains in the range of approximately 60–70 μm is found (Figure 3c). The frequency
of occurrence of each austenite grain size cannot be approximated with any mathematical model.
Austenitizing at 1100 ◦C caused the appearance of clearly abnormal austenite grains. Their
maximum size ranged from 211 to 296 μm (Figure 4d). They were not included in the calculation of the
average grain size. Grain sizes in the ranges of 50–69 μm and 107–126 μm occurred more frequently
than others (Figure 3d). The average size of the austenite grains is 93.3 ± 38.4 μm.
The structure obtained after austenitizing at 1200 ◦C is significantly different from the others
(Figure 4e). There is a strong grain growth, and the fine-grained regions disappear. The average grain
size is 123.7 ± 56.5 μm. This is about three times higher than that obtained at 900 ◦C. Comparing
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austenite grain size. Seventy-one percent of the grain diameters are of a value exceeding 100 μm, of
which 13% are grains with a diameter greater than 200 μm. The results are presented in graphical form
and approximated with a logarithmic model (Figure 3e).
Figure 3. The frequency of occurrence of austenite grain size of the tested steel: (a) in the as-received
state; (b) after austenitizing at 900 ◦C, 20 min; (c) after austenitizing at 1000 ◦C, 20 min; (d) after
austenitizing at 1100 ◦C, 20 min; (e) 1200 ◦C, 20 min.
The migration of grain boundaries can be compared to a diffusion process. Therefore, the grain
growth rate increases with an increase in the holding temperature. It can be seen in Figure 4b that the
growth of austenite grains is gradual at a low austenitizing temperature. The abnormal grains are
presented in the microstructure after heating at 1000 ◦C (Figure 4c), 1100 ◦C (Figure 4d), and 1200 ◦C
(Figure 4e). The difference between these microstructures is in the number of fine grains. The decrease
in the number of fine grains indicates that larger austenite grains can merge from smaller ones and
grow gradually with the increase in holding temperature. The abnormal grains develop in areas where
fine grains are embedded. These fine grains surround the abnormal grains. When the fine grain areas
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Figure 4. Micrographs of austenite grain boundaries in the as-received state and under different
annealing conditions: (a) in the as-received state; (b) 900 ◦C, 20 min; (c) 1000 ◦C, 20 min; (d) 1100 ◦C,
20 min; (e) 1200 ◦C, 20 min. Etched state, light microscope.
3.2. The Tensile Test and the Impact Strength Test
The values of the mechanical properties determined during the tensile tests and impact strength
test are presented in Table 3.

















As received state 1433 1106 14.6 46 70
900 1445 1076 14.1 41 49
1000 1413 1016 13.2 37 38
1100 1425 1006 12.9 37 30
1200 1382 987 12.6 39 19
The results of the tensile tests show a decrease in percentage elongation after fracture (A)
associated with increasing the austenitizing temperature from 900 to 1200 ◦C (Figure 5a). The relative
change of its value between the austenitizing temperatures of 900 and 1000 ◦C is more than 6%,
between the austenitization temperatures of 1000 and 1100 ◦C, 2%, and between the austenitization
temperatures of 1100 and 1200 ◦C, also about 2%. The total relative change of percentage elongation
between the temperatures of 900 and 1200 ◦C is about 11%. As can be seen, the greatest decrease in
percentage elongation took place after austenitizing at 1000 ◦C, when the austenite grains growth was
about 22%. However, a further rise in austenitizing temperature does not cause rapid degradation of
the ductile values represented by percentage elongation, despite the appearance of abnormal grains
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1200 ◦C. After austenitization at 1200 ◦C, the austenite grain is the greatest, followed by a decrease in
the percentage elongation values, but its value is still maintained at a satisfactory level.
In the case of the percentage reduction of area (Z), the situation is similar (Figure 5b). There
has been a decline in the value of the reduction of area of about 5%. Worth particular mention is the
fact that there is no difference between the percentage reduction of area after austenitization at 1000
and 1100 ◦C, although the relative increase in austenite grain size connected with the appearance of
abnormal grains was then considerable and amounted to 166.6%.
The highest values of plastic properties (A = 15%; Z = 47%) were noted for the as-received state
characterized with the finest grains of austenite.
Figure 5. Percentage elongation (a) and percentage reduction of area (b) of the tested steel in the
as-received state and after different austenitization temperatures.
The characteristic downward trend can also be noticed in the case of the values of the yield
strength (Rp0.2) (Figure 6a) and the tensile strength (Rm) (Figure 6b), and is associated with an increase
in austenitization temperature. It is worth noticing that, after austenitization at 900 ◦C, the tensile
strength value is higher than in the as-received state, but the yield strength value is lower.
However, the continued downward trend in the case of tensile strength is not strong. Note
that, after austenitizing at 1100 ◦C, the tensile strength was higher than the austenitizing at a lower
temperature. The highest decrease in tensile strength of about 3% was noted between the austenitizing
temperatures of 1100 and 1200 ◦C. The total decline in the value of tensile strength within the extreme
range of austenitization temperatures was more than 4%.
A greater decrease was noticed in the case of the yield strength, even from the austenitization
temperature of 1000 ◦C. The yield strength after austenitizing at this temperature decreased by about
6% in comparison to the yield strength after austenitizing at 900 ◦C. At higher temperature, the
decrease in the yield strength value was not as significant and was about 1% and 2%, respectively,
between samples austenitized at 1000 and 1100 ◦C and between samples austenitized at 1100 and
1200 ◦C. The overall decrease in yield strength within the extreme austenitization temperature range
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Figure 6. Tensile strength (a) and yield strength (b) of tested steel in the as-received state and after
different austenitizing temperatures.
The tested material after austenitizing at different temperatures is characterized by the different
resistance to brittle fracture, which in many applications has fundamental importance. Comparing
the obtained values of impact strength, it is found that the impact strength decreases by nearly 61%
between the average values for extreme austenitizing temperatures, confirming the trend determined
in the tensile testing and unambiguously attesting to a drop in the plastic properties of the material
(Figure 7). However, it can be seen that the impact of the austenitic temperature was stronger in the
case of impact strength. Of interest is the very high impact strength value in the as-received state,
which is characterized by the smallest austenite grain size. The difference in austenite grain size
between the as-received state and the state after austenitizing at 900 ◦C is about 58%; however, the
impact strength value drops by about 30%. This proves that the impact strength is very sensitive to the
austenite grain size.
Assuming the criterion of a minimum impact strength equal to 35 J/cm2, this steel meets this
criterion until the austenitization temperature reaches 1000 ◦C. After austenitizing at a temperature of
1100 ◦C, the impact strength of this steel was 30 J/cm2, which was not much lower than the criterion
cited. The criterion of a minimum impact strength equal to 35 J/cm2 is adopted for construction
materials in many applications [17].
Figure 7. Impact strength KCV of tested steel in the as-received state and after different
austenitizing temperatures.
3.3. Analysis of Martensite Morphology
Figure 8 presents the morphology of the martensitic structure of Hardox 450 steel in different
states of heat treatment. In all the analyzed cases, the created martensite was in the form of laths
laid in packets inside the prior austenite grains. The dependence between the size of the martensite
packets and the size of the former austenite is shown in Figure 9. It has been shown that the size of
the packets increased as a function of the heat treatment state of the steel (growth of the austenite
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former austenite grain growth within the range of 18–124 μm. The increase in the packet size growth
represents approximately the linear function. Figure 10 illustrates the distribution of the corresponding
fractions of the martensite packets for the samples of different sizes of grain of the former austenite.
At the base of the performed normal distributions, there is a high correlation of the appearance of the
martensite fraction with the distribution of the former austenite grain growth for the different heat
treatment variants shown in Figure 4.
Figure 8. Micrographs showing martensitic packets in the Hardox 450 steel in the as-received state
and under different annealing conditions: (a) in the as-received state; (b) 900 ◦C, 20 min; (c) 1000 ◦C,
20 min; (d) 1100 ◦C, 20 min; (e) 1200 ◦C, 20 min. Etched state, SEM.








Metals 2017, 7, 26
Figure 10. Distribution of martensite packet size in Hardox 450 steel with the prior austenite grain
sizes: (a) 18 μm; (b) 28.5 μm; (c) 35 μm; (d) 93.3 μm, M—packet size more than 25 μm; (e) 123.7 μm,
M—packet size more than 60 μm.
3.4. Fracture Analysis
Another way to determine the temperature of ductile-to-brittle transition is by direct analysis of
the nature of the fracture. It is assumed that the criterion of impact strength (35 J/cm2) corresponds to
the occurrence of the mid-brittle and mid-ductile fracture [17].
Figure 11 summarizes the macroscopic views of fractures of the tested steel at temperature—40 ◦C in
the as-received state and after different austenitizing temperatures. Figures 12–16 show representative
SEM images of the fracture surfaces of the investigated steels.
Macroscopic analysis of the tested samples showed a significant divergence in the assessment of
the embrittlement threshold based on the value of impact strength and direct analysis of the fracture. In
all samples, there is a large central zone with typical facets for brittle fracture. In the case of the tested
steel in the as-received state and after austenitizing at 900 ◦C, the plastic zones under the mechanical
notch and in lateral edges shared respectively 28% and 30% of the whole fracture. In the case of samples
austenitized at 1000 ◦C, the central brittle zone occupied more than 77%. Samples austenitized at
higher temperatures were constantly characterized by nearly 100% fraction of brittle fracture—84% (for
the sample austenitized at 1100 ◦C) and 89% (for the sample austenitized at 1200 ◦C). The fraction area
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Figure 11. Macroscopic view of the fractures that occurred after the Charpy impact strength test of the
as-received state sample and the samples austenitized at different temperatures.
Analysis of the fractures in the individual samples austenitized at different temperatures showed
some differences in structure. The change in fracture morphology as a function of austenitization
temperature (growth of the austenite grain) may be characterized based on the morphology and the
fraction of cleavage ridges appearing in the analyzed fractures. With an increase in the austenitizing
temperature, the fraction of plastic areas inside the grains decreases, and typically cleavable areas even
appear, after which the fraction of the main cleavage ridges increases.
The fracture in the as-received sample is shown in Figure 12a–d. The lateral zones, as well
as that under the mechanical notch, constitute the ductile fracture with voids of various diameters
(Figure 12a,d). The plastic zone under the mechanical notch of the pitting structure is shown in
the figure. The fracture partly shows the “flaky” structure. It is considered that such a fracture is
created as a result of the slides and the subsequent decohesion and appearance of microcracks in
the {100} planes. The connection of microcracks through shear of the walls dividing them gives the
characteristic appearance of the fracture in the form of overlapping flakes. As a result, the fracture is
initiated with plastic deformation—a slide—but the cracking itself runs in principle along the specific
crystallographic planes [5]. The pits are parabolic in shape, which proves the action of tangent forces
in the process of fracture formation. Additionally, smooth areas can be distinguished, free of typical
pitting relief. The central zone is occupied by a so-called quasi-cleavage fracture (Figure 12b). This
is typical of steels with a martensitic structure, as well as a bainitic one, at temperatures below the
brittle fracture transition temperature. This type of fracture forms through cleavage cracking in small
local areas, after which their combination into one cracking surface takes place as a result of the plastic
deformation. Despite the fact that the facets here are similar to the cleavable ones due to the presence
of the carved “river patterns,” identification of the crystallographic planes is almost impossible. This
is not a typical quasi-cleavage fracture because the system of “river patterns”, while meandering,
creates pits at the large surface whose structure can resemble a ductile fracture. The ridges of the
quasi-cleavable facets are characterized by extensive topography, which also indicates large plastic
deformation during their formation. Moreover, numerous transverse cracks were observed. In the
plastic zones of the pitted structure, inclusion precipitations are stuck.
Figure 12c shows the fault, which extends above the crack surface, having marked at the shoulder
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matrix was pulled (Figure 12c). One gets the impression that the columns joined the surfaces separated
by cracking. If that was so, then we can speak of local breaking of the crack development. Thus, these
photographs are proof of the very uneven and developed microrelief of the crack surfaces.
Figure 12. Fracture of the tested sample in the as-received state: (a) the zone under the mechanical
notch; (b) the quasi-brittle central zone with visible ductile area; (c) the central zone with visible “small
column”; (d) transition between the plastic lateral zone and the quasi-cleavage zone, SEM.
The fracture of the sample austenitized at a temperature of 900 ◦C is characterized by extensive
topography; however, it does not differ in terms of quality from the fracture in the as-received state,
although the value of the impact resistance varies greatly (Figure 13a–d). The characteristic feature
is the appearance of a larger number of fine transverse cracks (Figure 13d). Under the mechanical
notch, where the ductile fracture appears, the topography is very extensive (Figure 13a), and there
is a large fracture of ductile fracture in the lateral zones, as well as in the central part of the sample,
in the form of bands (Figure 13b). In the central part of the fracture, a large fracture of plastic zones
appears with the characteristic pitted structure, which extends over the facets. The “river patterns”
themselves combine into basins, with the characteristic plastic structure. Additionally, small columns
were noticed, the lateral zones of which are built of the ductile fracture (Figure 13c). The central zone
constitutes the quasi-cleavable fracture.
Figure 13. Fracture of the tested sample austenitized at 900 ◦C: (a) the zone under the mechanical
notch; (b) the quasi-brittle central zone with visible ductile area; (c) the central zone with visible “small
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After austenitizing at a temperature of 1000 ◦C, despite a drop in the impact resistance value, the
character of the fractures also changes insignificantly (Figure 14a–c). The topography is still extensive;
in the central zone, the strained facets can be distinguished with characteristics of the “river patterns”
relief. However, the cleavage ridges, where the typical ductile fracture appears, are narrower than
in the case of the sample austenitized at a temperature of 900 ◦C (Figure 14a,b). Additionally, the
characteristic small columns are visible (Figure 14c). Because of the characteristic “river patterns”
relief, the surface of the fracture more closely resembles the quasi-cleavable fracture. The basins
cross the whole grain. The appearance of these discontinuities means that the cracking ran not in a
single crystallographic plane, but leapt from one plane to the other through shearing or the secondary
cracking of the walls dividing them. It has been shown that this effect appears when the cracking front
encounters screw dislocation, where the fault height is conditioned by the size of the Burgers vector [5].
The increase in energy absorbed during cracking is associated with the formation of the leaps, which
is equivalent to a reduction of brittleness. The presence of the faults influences a change in direction
of the cracking propagation. As a result, the growth of the crack is delayed in some sections, which
entails a bending of its front, and this affects the merging of the adjacent faults, and their combination
into the system of “river patterns”.
Figure 14. Fracture of the tested sample austenitized at 1000 ◦C: (a) the quasi-brittle central zone with
visible ductile area; (b) the magnified central zone of the characteristic relief of “river patterns” with
visible plastic ridges; (c) the central zone with visible “small column”, SEM.
The appearance of abnormal grains and the increase in grain size as a result of austenitizing at a
temperature of 1100 ◦C caused a drop in impact resistance below the criterion of 35 J/cm2. This was
reflected in minor qualitative changes of the character of the central zone of the fracture in comparison
to the samples austenitized at lower temperatures (Figure 15a–c). It seems that the drop in impact
resistance was influenced more by the smaller fracture of plastic zones under the mechanical notch
and near the edges than by the fraction of these zones in the central part of the fracture. The plastic
zone near the edge of the sample shows the “flaky” structure (Figure 15d). The surface of the fracture
is characterized by extensive topography with larger hills and holes, and numerous transverse cracks
were noticed. A large fraction of typically cleavable areas with the cleavage faults inside the grains was
noticed (Figure 15b). The appearance of these areas caused a significant drop in the impact resistance
value as compared to the samples austenitized at higher temperatures. The cracks continue to form
the branching, but not as intensively as in the case of samples austenitized at lower temperatures,
which could have been influenced by the increase in grain size of the tested steel. It is understood that
the secondary slots propagate in the direct vicinity of the main slot, until they show the characteristic
discontinuity (the slot is created by the whole system of small micro slots). One of the reasons for the
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attributed to defects in the internal structure. In the case of crystalline bodies, such defects will be
dislocations and the grain boundaries [5]. As shown in [3], the density of dislocations is higher in the
case of steel with a finer grain.
After austenitizing at the highest temperature, the fraction of plastic zones is small; instead, in
the central zone, we still have to deal with the quasi-cleavage fracture (Figure 16a,b). The facets
created in this way are small and do not have clear boundaries. Moreover, the characteristic feature
of quasi-cleavage is that the secondary cleavage faults are transformed into cleavage ridges of the
surrounding facet. Pits can also be noticed, as characteristic features of ductile fracture (Figure 16b).
The facets of the characteristic relief of “river patterns” combine through the so-called cleavage ridges
with features characteristic of ductile cracking as a result of plastic deformation. Mainly, they are
located at lateral surfaces of the faults. Besides the quasi-cleavable areas, a significant fraction of
typically cleavable areas was noticed (Figure 16a). The fracture topography is still extensive, and the
transverse cracks and “small columns” appear; however, the holes and hills in the central zone are
larger than in the case of fractures in samples austenitized at lower temperatures, which could be
influenced by the coarse grain structure.
Figure 15. Fracture of the tested sample austenitized at 1100 ◦C: (a) the quasi-brittle central zone with
visible ductile area; (b) the central zone with visible “small column” and cleavable zones; (c) the ductile
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Figure 16. Fracture of the tested sample austenitized at 1200 ◦C: (a) the central zone of the fracture,
visible small plastic areas and the typically cleavable areas; (b) the ductile bands and transverse crack
in the central fracture zone, SEM.
4. Discussion
Selected mechanical properties for the analyzed steel in the as-received state and dependent on the
austenitizing temperature have thus been shown, which has practical value. In this section, the values
are to be dependent on the size of the austenite grains and packets of martensite. Figures 17 and 18
show the selected mechanical properties dependent on the size of the austenite grain in the analyzed
steel and of the martensite packets. It can be noticed that, in the case of the impact resistance, the
values were approximated with the exponential function with a good coefficient of correlation, while,
in the case of the yield strength, the best correlation coefficient was obtained while approximating with
the linear function.
Based on the achieved results, it can be stated that the plastic and not the strength properties
are significantly more sensitive to a change in austenite grain size (especially when grain growth
begins at lower austenitizing temperatures, even before the abnormal grains appear). In particular, the
resistance of the tested steel to loads of dynamic character largely degrades, although the critical value
of 35 J/cm2 was not reached until the grains grew to about 90 μm. It can be concluded that the first
phase of austenite grain growth is very critical in the process of reducing the mechanical properties.
In turn, the analysis of the impact of the martensite packet sizes on the yield strength has
shown that, in the case of the lath martensite structure, the dependence described by the Hall-Petch
relationship closely relates to the packet sizes as well as the effective martensite grain size in the low-
and medium-carbon steel. It can be concluded that a change in the yield strength in the Hardox 450
steel corresponds with the inversion of the square root of the former austenite grain and the martensite
packet size (Figure 17). However, it has to be underlined that the noted drop in the yield strength,
as a result of the increase in grain size of the prior austenite from 18 μm to 124 μm (almost 700%),
amounted only to 119 MPa (about 11%). In relation to the martensite, lowering the yield strength by
the given value corresponded to an increase in the packet size of about 480% (3–16 μm). However,
the impact of the increase in grain size of the former austenite and the packet size on the static tensile
strength was not observed to be large.
Figure 18 presents the dependence between the grain size of the former austenite and martensite
packets and the impact resistance value of the Hardox 450 steel. As a result of the increase in grain size
of the former austenite from 18 μm to 124 μm, as well as the size of the packets, a more than 3.5-fold
reduction in the impact resistance of the tested steel was noticed. This indicates a major influence of
the packet size characteristic of martensitic steels on fracture work, especially at lower temperatures.
Undoubtedly, a change in the austenite grain size has an influence on impact resistance; thus, the
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well as a change in character of the central quasi-cleavable zone, where a decrease in the fraction of the
plastic ridges of cleavage occurred, the typical brittle facets appeared, and the means of propagation of
the secondary cracks changed.
Figure 17. Dependence of the yield strength on the prior austenite grain size (a) and the martensite
packet size (b) for the Hardox 450 steel.
Figure 18. Influence of the prior austenite grain size (a) and martensite packet size (b) on the impact
strength KCV150 at 233K (−40 ◦C) for the Hardox 450 steel.
In the Hardox 450 steel (independent of the applied variant of heat treatment), the value of the
yield strength value is related to the classic Hall-Petch rule. In the case of martensitic structures, the
effective size of the grains considered in the above rule constitutes the martensite laths arranged
in the form of packets of identical crystallographic orientation. However, it has to be mentioned
that the size of the martensite packets, being closely related to the size of the prior austenite grains,
is not taken into account in the Hall-Petch rule as the factor determining the plastic properties of
steels. Again, it has to be noted that, in the case of Hardox 450 steel, the main decisive factor on the
plastic properties is the value of Charpy impact energy, the value of which (in contrast to percentage
elongation A and the percentage reduction of area Z) decreased as a function of the state of heat
treatment, despite maintaining high-strength parameters. It has to be stressed, however, that, for the
analyzed group of steels, the plastic properties, in most cases, are analyzed on the basis of the fracture
morphology obtained.
The greater impact of the grain size on the impact resistance than on strength properties can be
explained by the greater sensitivity of the impact resistance not so much on the austenite grain size
as on the size of the martensite packets. Similar conclusions were reached by the authors of [18,19],
who developed the heat treatment of steel, enabling a reduction in austenite grain size that would
result in high resistance combined with high ductility in minus temperatures. According to the author
of [4], “grain refinement is accomplished by controlling the martensitic transformation to break up the
crystallographic alignment between adjacent martensite laths, interrupting the cleavage fracture path.
In this case, grain refinement does not ordinarily cause a substantial increase in strength, probably
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In summary, this study forms part of the current research on modern steel groups with higher
resistance to abrasive wear. The growth of austenite grains is an important factor in the analysis
of the microstructure, as the grain size has an effect on the kinetics of phase transformation. The
microstructure, however, is closely related to the mechanical properties of the material such as yield
strength, tensile strength, percentage elongation, and impact strength, as well as the morphology of
the fractures that occur. Therefore, it is important to control the grain size of metals and metal alloys
during processes connected with thermal treatment such as welding or cutting.
5. Conclusions
1. The steel analyzed in the as-received state is characterized by high-strength properties combined
with high impact resistance at lower temperatures and by ductility.
2. The lowest average size of prior austenite grains noted for the as-received state was 18.0 ± 7.8 μm.
Increasing the austenitizing temperature causes an increase in the average grain size, which, at
1200 ◦C, is 123.7 ± 56.5 μm. These changes can be approximated by a quadratic function.
3. The austenite grain size has a strong influence on the mechanical properties of the investigated
steel. However, in comparison to the significant changes in impact resistance, the austenite grain
growth is accompanied by a small change in strength properties, i.e., the tensile strength and the
yield strength.
4. As a result of increasing the grain size of the prior austenite from 18 μm to 124 μm, as well as the
packet sizes, a more than 3.5-fold drop in the impact resistance of the tested steel was found. This
indicates a major influence of the packet size characteristic of martensitic steels on the value of
the fracture work, especially at lower temperatures.
5. Assuming the criterion of minimum impact strength is equal to 35 J/cm2, this steel meets this
criterion until the austenitization temperature reaches 1000 ◦C. However, after austenitizing at a
temperature of 1100 ◦C, the impact strength of this steel was 30 J/cm2, which is not much lower
than the criterion cited.
6. The analysis of the influence of the martensite packets size on the yield strength showed that,
in the case of the lath martensite structure, the dependence described by the Hall-Petch relation
is closely related to packet size as well as the effective size of martensite grain in the low- and
medium-carbon steel. It can be concluded that a change in the yield strength value of the Hardox
450 steel corresponds with the inverse of the square root from the grain size of the prior austenite
and the packet size of the martensite.
7. Undoubtedly, the change in the size of the austenite grains and the martensite packets has an
influence on the impact resistance, which contributed to a decrease in the fraction of plastic zones
near the fracture edge and a change in the character of the central zone of the quasi-cleavable
zone, where a decrease in the share of plastic cleavage ridges appeared, typical brittle facets
appeared, and the means of propagation of the secondary cracks changed.
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Abstract: The influences of austenitizing conditions on the microstructure of AISI M42 high-speed
steel were investigated through thermodynamic calculation, microstructural analysis, and in-situ
observation by a confocal scanning laser microscope (CSLM). Results show that the network
morphology of carbides could not dissolve completely and distribute equably in the case of the
austenitizing temperature is 1373 K. When the austenitizing temperature reaches 1473 K, the excessive
increase in temperature leads to increase in carbide dissolution, higher dissolved alloying element
contents, and unwanted grain growth. Thus, 1453 K is confirmed as the best austenitizing condition
on temperature for the steel. In addition, variations on the microstructure and hardness of the steel
are not obvious when holding time ranges from 15 to 30 min with the austenitizing temperature of
1453 K. However, when the holding time reaches 45 min, the average size of carbides tends to increase
because of Ostwald ripening. Furthermore, the value of Ms and Mf decrease with the increase of
cooling rate. Hence, high cooling rate can depress the martensitic transformation and increase the
content of retained austenite. As a result, the hardness of the steel is the best (65.6 HRc) when the
austenitizing temperature reaches 1453 K and is held for 30 min.
Keywords: high-speed steel; austenitizing temperature; cooling rate; carbides; martensite
1. Introduction
High-speed steels (HSS) have been widely used to make engineering cutting tools in quenched
and high-temperature tempered conditions due to their high hardness, wear resistance, and favorable
high-temperature properties [1–3]. Among them, AISI M42 HSS is one of the most popular one owing
to its excellent combination of hardness and toughness.
The mechanical properties of AISI M42 HSS are determined by the martensitic matrix and
distribution of carbides. The cast structure of high-speed steel can be improved by subsequent heat
treatment processes such as annealing, quenching, and tempering. Under annealing conditions,
high-speed steels have a ferrite matrix with plenty of undissolved carbides. Following quenching,
they contain martensite, retained austenite, and undissolved carbides. The final microstructure after
tempering, which may occur several times, mainly consists of tempered martensite and well-distributed
hard carbides [1,4–6]. It is known that microstructural factors like distribution of carbides, as well
as characteristics of the martensitic matrix, play important roles in optimizing the properties of
high-speed steel such as hardness, wear resistance, fracture toughness, and thermal-fatigue behavior.
It is also well known that the martensite morphology of HSS depends on austenitizing temperature
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and its holding time, prior deformation of the austenite matrix, chemical composition of alloys,
and the cooling rate [7,8]. A lot of studies have been performed on the effects of austenitizing
conditions on the microstructure of high-speed steel. Sarafianos [9] reported that the mechanical
properties of high-speed steel can be improved by austenitizing heat treatment at 1463 K for 30 s.
The microstructure is altered to a mixture of martensite and retained austenite, and the types of
carbides after austenitizing are mainly Mo and W enriched carbides. Hashimoto et al. [10] noticed
that the austenitizing time did not significantly change the morphology, size, and distribution of
eutectic carbides. Fu et al. [11] investigated the effects of quenching and tempering treatment on
the microstructure, mechanical properties, and abrasion resistance of high-speed steel. Their results
showed that the hardness of high-speed steel increased with the increase of austenitizing temperature,
but decreased while the austenitizing temperature exceeds 1323 K. When the austenitizing temperature
reached 1273 K, the metallic matrix all transformed into martensite. Afterwards, the eutectic carbides
dissolve into the metallic matrix and their continuous network distribution changed into the broken
network. However, Kang et al. [12] reported that the HSS showed the best wear resistance when the
austenitizing temperature was 1473 K, because M6C phase was dissolved at such a high temperature,
only MC carbide could be stable for its property of hindering crack propagation. Accordingly, opinions
are divergent on the effective austenitizing temperature and its holding time, which are beneficial to
the mechanical property of high-speed steel.
The present work aims to identify the correlation between microstructure and hardness of AISI
M42 HSS. It also intends to provide essential conditions for heat treatment by investigating the effects
of austenitizing temperature, holding time, and cooling rate on the microstructure of AISI M42 HSS.
2. Materials and Methods
Material used in this investigation was produced and developed at the pilot plant of the Central
Irom & Steel Research Institute (Beijing, China). The AISI M42 high-speed steel scrap was melted in
vacuum induction furnace and refined through electroslag remelting (ESR) furnace. The ESR ingot
was 16 cm in diameter and 100 cm in length. The chemical compositions of the produced ingot were
measured by spectrograph and summarized in Table 1. According to this composition, the equilibrium
phase diagram was calculated by Thermal-Calc software (Thermal-Calc Software, Stockholm, Sweden)
with the TCFE7 database. A thermal dilatometer (DIL, Fuji Electric, Tokyo, Japan) was employed
to measure martensite start temperature (Ms), martensite finish temperature (Mf), and simulate the
continued cooling transformation (CCT) curve of steel. To examine the correlation between martensitic
transformation and cooling rate, the as-cast samples were machined into 4 mm in diameter and 10 mm
in length and heated up to 1473 K (1200 ◦C) with the heating rate of 10 K/s, maintained for 5 min and
then cooled down with a series of cooling rates, such as 20 K/s, 10 K/s, 5 K/s, 1 K/s, 0.5 K/s, 0.1 K/s.
Table 1. Chemical compositions of AISI M42 high-speed steel. (wt. %).
C Si Mn P S Cr W Mo V Co
1.11 0.7 0.39 0.016 0.002 4.58 1.39 9.46 1.37 8.04
The specimens machined into 20 mm × 20 mm × 20 mm were heated to 1373, 1423, 1453, and 1473
K (1100, 1150, 1180, and 1200 ◦C) at a rate of 10 K/s, and then held for 15 min followed by oil quenching
in a box-type furnace. The specimens which heated to 1453 K (1180 ◦C) were held for 15, 30, and
45 min. Figures 1 and 2 show the detailed quenching process. In order to avoid the deformation and
cracking due to excessive internal stress of the steel, the specimens were preheated at 1123 K for 10 min.
The as-cast steel, as well as the quenched specimens, were machined into 10 mm × 10 mm × 10 mm
and polished for microstructural observation using scanning electron microscope (SEM, Carl-Zeiss,
Oberkochen, Germany). The average grain size of the specimens and volume fraction of carbides were
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condition. Specimens for grain size measurement were polished and etched using a Nital etchant
(Ethanol + 4 vol. % Nitric acid) to reveal the grain boundary, and then measured according to GB/T
6394-2002. Rockwell hardness tests were conducted on these specimens (10 mm × 10 mm × 10 mm)
using a Hardness Tester (TIME, Beijing, China). Impact toughness of the specimens with different
austenitizing conditions were measured by Charpy Tester (SANS, Shenzhen, China), the specimens
were machined into 10 mm × 10 mm × 55 mm without notch.
In order to observe the evolution of microstructure in situ, a confocal scanning laser microscope
(CSLM, Lasertec, Yokohama, Japan) equipped with an infrared image furnace was employed in this
study. The specimens were heated up to 1473 K (1200 ◦C) in an alumina crucible, thermal insulated for
15 min, and cooled to room temperature at a cooling rate of 5 K/s and 20 K/s, respectively. The whole
process of the experiment was under an ultra-high purity argon gas and the cooling rate was controlled
by adjusting nitrogen gas flowrate.
Figure 1. Experimental process for the investigation of effect of austenitizing temperature on the
microstructure of AISI M42 HSS.
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3. Results and Discussion
3.1. Phase Transformation and Precipitation Behavior of Carbides
Because the microstructure of as-cast HSS usually consists of ferrite and pearlite, austenitizing
and subsequent rapid cooling were employed to improve hardness of the steel. The phase stability
diagram of AISI M42 HSS obtained from Thermo-Calc was shown in Figure 3.
As shown in Figure 3, the liquidus temperature and the solidus temperature of present AISI
M42 HSS are 1680 K (1407 ◦C) and 1500 K (1227 ◦C), respectively. When the steel is slow cooling to
room temperature, the carbides of the present steel consisted of M6C, M7C3, and MC. MC starts to
precipitate at 1550 K (1277 ◦C) in the solid-liquid zone, while M6C and M7C3 begin to precipitate in
the solid phase at 1500 K (1227 ◦C) and 1140 K (867 ◦C), respectively. That means when the specimens
are heated to the experimental temperatures and rapid cooling, M7C3 have been dissolved into the
matrix and the carbides of the present specimens consisted of MC and M6C.
The determined CCT diagram of AISI M42 HSS austenitized at 1473 K (1200 ◦C) was shown in
Figure 4. The dotted lines means different cooling rates range from 100 K/h to 30 K/s. The martensite
point (Ms), critical temperatures of Ac1 and Ac3 (the start and end of austenitic transformation on
heating) were determined corresponding to a heating (10 K/s) up to 1473 K (1200 ◦C) and subsequent
cooling down (5 K/s) to room temperature. As shown in Figure 4, the pearlitic transformation is only
possible when the cooling rate is as slow as 100 K/h. Bainitic transformation occurs at the range from
100 to 1000 K/h. For the cooling rate of 1 to 30 K/s, martensite would precipitate directly and cross the
area of pearlite and bainite.
Figure 3. Phase equilibrium diagram of AISI M42 HSS calculated using Thermo-Calc software. A dotted
vertical line means the C concentration (1.11 wt. %) of the present steel. The blue lines show the region
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Figure 4. CCT diagram for AISI M42 HSS austenitized at 1473 K (1200 ◦C). The dotted lines mean
different cooling rates range from 100 K/h to 30 K/s.
3.2. Effects of Austenitizing Temperature on Microstructure and Properties
SEM micrograph of as-cast HSS specimen was shown in Figure 5a. As indicated by arrows,
network carbides M2C, and graininess-shaped carbides MC (red circles) were found in the micrograph.
However, M2C did not appear in the phase stability diagram because M2C particles are in the
metastable phase. MC carbides were dispersed in the matrix and the average size of them was
much smaller than M2C carbides. The grains in the as-cast HSS were completely surrounded by the
layers of M2C, namely, grain boundaries (GBs) were completely wetted by the second solid phase
M2C carbides. Microstructure of AISI M42 HSS specimens oil cooled at different temperatures were
shown in Figure 5b–e. The population of the carbides was being steadily reduced with the increase of
temperature during austenitization. When the austenitizing temperature was 1373 K (1100 ◦C), fibrous
M2C particles decomposed into M6C and MC particles [13,14]. However, the network morphology
of carbides still exists as shown in Figure 5b. With the increasing of austenitizing temperature,
the continuous network distribution of carbides turn to be broken and scattered as shown in Figure 5c,d.
The portion of completely wetted GBs decreased as well. When GBs wetted by a liquid phase (melt),
the amount of completely wetted GBs always increases with the increase of temperature due to higher
entropy of a melt [15,16]. However, when GBs are wetted by a second solid phase, the completely
wetted GBs will decrease with the increase of temperature [17,18]. Moreover, Ms point will decrease and
the stability of austenite will increase because the high-temperature austenite dissolves more carbon
and alloying elements with the increase of austenitizing temperature [19,20]. When the austenitizing
temperature reaches 1473 K (1200 ◦C), more carbides dissolve into the metallic matrix so that the
quantity of carbides reduced rapidly as shown in Figure 5e. No sufficient number of carbides were
available to pin down the grain boundaries to prevent grain coarsening, so it is more probable for
cracks to be formed [4,9]. Besides, austenitizing temperature approaching the melting point of the
experimental AISI M42 HSS (1500 K) leads to partial melting and agminate carbide precipitation
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temperature of the specimens. The average grain size presents a smooth increase with the increase
of temperature. However, it shows an impressive promotion (35 μm) during a period from 1453 to
1473 K. Consequently, an excessive increase in temperature results in increased carbide dissolution
and unwanted grain growth.
Figure 5. SEM microstructures of the as-cast AISI M42 HSS specimen (a); the oil cooling specimens at
1373 K (b); 1423 K (c); 1453 K (d); and 1473 K (e).
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Table 2 presents the corresponding hardness and impact toughness of AISI M42 HSS specimens
with different austenitizing temperatures and holding time. The hardness increased with the
austenitizing temperature between 1373 and 1453 K, but decreased when the austenitizing temperature
reached 1473 K. This phenomenon could be explained by the reducing of well-distribution hard
carbides. The hardness of quenched HSS is affected by the microstructure, the quantity of carbides,
and alloy elements in the martensite and the retained austenite [21,22]. Carbon and alloying elements
dissolved into the austenite, and then transferred to martensite by oil cooling, and the quantity
increased with the increase of austenitizing temperature. However, when the austenitizing temperature
reached 1473 K, there was an excess dissolution of carbon and alloying elements in the austenite.
Besides, Ms tends to decrease when alloying elements dissolved in the steel at high temperature [21].
It lead to excess retained austenite remaining in the microstructure after oil cooling which reduced the
hardness of the steel. On the contrary, the impact toughness increased with the increase of austenitizing
temperature for the increasing of retained austenite. Consequently, in the experimental temperature
range, the tendency of the hardness of the specimens presented a peak, and the impact toughness
increased with increasing temperature.
Table 2. Effects of austenitizing conditions on hardness and impact toughness of AISI M42 HSS.
Austenitizing Temp. (K) Holding Time (min) Hardness (HRc) Impact Toughness (J)
1373 15 58.5 8.7
1423 15 59.8 10.4
1453 15 65.5 10.9
1453 30 65.7 11.2
1453 45 64.8 11.9
1473 15 63.7 12.5
3.3. Effects of Austenitizing Time on Microstructure and Properties
The series in Figure 7 represent SEM micrographs of the specimens austenitized at 1453 K for 15
to 45 min. From Figure 7a,b, change on the microstructure of the specimens was not obvious under
the austenitizing time ranges between 15 and 30 min, as well as the hardness (Table 2). However,
the hardness of the specimen decreased when the holding time up to 45 min. Besides, the average size
of the carbides tends to increase but the quantity of carbides seems decrease as shown in Figure 7c.
This phenomenon could be explained by the fact of Ostwald ripening. Since carbides with large sizes
have a lower interfacial concentration. The resulting concentration gradients give rise to diffusional
transport from small carbides to the matrix then to large carbides. Thus, large carbides tend to grow at
the expense of the small carbides, the average particle size increases, and the total number of carbides
decreases [23,24]. The impact toughness of the specimens increased with the increase of holding time.
Because more carbides and alloy elements dissolved in the matrix promoted solution strengthening,
and made retained austenite stable. Figure 8 is the volume fraction of carbides in the specimens
with different holding time and austenitizing temperatures. The blue line means cooling at different
austenitizing temperature but with the same holding time—i.e., 15 min. The red line represents
cooling with different holding time at the same austenitizing temperature, i.e., 1453 K. Compared with
that of the as-cast specimen, the quantity of carbides in AISI M42 HSS after austenitizing reduced
greatly. At 1453 K, the quantity of carbides showed a smooth decrease with the increase of holding
time. It could be thought that this decrease in the amount of the carbides is due to the dissolution
of carbides into austenite matrix phase. Moreover, the decrease of carbides with different holding
time is much weaker than that with different austenitizing temperatures. Consequently, the effect of
austenitizing temperature on the microstructure and hardness of AISI M42 HSS is more influential
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Figure 7. Microstructures of the oil cooling AISI M42 HSS specimens at 1453 K for 15 min (a); 30 min (b);
and 45 min (c).
Figure 8. The volume fraction of carbides in the specimens with different holding time and
austenitizing temperatures.
3.4. Effects of Cooling Rate on Microstructure and Properties
In order to investigate the effects of cooling rate on the microstructure and observe the phase
transformation and precipitation of AISI M42 HSS in situ, CSLM was employed in combination with
thermal dilatometer experimental determination. Ms and Mf were measured by a thermal dilatometer
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Figure 9. Ms and Mf of as-cast AISI M42 HSS under different cooling rates.
As the cooling rate increases, the value of the Ms and Mf points decrease consequently (Figure 9).
When the cooling rate is 5 K/s, the value of Ms and Mf are 448 K (175 ◦C) and 380 K (107 ◦C),
respectively. When the cooling rate reaches 20 K/s, the value of Ms and Mf decrease to 419 K (146 ◦C)
and 347 K (74 ◦C), respectively.
Figure 10 shows the sequential image of the in-situ observation on AISI M42 HSS cooling from
1473 K (1200 ◦C) to room temperature by the rate of 5 K/s. Each image is arranged in the order of
the corresponding temperature. Figure 10a,b is magnified 500 times and Figure 10c–f is magnified
1000 times. In the heat up stage, some small carbides precipitated because of the volume contraction
caused by austenite transformation (Figure 10a). When the temperature reached 1473 K (1200 ◦C),
an outburst of precipitation and growth of carbides appeared (Figure 10b). At the beginning of cooling,
the specimen consisted of austenite and carbides which precipitate on the grain boundaries, and the
grain size was about 15 to 25 μm (Figure 10c). When the temperature decreased to 1281 K (1008 ◦C),
acicular ferrite started to transform from austenite (Figure 10d). The martensitic transformation began
at about 446 K (173 ◦C) with a saltatory mode along the grain boundary and the undissolved carbides,
as shown in Figure 10e. During the increase of marensite, a position of grain boundaries were replaced
by martensite. No pearlite appears in the range from 1281 K (1008 ◦C) to 446 K (173 ◦C), which
indicates that the cooling rate of 5 K/s is greater than the critical cooling rate of pearlitic transformation
(Figure 4). When the temperature dropped to room temperature, martensitic transformation was
still underway and there was a small group of retained austenite in the microstructure (Figure 10f).
It is worth noting that martensitic transformation is usually finished rapidly in most of low-carbon
steels [25,26]. However, for the high-carbon steel AISI M42, martensite transformed with a saltatory
mode. Martensite still emerged sporadically during in-situ observation when the temperature dropped
to room temperature. Because martensitic transformation is affected by shear resistance in kinetics,
it could be worth considering that a higher content of carbon would increase the shear resistance of
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Figure 10. In-situ observation of phase transformation during austenitizing process of AISI M42 HSS
with the cooling rate of 5 K/s: (a) 1423 K (×500); (b) 1473 K (×500); (c) 1473 K (×1000); (d) 1281 K
(×1000); (e) 446 K (×1000); (f) room temperature (×1000).
The phase transformation and precipitation behavior of AISI M42 HSS austenitizing at 1473 K
(1200 ◦C) with the cooling rate of 20 K/s was shown in Figure 11. It seems to be very different
from that with the cooling rate of 5 K/s. At the beginning of cooling, the specimen also consisted of
austenite and carbides (Figure 11a). Acicular and triangular ferrite transformation began at 1323 K
(1050 ◦C) (Figure 11b). The grain size was uneven between 20 and 50 μm. Because the cooling rate
(20 K/s) is much greater than the critical cooling rate of pearlitic transformation, no pearlite appeared
in the process of cooling (Figure 4). When the temperature decreased to 421 K (148 ◦C), martensite
started to transform from the austenite (Figure 11c). Because there was so little time for martensitic
transformation and carbide dissolution, there was still much retained austenite that had not finished the
transformation in the microstructure (Figure 11d). Moreover, increasing the cooling rate could decrease
Ms and Mf point which narrow the martensitic transformation range (Figure 9). The carbides likewise
were hardly dissolved and presented network, which could provide routes for crack propagation and
make cracks deeper [27,28]. Therefore, it might be worth considering that a high cooling rate can
depress the martensitic transformation and increase the content of retained austenite. Consequently,
an exorbitant cooling rate prevents less retained austenite, better microstructure, and higher hardness
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Figure 11. In-situ observation of phase transformation during austenitizing process of AISI M42
HSS with the cooling rate of 20 K/s: (a) 1473 K (×1000); (b) 1323 K (×1000); (c) 421 K (×1000);
(d) room temperature (×1000).
4. Conclusions
In this study, effects of austenitizing temperature, holding time, and cooling rate on the
microstructure and hardness of AISI M42 HSS were investigated. The conclusions have been drawn
as follows:
1. When the austenitizing temperature is 1373 K, the network morphology of carbides could not
dissolve completely and distribute equably. When the austenitizing temperature reaches 1473 K,
the excessive increase in temperature leads to increased carbide dissolution and unwanted grain
growth. 1453 K gives the best austenitizing condition on temperature for AISI M42 HSS.
2. The amount of hardness increases with the increase of austenitizing temperature between 1373
and 1453 K, but decreases when the austenitizing temperature reaches 1473 K. The hardness of
the AISI M42 HSS does not change much when the holding time is less than 30 min, but decreases
when the holding time reaches 45 min because of Ostwald ripening. The impact toughness of the
specimens increases with the increase of austenitizing temperature and holding time.
3. The value of Ms and Mf decrease with the increase of cooling rate. High cooling rate can depress
the martensitic transformation and increase the content of retained austenite, which prevents less
retained austenite, better microstructure, and higher hardness in AISI M42 HSS.
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Abstract: Three low-carbon bainitic steels were designed to investigate the effects of Cr and Al
addition on bainitic transformation, microstructures, and properties by metallographic method and
dilatometry. The results show that compared with the base steel without Cr and Al addition, only Cr
addition is effective for improving the strength of low-carbon bainitic steel by increasing the amount
of bainite. However, compared with the base steel, combined addition of Cr and Al has no significant
effect on bainitic transformation and properties. In Cr-bearing steel, Al addition accelerates initial
bainitic transformation, but meanwhile reduces the final amount of bainitic transformation due to the
formation of a high-temperature transformation product such as ferrite. Consequently, the composite
strengthening effect of Cr and Al addition is not effective compared with individual addition of Cr
in low-carbon bainitic steels. Therefore, in contrast to high-carbon steels, bainitic transformation in
Cr-bearing low-carbon bainitic steels can be finished in a short time, and Al should not be added
because Al addition would result in lower mechanical properties.
Keywords: bainitic transformation; microstructure; property; Cr; Al
1. Introduction
Low-carbon bainitic steels are commonly designed with alloying elements added to achieve
favorable properties [1–11]. It is well known that the mechanical properties of bainitic steel are
significantly influenced by the volume fraction of bainite, the amount of retained austenite (RA), the
precipitation of cementite, among other factors [2]. The main purpose of the addition of alloying
elements is to promote bainitic transformation and control the microstructures. For example, the
addition of manganese, copper, and nickel, among others, are strong austenite stabilizers and can
result in high stability of austenite and higher amounts of RA [3–5]. Silicon is used to restrain the
formation of cementite during bainitic transformation [6]. In addition, a higher strength can be
achieved due to precipitation hardening and grain refinement effects by adding vanadium, titanium,
molybdenum, or niobium [7–11].
Chromium (Cr) and aluminium (Al) are also very important alloying elements, which are
commonly added to low-carbon bainitic steels. Some researchers have investigated the effect
of Al addition on bainitic transformation [5,12–17]. For example, Jimenez-Melero et al. [5] and
Zhao et al. [12] reported that the addition of Al significantly increases the chemical driving force
for the formation of bainitic ferrite plates and shortens the austenite-to-bainite transformation time.
Similar results were also obtained by Garcia-Mateo et al. [13] and Hu et al. [14,15]. They claimed
that the addition of Co and Al accelerates the bainitic transformation by increasing the free energy
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change accompanying the austenite-to-bainite ferrite transformation. Moreover, Monsalve et al. [16]
and Meyer et al. [17] proved that Al promotes the formation of ferrite.
As to Cr, You et al. [18] and Chance et al. [19] studied the effect of Cr on continuous cooling
transformation (CCT) diagrams, indicating that a single C-curve is separated by a bay of austenite
stability due to the presence of Cr. They claimed that the addition of Cr may delay the bainitic
transformation. Kong et al. [20] and Zhang et al. [21] investigated the influence of Cr on the
transformation kinetics, demonstrating that the addition of Cr enhances the hardenability of metastable
austenite. Moreover, Zhou et al. [22] investigated the effect of Cr on transformation and microstructure,
and showed that Cr appreciably restrains ferrite transformation.
In summary, some investigations have been conducted on the effects of individual Cr or Al
addition on microstructure and properties of bainitic steels. Cr and Al, as important alloying elements,
are often compositely added to many bainitic steels [12–15]. However, few studies have reported on
the composite effects of the combined addition of Cr and Al on the transformation, microstructure,
and properties in low-carbon bainitic steels. Therefore, three kinds of low-carbon bainitic steels were
designed in the present study to investigate the effects of Cr and Al addition on bainitic transformation,
microstructure, and properties. Heat treatment experiments were performed on ThermecMaster-Z
hot thermal–mechanical simulator followed by microstructure and property analyses, as well as
quantitative characterization of bainitic transformation with dilation data. The purpose of the
present study is to clarify the effects of the combined addition of Cr and Al on the transformation,
microstructure, and properties in low-carbon bainitic steels. The results are useful for optimizing the
composition design of Cr–Al alloying low-carbon steels.
2. Experimental Procedure
Three low-carbon bainitic steels with different chemical compositions were designed and their
compositions are given in Table 1. Silicon (Si), manganese (Mn), and molybdenum (Mo), as important
alloying elements, are often added in bainitic steels. The addition of Si prevents the formation of
carbide, as carbide is detrimental to mechanical properties. The addition of Mn and Mo can enhance
the hardenability of metastable austenite, which increases the bainite amount. Therefore, some Si, Mn,
and Mo were added to the three steels. In addition, only Cr addition to steel B was used to study the
effects of Cr on transformation and properties in the low-carbon bainitic steel, while the combined
addition of Cr and Al in steel C was used to investigate the effects of Al and the composite addition of
Cr and Al. The three steels were refined using a laboratory-scale 50 kg vacuum furnace. Cast ingots
were heated at 1280 ◦C for 2 h and then hot-rolled to 12 mm thick plates in seven passes. The start and
finish rolling temperatures were 1180 ◦C and 915 ◦C, respectively. After rolling the plates, they were
cooled to 550 ◦C at a cooling rate of 20 ◦C/s followed by final air-cooling to room temperature.
Table 1. The chemical compositions of steels (wt %).
Steels C Si Mn Cr Mo Al N P S
A (base) 0.218 1.831 2.021 / 0.227 / <0.003 <0.006 <0.003
B (Cr) 0.221 1.792 1.983 1.002 0.229 / <0.003 <0.006 <0.003
C (Cr + Al) 0.219 1.824 2.041 1.021 0.230 0.502 <0.003 <0.006 <0.003
Samples for dilatometric tests were machined to a cylinder of 8 mm diameter and 12 mm height.
The top and bottom surfaces of samples were polished conventionally to keep the measurement
surface level. The experiments were conducted according to the procedure shown in Figure 1 on
a ThermecMaster-Z hot thermal–mechanical simulator equipped with a light-emitting diode (LED)
dilatometer to quantitatively analyze the bainitic transformation of the three steels. The specimens
were heated to 1000 ◦C at a rate of 10 ◦C/s and held for 900 s to achieve a homogeneous austenitic
microstructure, followed by cooling to 350 ◦C at a rate of 10 ◦C/s. The austenitizing temperature of
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during heating). The small grain size can be obtained at a lower heating temperature. In addition,
there are few inclusions and precipitates in steels, so the holding time of 900 s was chosen. The cooling
rate of 10 ◦C/s refers to the cooling ability in the central area of thick plates in industrial production.
After isothermal holding for 3600 s at 350 ◦C for bainite precipitation, the samples were air-cooled to
room temperature.
Figure 1. Experimental procedure.
According to the empirical Equations (1) in Ref. [23] and (2) in Ref. [24], the bainite starting
temperature (BS) and martensite starting temperature (MS) of base steel are 471 ◦C and 336 ◦C,
respectively. Therefore, the isothermal transformation temperature is designed to be 350 ◦C. It can be
seen in Equation (2) that the Ms decreases by the addition of Cr, so the MS temperature for steels B and
C are smaller than 350 ◦C. It is known that finer bainite laths—and more of them—can be obtained at
the lower phase transition temperature, which is beneficial for the mechanical properties of bainitic
steel [11]. Moreover, martensite transformation will occur at the lower isothermal temperature (e.g.,
300 ◦C). Bainite laths become coarse at the higher isothermal temperature (e.g., 400 ◦C), which is
harmful to the mechanical properties of bainitic steel.
BS (◦C) = 630 − 45Mn − 40V − 35Si − 30Cr − 25Mo − 20Ni − 15W (1)
MS (◦C) = 498.9 − 333.3C − 33.3Mn − 27.8Cr − 16.7Ni − 11.1(Si + Mo + W) (2)
The time–temperature-transformation (TTT) curves of the three steels are plotted by MUCG83
software developed by Bhadeshia at Cambridge University (Figure 2). Chromium can enhance the
stability and hardenability of austenite, so that the TTT curve moves to bottom-right with Cr addition,
indicating that it is easy to obtain bainite at a certain cooling rate. In addition, higher temperature
transformation may occur by Al addition, which is harmful to bainitic transformation.
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Additionally, in order to investigate the properties of the tested steels, 140 × 20 × 10 mm
blocks were cut from hot-rolled sheets and heat-treated using the same procedure shown in Figure 1.
The specimens were mechanically polished and etched with a 4% nital solution for microstructure
examination. Both bainite morphology and fracture surfaces were examined using a Nova 400 Nano
field-emission scanning electron microscope (FE-SEM) operated at an accelerating voltage of 20 kV.
The volume fraction of bainite in the three specimens was calculated by Image-Pro Plus software, and
tensile tests were carried out on UTM-4503 electronic universal tensile tester at room temperature.
Tensile specimens were prepared according to the ASTM standard and the beam displacement rate
was 1 mm/min. Four tensile tests were conducted for each kind of tested steel and the corresponding
average values were calculated in this work. In order to determine the volume fraction of RA, X-ray
diffraction (XRD) experiments were conducted on BRUKER D8 ADVANCE diffractometer, using
unfiltered Cu Kα radiation and operating at 40 kV and 40 mA.
3. Results
3.1. Microstructure
Figure 3 presents the microstructures of the three steels before heating treatment. It can be
observed that the microstructures of the three steels mainly consist of lath-like bainite. The grain
sizes of prior-austenite before heating treatment are measured by Image-Pro Plus software to be
34.6 ± 8.5 μm, 31.5 ± 8.5 μm, and 39.2 ± 8.5 μm for steels A, B, and C, respectively. In addition, few
inclusions and precipitates are observed in the three steels due to very small amounts of N, P, and S
(Table 1 and Figure 3). At the same time, the same processing routes are utilized for all three steels.
Therefore, the influences of inclusions and precipitates in the three steels are small and similar.
Figure 3. SEM micrographs of three low-carbon bainitic steels before heating treatment: (a) base, (b) Cr
addition, and (c) Cr and Al addition.
Figure 4 shows the typical SEM microstructures of the three steels after isothermal holding for
3600 s at 350 ◦C following austenization at 1000 ◦C for 900 s. The classification method proposed in
Ref. [11,25] is used in the present work to identify the microstructure in low-carbon bainitic steels: the
microstructure is classified as ferrite (F), bainite ferrite (BF), and martensite (M). It can be observed
that the microstructures of the three specimens mainly consist of lath-like BF and martensite/austenite
(M/A) islands as shown in Figure 4. Prior-austenite grain boundaries (AGB) are well defined, as shown
by arrows in Figure 4b. The original austenite grain size of the three tested steels, which influences
the bainite morphology [11], was calculated by Image-Pro Plus software (Table 2). The prior-austenite
grain sizes of the three steels have no significant difference. In addition, some ferrite is observed in
steel A (base steel) and steel C (Cr + Al steel), as marked by the arrow in Figure 4c, but there is no ferrite
in steel B (Figure 4b). According to the micrographs, the volume fraction of bainite was calculated by
Image-Pro Plus software using the method in Ref. [11,26]. Further, the volume fractions of RA were
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It reveals that the sample with only Cr addition has the largest amount of bainite, while the base steel
without Cr and Al addition has the smallest percentage of bainite. It is clear that, compared with
base steel, Cr addition obviously increases the amount of bainite. However, the combined addition
of Cr and Al decreases the bainite amount to the level of base steel, indicating that Al addition in
Cr-bearing low-carbon bainitic steel obviously retards the bainitic transformation. It should be pointed
out that the MS of base steel is calculated to be 374 ◦C and 386 ◦C by empirical Equation (3) in Ref. [28]
and (4) in Ref. [29], respectively. However, the microstructures of the three steels after isothermal
transformation at 350 ◦C mainly consist of bainite rather than martensite (Figure 4). It indicates
that the empirical Equations (3) and (4) for MS are not suitable for the three tested steels in the
present study. The calculated results of BS and MS with different equations are not the same. The MS
temperatures of the base steel calculated by some equations are higher than 350 ◦C and others are
lower than 350 ◦C, indicating that the different equations were obtained with different steel grades
and experimental conditions. Moreover, the BS and MS in these equations may be corresponding
to equilibrium conditions. The BS and MS are also affected by cooling rate. Therefore, BS and MS
calculated by theoretical equations can only be used as theoretical reference. The real BS and MS at a
certain cooling rate for a steel grade should be measured by experiments.
MS (◦C) = 537.8 − 361.1C − 38.9(Mn + Cr) − 19.4Ni − 27.8Mo (3)
MS (◦C) = 561.1 − 473.9C − 33Mn − 16.7(Ni + Cr) − 21.1Mo (4)
Figure 4. SEM micrographs of three low-carbon bainitic steels after isothermal holding at 350 ◦C for
3600 s: (a) base, (b) Cr addition, and (c) Cr and Al addition.
Table 2. Prior-austenite grain sizes of three steels (μm).
Base Cr Cr + Al
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Table 3. The volume fractions of bainite ferrite (BF) and retained austenite (RA) in three steels.
Steels V(BF) (%) V(RA) (%)
A (base) 45.6 3.5
B (Cr) 68.4 11.5
C (Cr + Al) 48.6 10.7
3.2. Mechanical Properties
The engineering strain–stress curves of the three tested steels are presented in Figure 5, and the
corresponding mechanical properties are given in Table 4. Both the strength and the elongation are
improved by only Cr addition, while the combined addition of Cr and Al has no significant effect on
strength and elongation. Compared with steel A (base steel), the ultimate tensile strength (UTS) of Cr
addition steel (steel B) increases by 135 MPa, while the UTS and yield strength (YS) increments of Cr
and Al additional steel (steel C) are only 21 MPa and 12 MPa, respectively. Additionally, the strength
and total elongation (TE) of steel C (Cr + Al) is unexpectedly smaller than that of steel B (only Cr),
suggesting that no further improvement of mechanical properties occurs by Al addition in Cr-bearing
bainitic steel.
Figure 5. Engineering strain–stress curves of three tested steels with different compositions.
Table 4. Mechanical Properties of steels with different compositions.
Steels UTS (MPa) YS (MPa) TE (%) UTS × TE
(GPa%)
A (base) 1103 ± 18 867 ± 22 10.2 ± 0.4 11.25 ± 0.007
B (Cr) 1238 ± 21 889 ± 18 13.1 ± 0.8 16.22 ± 0.017
C (Cr + Al) 1124 ± 15 873 ± 16 12.8 ± 0.5 14.39 ± 0.008
UTS: ultimate tensile strength; YS: yield strength; TE: total elongation.
Figure 6 displays the tensile fracture morphologies of the three steels. The mix of quasi-cleavage
and dimples is exhibited in steel A (base steel), as shown by arrows in Figure 6a. A small number
of quasi-cleavage fractures with a river pattern are observed in steel A, without Cr and Al addition
(Figure 6a), indicating a portion of brittle fracture [19]. Nevertheless, this kind of brittle fracture
microstructure rarely appears in steels B (only Cr) and C (Cr + Al). Additionally, it is observed that the
diameters of dimples in the fracture of the steels with only Cr addition and combined addition of Cr
and Al are larger than that of steel A without Cr and Al addition. This means that the toughness of
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Figure 6. Fractographs of three tested steels with different compositions: (a) base, (b) Cr addition, and
(c) Cr and Al addition.
3.3. Thermal Dilatometry
In order to quantitatively and accurately investigate the influence of combined Cr and Al addition
on bainite transformation, dilatometric experiments were conducted on the thermo–mechanical
simulator. According to the recorded dilatometric data, dilatation curves of the three steels are
plotted. Figure 7 shows the recorded dilatation curves and transformation rates of the three steels
during isothermal holding at 350 ◦C. Figure 7a shows dilatations as a function of holding time during
isothermal holding at 350 ◦C, where the beginning of isothermal holding was selected as the zero point
of abscissa and ordinate axes. The transformation temperature was constant and no extra force was
applied on the sample during isothermal holding, thus the dilatation in Figure 7a represents the real
bainite transformation amount. It can be observed that compared with the base steel, the final amount
of bainite obviously increases with the addition of Cr, but it merely slightly rises with the combined
addition of Cr and Al. Moreover, the amount of bainite transformation of steel C (Cr + Al steel) is
obviously smaller than that of steel B (Cr steel), indicating that the addition of Al in Cr-bearing bainitic
steel has a negative effect on the amount of bainite.
In addition, dilatation rates versus holding time during isothermal holding at 350 ◦C are given in
Figure 7b. It shows that bainite transformation in steel C with combined Cr + Al addition and steel A
without Cr and Al is completed prior to steel B with individual Cr addition. Although the maximum
amount of bainite appears in steel B (Cr steel), the fastest transformation rate shows up in steel C
(Cr + Al steel). It indicates that the addition of Al accelerates initial bainitic transformation, while the
addition of Cr delays bainitic transformation. Besides, it is noticed that there is no distinguishable
difference in the transformation processes between steel A (base steel) and steel C (Cr + Al steel).
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that the combined Cr and Al addition has an ignorable effect on bainitic transformation rate compared
with the base steel. Moreover, bainitic transformation completes quickly in the three low-carbon steels
in the present study. This is contrast to high-carbon steels in which several hours or days are needed to
finish bainitic transformation [13,15].
Figure 7. (a) Dilation curves and (b) transformation rates of three steels recorded by dilatometer on
thermal simulator during bainitic transformation at 350 ◦C.
4. Discussions
4.1. Influence of Cr Addition
SEM micrographs (Figure 4) show that steel A mainly consists of bainite sheaves, a small amount
of ferrite, and M/A, while no ferrite exists in steel B. As reported by some researches [30–32], bainitic
transformation is characterized by incomplete reaction, thus some untransformed austenite after
isothermal holding could transform into martensite. The results of dilatometric test (Figure 7) and
microstructural determination (Table 3) both indicate that the bainite amount obviously increases
with about 1% Cr addition. For bainitic steels, more bainite amount and RA fractions can improve
mechanical properties [3,33,34]. In the present work, compared with steel A, the volume fractions
of bainite and RA in steel B increase by 22.8% and 8%, respectively, resulting in an increment of
135 MPa in UTS and about 3% in TE. It can also be explained from the viewpoint of wetting of
grain boundaries. It can be observed that the M/A particles with lath morphology clearly wet the
austenite grain boundary (AGB) as shown in the bottom-right in Figure 4b, while they wet few AGBs
in Figure 4a,c. It was reported by Straumal et al. [35] that the transition from incomplete to complete
surface wetting is a phase transformation. It indicates that more M/A particles distribute in steel B
(Cr steel) than steel A (base steel) and steel C (Cr + Al steel). The increased surface area contact of
martensite particles with ferrite facilitates stress transfer from ductile to hard phase, which contributes
to its high strength [36]. It demonstrates that a small amount of Cr addition in low-carbon bainitic steel
improves strength of steel with a better total elongation. The existence of ferrite in steel A indicates that
high-temperature phase transition happens during the cooling process before bainite transformation.
However, with the Cr addition, the ferrite transformation is avoided, resulting in an increased bainite
fraction. It is reported that Cr causes a separation of the bainite C-curve and extends the bainite
formation field [18,19]. Similar results can be obtained from Equations (1) and (2). The addition of Cr
decreases the BS and MS, which contributes to the greater amount of bainite. Moreover, Cr addition
enhances the hardenability of metastable austenite [22] and increases the stability of austenite to
ferrite [37]. Therefore, more undercooled austenite can transform into lath-like BF in the Cr addition
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4.2. Influence of Al Addition
Figure 7 shows that bainite transformation is accelerated by Al addition, which is consistent with
the results by Hu et al. [14,15], Caballero et al. [37] and others. SEM micrographs (Figure 4) indicate
that steel B (Cr steel) mainly consists of bainite sheaves without ferrite, while a small amount of ferrite
presents in steel C (Cr +Al steel), showing that Al addition promotes the formation of ferrite. According
to the dilation diagram (Figure 7), the total dilatation of steel C (Cr + Al steel) is only 0.0368 mm,
reduced by 19.5% compared to steel B (Cr steel, 0.0457 mm), which is consistent with the result listed in
Table 3. It indicates that 0.5% Al addition in Cr-bearing steel obviously reduces the final bainite amount.
In addition, the product of tensile strength and total elongation for steel C (Cr + Al steel) slightly
decreases from 16.22 GPa% for steel B (Cr steel) to 14.39 GPa%. Fonstein et al. [38] and Meyer et al. [17]
reported that Al addition can promote the formation of a high-temperature transformation product
such as ferrite. Therefore, the amount of bainite transformation decreases because of less supercooled
austenite. On the other hand, the results by Caballero and Bhadeshia [37] indicate that Al addition
has no significant effect on final bainite amount. This depends on whether the ferrite transformation
occurs. There is no ferrite transformation in their study, while ferrite appears in the present study,
which leads to the decrease of bainite amount. Therefore, the mechanical properties of steel C (Cr + Al
steel) are slightly smaller compared to steel B (Cr steel).
4.3. Influence of Composited Addition of Cr and Al
It can be observed from Table 3 that the volume fractions of bainite in steels A and C are 45.6% and
48.6%, respectively. Also, from the dilation curves, the dilatation of steel C (Cr and Al) is 0.0368 mm,
increased by 0.0022 mm compared to the 0.0346 mm expansion of base steel, demonstrating that the
effect of combined addition of Cr and Al on bainite transformation is very small. In addition, the
UTS of steel C (Cr and Al) increases by only 21 MPa compared with base steel, indicating that the
strengthening effect of combined Cr and Al addition has no significant improvement over that of
steel A (base steel). As mentioned previously, although the only Cr addition increases the final bainite
transformation amount, Al addition in Cr-bearing low-carbon steel reduces the amount of bainite
transformation because of the formation of high-temperature transformation product (F). This means
that the addition of Al weakens the promotion function of Cr on bainite transformation. Therefore,
the composite strengthening effect of Cr and Al addition has no significant improvement over that of
base steel. Al addition is very effective at shortening the bainitic transformation time in high-carbon
bainitic steel [13,37]. However, for the low-carbon bainitic steels, bainitic transformation can finish in a
short time even without Al addition (Figure 7), and Al should not be added in Cr-bearing low-carbon
bainitic steels because Al addition would result in lower mechanical properties.
5. Conclusions
Three low-carbon bainitic steels were designed in the present work. Metallographic method
and dilatometry were used to investigate the effects of Cr and Al addition on bainitic transformation,
microstructures, and properties. The results show that the individual addition of Cr is effective for
improving the strength of low-carbon bainite steel by increasing the amount of bainite transformation.
In addition, in Cr-bearing low-carbon steel, Al addition leads to lower mechanical properties due to
decreased amount of bainite transformation, although the addition of Al accelerates the initial bainitic
transformation and shortens the austenite-to-bainite transformation time. Moreover, the addition of
Al can effectively shorten the bainitic transformation time in high-carbon bainitic steels. However,
bainitic transformation in Cr-bearing low-carbon bainitic steels can finish in a short time. Therefore,
it is not necessary to add Al for the acceleration of bainitic transformation because Al addition would
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Abstract: The effect of metastable austenite on the hydrogen embrittlement (HE) of cold-rolled
(30% reduction in thickness) 301 stainless steel (SS) was investigated. Cold-rolled (CR) specimens
were hydrogen-charged in an autoclave at 300 or 450 ◦C under a pressure of 10 MPa for 160 h
before tensile tests. Both ordinary and notched tensile tests were performed in air to measure the
tensile properties of the non-charged and charged specimens. The results indicated that cold rolling
caused the transformation of austenite into α′ and ε-martensite in the 301 SS. Aging at 450 ◦C
enhanced the precipitation of M23C6 carbides, G, and σ phases in the cold-rolled specimen. In
addition, the formation of α′ martensite and M23C6 carbides along the grain boundaries increased
the HE susceptibility and low-temperature sensitization of the 450 ◦C-aged 301 SS. In contrast,
the grain boundary α′-martensite and M23C6 carbides were not observed in the as-rolled and
300 ◦C-aged specimens.
Keywords: stainless steel; hydrogen embrittlement; hydrogen charging; G and σ phases;
α′ martensite
1. Introduction
Austenitic stainless steels (SSs) have been extensively used in industrial applications due to
their good combination of corrosion resistance and mechanical properties. Metastable austenitic
SSs may undergo phase transformation from austenite (γ) into ferromagnetic α′-martensite during
plastic deformation [1–5]. The induced martensite during tensile tests at room temperature enhances
the elongation to fracture, hardness, and tensile strength [5]. However, the induced martensite
increases the susceptibility of austenitic stainless steels to hydrogen embrittlement (HE) [2–8].
In hydrogen-containing environments, the more austenite transforms into martensite, the more
ductility loss of the material occurs [6]. Hydrogen suppresses the transformation of austenite to
martensite, leading to hydrogen softening and localized brittle fracture [5]. Moreover, the suppressed
formation of α′-martensite in the highly strained region of a 304L specimen at 80 ◦C accounts for
its lowered HE susceptibility [7]. It has been reported that strain-induced α′-martensite acts as a
“hydrogen diffusion highway” in hydrogen-charged 304 SS [8], resulting in an increased hydrogen
concentration at the crack tip and accelerated crack growth.
Austenitic stainless steels are susceptible to stress corrosion cracking (SCC) in chloride-containing
solutions [9–15]. In MgCl2 solution, the mechanism of environment-induced cracking of austenitic
stainless steels can be either SCC or HE, depending on the test temperature [10,11]. A suitable
amount of cold work can lower the SCC susceptibility of austenitic stainless steels, whereas excessive
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cold working reverses that trend [16,17]. The machined 304L SS showed a marked increase in SCC
susceptibility as compared with the solution-annealed, unmachined, and cold worked samples [18,19].
Unlike martensite-free 304 SS, 304 SS with machining-induced martensite is greatly embrittled and
undergoes premature failure in 40 MPa hydrogen [20].
As austenitic stainless steels are heated in the temperature range between 500 ◦C and 850 ◦C,
chromium carbides form along the grain boundary, leaving an adjacent chromium depletion zone. This
phenomenon is called sensitization and it is responsible for intergranular corrosion or intergranular
SCC (IGSCC) [21–24]. Cold-working austenitic stainless steels accelerates carbide precipitation, even
in a Ti-stabilized (AISI 321) SS [24]. Cathodic hydrogen-charging greatly reduces the ductility of
tensile specimens and decreases the time-to-failure of 304L SS and 308L weld metals under constant
load tests, especially for the sensitized 304L (650 ◦C/24 h aging) [22]. Furthermore, the nucleation of
tiny carbides in many austenitic SSs is enhanced by welding, thermo-mechanical processing, or slow
cooling from the solution-annealed temperature. Such thermo or thermo-mechanical processes might
not immediately induce IGSCC of the alloys. The number of carbide precipitates remains unchanged,
but they grow in size during subsequent long-term service below 500 ◦C. Sensitization of austenitic SSs
at temperatures below the classic sensitization range (500 ◦C–800 ◦C) is referred to as low-temperature
sensitization (LTS).
Cold deformation increases the degree of 304 SS sensitization up to 65 times that of undeformed
304 SS tested at 500 ◦C [25]. In a previous study, 304 SS welds exposed to a temperature of
450 ◦C for 6600 h suffered from IGSCC due to the presence of (Fe,Cr)23C6 carbides along grain
boundaries [26]. Cold working of the steel increases the sensitization kinetics of austenitic SSs by up
to 15%, while further cold working shows less effect on sensitization [23]. The induced martensite
in cold-worked 304 [27] or 304L [28] SSs causes low-temperature sensitization at 380 ◦C [27] and
500 ◦C [28], thereby increasing the SCC susceptibility in a BWR (boiling water reactor) simulated
environment [28]. Furthermore, sensitization causes α′-martensite transformation preferentially along
the grain boundaries of 304 and 316 SSs, which provides a high diffusivity path of hydrogen to the
crack tip [29] and enhances the intergranular fracture and HE susceptibility of the steel [29].
In this study, cold-rolled 301 SS was hydrogen-charged in an autoclave at 300 ◦C or 450 ◦C
at the pressure of 10 MPa for 160 h before straining. The effects of low-temperature sensitization
during aging/hydrogen-charging at 300 ◦C or 450 ◦C on the microstructure were investigated. The HE
susceptibility of various specimens was correlated with the corresponding microstructures, particularly
the induced martensite and fine precipitates in the specimens.
2. Experimental Procedures
The chemical composition of the AISI 301 SS used in this study was 16.71 Cr, 6.89 Ni, 0.08 C,
1.16 Mn, 0.54 Si, 0.02 P, 0.003 S, and the balance Fe in wt %. The 301 SS in the plate form with a thickness
of 4.5 mm was solution-annealed at 1050 ◦C for 30 min and had a hardness of Hv 176. Cold rolling of
the 301 SS plate with 30 % in thickness reduction was performed at room temperature, and designated
as CR (cold-rolled) specimen. For comparison, CR specimens were aged at 300 ◦C or 450 ◦C for 160 h,
and these specimens were respectively designated as CR-300 and CR-450.
Figure 1 shows the dimensions of the double-edge notched tensile and standard tensile specimens,
which had a thickness of 3 mm. Cold-rolled specimens were hydrogen-charged in an autoclave at
300 ◦C or 450 ◦C at a pressure of 10 MPa for 160 h before straining. They were designated as CR-300H
and CR-450H, respectively. Standard tensile specimens, according to ASTM E8 specification with a
gauge length of 25 mm, were wire-cut directly from the cold-rolled plates along the rolling direction.
Ordinary tensile tests were carried out at a strain rate of 6 × 10−4 s−1 (crosshead displacement rate of
0.9 mm/min) in laboratory air to determine the tensile properties of the non-hydrogen-charged
specimens. Notched tensile tests were performed to evaluate the HE susceptibility of the
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Figure 1. Schematic dimensions of (a) a double-edge notched specimen and (b) a standard tensile
specimen. (RD: Rolling Direction).
A Fischer MP30 ferritescope (Windsor, CT, USA) can measure the ferrite contents precisely in
austenitic and duplex SSs. The ferritescope was used in this study to determine the amounts of
strain-induced α′-martensite in all specimens [30,31]. The hydrogen-charged samples (CR-300H and
CR-450H) with the dimensions of 1 × 1 × 1 cm3 were ground by No. 2000 SiC paper before cleaning.
The hydrogen contents of the charged samples (CR-300H and CR-450H) were measured by using the
LECO-TCH 600 (Saint Joseph, MI, USA). After hydrogen-charging, they were melted in a crucible.
The amounts of H and O were calculated from the H2O, CO, and CO2 mixture. Fractographs of each
specimen after tensile straining were inspected with a NOVA-450 scanning electron microscope (SEM,
Hillsboro, OR, USA). Selected specimens were inspected by using a JEOL 2000EX transmission electron
microscope (TEM, Akishima, Japan). A high resolution TEM (HRTEM), FEI Tecnai G2 F20 (Hillsboro,
OR, USA), was applied to inspect the nano-sized precipitates in the specimen.
3. Results
3.1. Microstructural Observation
Figure 2 shows optical metallographs of cold-rolled specimens with different aging conditions.
Figure 2a is a composite photograph of the CR specimen revealing the microstructures along three
perpendicular directions. No severe texture was observed in the CR specimen after 30% thickness
reduction. The CR specimen contained basket-weaved slip bands within equiaxial austenite grains.
In the case of the specimens aged at 300 (CR-300) and 450 ◦C (CR-450), slip bands could be still observed
clearly, as shown in Figure 2b,c. The ferritescope was used to determine the amount of strain-induced
α′ martensite formed in the tested specimens. The ferrite contents of the CR, CR-300, and CR-450
specimens were 26%, 26%, and 29%, respectively. It is well known that heating strain-induced α′
martensite to an appropriate temperature will cause it to revert into austenite, leading to a decrease in
ferrite content. It was deduced that increased amount of α′ martensite in the CR-450 specimen was
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Figure 2. Optical metallographs of: (a) three mutually perpendicular planes of the CR, (b) CR-300, and
(c) CR-450 specimens.
3.2. Mechanical Properties
Table 1 lists the mechanical properties of the test specimens. The 30% cold rolling obviously
increased the surface hardness of CR specimen to Hv 455, as compared with the Hv 176 of the annealed
301 SS. Dislocation recovery during aging at 300 ◦C was expected to be responsible for the slight
decrease in surface hardness of CR-300 specimen to Hv 445. The surface hardness of CR-450 specimen
further reduced to Hv 414 due to the overage at 450 ◦C. The results of ordinary tensile tests revealed
that all three tested specimens had the same elongation of 24%. The ordinary tensile strengths of the
CR and CR-300 specimens were similar. However, the YS and UTS of the CR-450 specimen were lower
than those of the CR and CR-300 ones.
Table 1. Mechanical properties of tested specimens with 30% reduction in thickness.
Specimen YS a (MPa) UTS b (MPa) EL c (%) Hardness(Hv) NTS d (MPa)
CR 1350 1506 24 455 1737
CR-300 e 1400 1544 24 445 1743
CR-450 f 1200 1296 24 414 1584
CR-300H g - - - - 1339
CR-450H h - - - - 843
a YS: offset yield strength; b UTS: ultimate tensile strength; c EL: elongation; d NTS: notched tensile strength; e CR-300:
CR specimen aged at 300 ◦C for 160 h in vacuum; f CR-450: CR specimen aged at 450 ◦C for 160 h in vacuum;
g CR-300H: CR specimen hydrogen-charged at 300 ◦C for 160 h; h CR-450H: CR specimen hydrogen-charged at
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Notched tensile tests were performed in air to evaluate the notch brittleness of the specimens.
The NTSs of the CR, CR-300, and CR-450 specimens were 1737, 1743, and 1584 MPa, respectively.
The NTS of the CR-450 specimen was lower than those of the CR and CR-300 ones. This is consistent
with the YS and UTS results for the CR, CR-300, and CR-450 specimens. It is noted that the NTS
was significantly higher than the corresponding UTS for all specimens, indicating that the notched
specimens possessed enough toughness to resist localized brittle fracture before rupture in air.
Notched tensile strengths tested in air versus displacement curves of the non-charged (solid
lines) and hydrogen-charged (dotted lines) specimens are shown in Figure 3. The NTSs of the CR and
CR-300 specimens were similar, but the CR-300 specimen had a slightly higher notch displacement
(notch ductility) than the CR one. In contrast, the NTS and notch displacement of the CR-450 specimen
were obviously lower than those of the CR and CR-300 ones tested in air. Subsequently, aging the
cold-rolled 301 SS at 450 ◦C was found to deteriorate its notched tensile properties. As shown in
Figure 3, hydrogen-charging caused a significant drop in NTSs and notch displacements of both
the CR-300H and CR-450H specimens. HE was responsible for such a severe degradation of notch
tensile properties of the hydrogen-charged specimens. The results also indicated that the CR-450H
specimen was more damaged by hydrogen-charging than the CR-300H one. Aging the cold worked
specimen at higher temperature was expected to improve its ductility and reduce brittleness, but these
improvements did not occur in the CR-450 specimen. This result would be addressed in the later
discussion of the mechanism of deterioration in CR-450.
Figure 3. Notched tensile tests of non-hydrogen-charged (solid lines) and hydrogen-charged (dash
lines) specimens.
3.3. Fractographic Examinations
The macroscopic fracture appearances of selected notched tensile specimens are shown in Figure 4.
The fractographs of the CR and CR-300 specimens were alike, comprising extensive shear fractured
(SF) regions (shear lips) on the lateral surfaces and triangular flat fracture (FF) zones ahead of the notch
fronts, as shown in Figure 4a. A noticeable reduction of the SF regions and an increase in the size of
the FF zone were observed in the CR-450 specimen after the notched tensile test (Figure 4b). Moreover,
the fractograph shown in Figure 4b exhibited lamellar tears and many fine secondary cracks. Even
without hydrogen-charging, the CR-450 specimen showed inherent notch brittleness in comparison
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Figure 4. Macro-fracture appearances of (a) CR-300, (b) CR-450, (c) CR-300H, and
(d) CR-450H specimens.
It is known that hydrogen tends to accumulate and embrittle the elastic-plastic boundaries
of high-strength steels [32], and this embrittlement becomes more severe at the locations of stress
concentration, such as a notch [33,34]. Moreover, a notch can produce a triaxial stress state, and
limits the plastic deformation ahead of the notch tip. The marked decreases in NTSs and notch
displacements of the hydrogen-charged specimens (CR-300H and CR-450H in Figure 3) were associated
with significant changes in their fractographs as illustrated in Figure 4c,d. In the CR-300H specimen,
most SF zones were replaced by FF regions with parallel secondary cracks (Figure 4c). For the
CR-450H specimen, the fractured surface was dominated by FF regions (Figure 4d) due to the high
HE susceptibility.
Failure analyses of all fractured surfaces after tensile tests were performed using an SEM. Ductile
dimple fracture was observed in all ordinary tensile specimens (not shown here). SEM fractographs
of selected specimens after notched tensile tests are presented in Figure 5. The fracture modes of the
CR-300 and CR-450 specimens differed slightly. In the CR-300 specimen, predominant fine shallow
dimples mixed with sparsely flat cleavage-like fracture were observed within the FF zones ahead of
notch front (Figure 5a). In contrast, mainly cleavage fracture with secondary cracks along austenite
grain boundaries was found ahead of the notch front of the CR-450 specimen (Figure 5b), indicating
the brittle nature of the sample. The CR-450 specimen, even without hydrogen-charging, was likely
to suffer intergranular fracture under strain. Regarding the hydrogen-charged specimens, extensive
cleavage-like fracture together with numerous secondary cracks was observed in the CR-300H
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Figure 5. SEM fractographs of (a) CR-300, (b) CR-450, (c) CR-300H, and (d) CR-450H specimens after
notched tensile test.
3.4. TEM Examinations
Figure 6 displays detailed TEM micrographs of the CR specimen. There were three distinct
structures—ε-martensite, α′-martensite, and austenite—in the CR specimen. The microstructure of the
CR specimen was primarily comprised of parallel strips of ε-martensite (hcp) in the austenite (γ, fcc)
matrix, as illustrated in Figure 6a. The ε-martensite formed in slip bands due to the 30% cold rolling
of the 301 SS. The α′-martensite (bcc) had also been found mainly at the intersections of ε-martensite
strips. Similar results were obtained in prior study of the SCC of cold-rolled 304L SS [4,12], consistent
with the location of α′-martensite, as shown in Figure 6b.
Figure 6. TEM micrographs of the CR specimen illustrating (a) ε-martensite strips in the austenite
matrix, (b) α′-martensite at the intersections of ε-martensite strips.
In the CR-450 specimen, further aging at 450 ◦C for 160 h enhanced the transformation of
metastable austenite into α′-martensite and the precipitation of M23C6 carbides along the grain
boundaries, as displayed in Figure 7. In the CR and CR-300 specimens, the grain boundary
α′-martensite and M23C6 carbides were not observed. Due to the presence of fresh grain boundary








Metals 2017, 7, 58
CR-300 specimens. Both the precipitation of M23C6 carbides and increased α′-martensite along the
grain boundaries resulted in increasing HE susceptibility of the CR-450H specimen, as compared
with the CR-300H specimens. It was obvious that cold rolling the 301 SS induced partial austenite
transformation into α′- and ε-martensite. The subsequent aging at 450 ◦C promoted the formation of
grain boundary α′-martensite and M23C6 carbides, which were responsible for the low-temperature
sensitization of the SS.
Figure 7. TEM images of the CR-450 specimen: (a) bright field image, (b) dark field image of carbides
using (111) diffraction spot, (c) dark field image of α′ martensite using (101) spot, (d) selected area
diffraction pattern with two identified structures.
Figure 8 shows TEM images of the G and σ phases in the CR-450 specimen. Nano-sized
precipitates, G and σ phases, were found in the α′ martensite of the CR-450 specimen, as shown
in Figure 8a–c. The average size of the G phase precipitates was greater than that of the σ phase
precipitates. The lattice image was transformed into a diffraction pattern by fast Fourier transform
(FFT) for identification of the crystal structure of nano-sized precipitates by high resolution TEM.
Figure 8b is a lattice image of the G phase formed in the α' matrix with a [100] zone axis. A σ precipitate
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Figure 8. TEM images and high resolution lattice images with fast Fourier transform diffraction
patterns of the CR-450 specimen: (a,b) G phase; and (c,d) σ phase.
4. Discussion
In general, an increase in annealing temperature reduces the strain-hardening effect of cold-rolled
steels. Annealing treatment can improve the resistance of work-hardened steel to HE. As shown in
Figure 6, cold work enhanced the formation of ε- and α’-martensite in the metastable austenitic SS.
Moreover, metastable austenitic SSs undergo traditional sensitization when heated above 500 ◦C, and
low-temperature sensitization occurs below 500 ◦C, if the cold work is applied. The formation of
induced α′-martensite is responsible for its easy sensitization. In this work, aging the cold-rolled
301 SS at 450 ◦C (CR-450) assisted the formation of grain boundary α′-martensite and M23C6 carbides.
In contrast, grain boundary α’-martensite and M23C6 carbides were not observed in the CR and
CR-300 specimens.
As illustrated in Table 1, both UTS and YS of the CR-300 specimen were slightly higher than those
of the CR one. In contrast, UTS and YS of the CR-450 specimen were obviously lower than those of
CR and CR-300 ones. Moreover, all specimens showed equivalent tensile elongation tested in air. The
results indicated increasing the annealing temperature to 450 ◦C did not improve the ductility but
caused a decline in strength of the cold worked 301 SS. The results of notched tensile tests in air also
revealed that the NTS of CR-450 specimen was lower than those of the others. As shown in Figure 4,
the CR-450 specimen comprised of extensive flat fracture region (Figure 4b), in contrast, shear fracture
dominated the fractographs of CR and CR-300 specimens (Figure 4a). It demonstrated the fact of
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the specimen. SEM fractographs of the CR-450 specimen after the notched tensile test in air showed
cleavage-like fracture along with intergranular fracture (Figure 5b), which could be associated with
the formation of grain boundary α′-martensite and M23C6 carbides, as shown in Figure 7. Without the
presence of brittle microstructures along grain boundaries, the notched fracture appearance of the CR
and CR-300 specimens showed predominantly shallow dimple fracture (Figure 5a).
It was reported that the HE susceptibility of the austenitic SSs is affected by the
compositions [35,36] and prestrained level of the SS [37,38]. Dynamic interactions between hydrogen
and the induced martensite play important roles in the HE of the hydrogen-charged 304 SS [37].
The hydrogen enhances the formation of α′-martensite, which facilitates HE and dominates the
fracture process of the metastable austenitic SS [7]. Moreover, the hydrogen source influences the
location of crack initiation and propagation in austenitic SSs. An external hydrogen source promotes
crack initiation and propagation at the surface. Similar to surface cracks, the propagation of internal
cracks is accelerated by the presence of internal hydrogen in the 304 and 316 SSs [35].
In Table 1, both CR-300H and CR-450H specimens were highly susceptible to internal HE,
especially for the CR-450H one. It was deduced that high sensitivity to HE of the cold worked
301 SS could be attributed to its low austenite stability under straining. The CR-450H specimen
suffered from a greater loss of ductility than the CR-300H specimen, as displayed in Figure 3. Both
macro- and micro-fractographs, as shown in Figures 4 and 5, also confirmed that the CR-450H specimen
was more susceptible to internal HE than the CR-300H specimen. High extent of intergranular fracture
in the CR-450H specimen was associated with the brittle characteristics of grain boundaries.
Nano-sized G and σ particles were observed in α′-martensite of CR-450 specimen (Figure 8).
The precipitation of G phase in the ferrite matrix has also been reported in the duplex SS after
prolonged aging above 350 ◦C [39]. The precipitation of nano-sized G and σ phases further
strengthened the interiors of the grains of the CR-450 sample. The strengthening of the grain interior
by nano-sized precipitates highlighted the weakness of the embrittled grain boundaries and favored
crack propagation therein. Actually, hydrogen-charging caused more hydrogen to diffuse into the
specimen at 450 ◦C than that at 300 ◦C. The hydrogen concentrations of the CR-300H and CR-450H
were 12 and 20 ppm, respectively. A high hydrogen concentration is usually accompanied by high HE
susceptibility. Both the deteriorated microstructure and the high hydrogen content accounted for the
high HE susceptibility and extensive intergranular fracture of the CR-450H specimen.
5. Conclusions
The effects of cold rolling and subsequent hydrogen-charging at 300 ◦C or 450 ◦C for 160 h
on the microstructure, tensile properties, and HE susceptibility of 301 SS were investigated. Cold
rolling caused ε-martensite to form in parallel strips of the slip bands, and α′-martensite was found
mainly at the intersections of ε-martensite. Hydrogen-charging at 300 ◦C and 450 ◦C led to severe
HE of the cold-rolled 301 SS, particularly in the 450 ◦C charged specimens. In specimens that were
not hydrogen-charged, the notched tensile fracture of the 450 ◦C-aged one showed brittle fracture
appearance, which comprised of cleavage-like fracture together with intergranular separations. In the
CR-450 specimen, α′-martensite and M23C6 carbides were formed along the grain boundary. Because
of this fresh grain boundary of α′-martensite, the ferrite contents of the CR-450 specimen were higher
than those of the CR and CR-300 specimens. Moreover, very fine precipitates including the G and σ
phases were found in the α′-martensite. The formation of grain boundary α′-martensite and M23C6
carbides together with nano-sized precipitates in the α′-martensite were responsible for the high HE
susceptibility and low-temperature sensitization of the CR-450 specimen. In contrast, those of grain
boundary precipitates and nano-sized phases were not observed in the CR and CR-300 specimens.
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Abstract: The properties of carbides, such as morphology, size, and type, in H13 hot work die
steel were studied with optical microscopy, transmission electron microscopy, electron diffraction,
and energy dispersive X-ray analysis; their size distribution and quantity after tempering, at different
positions within the ingot, were analyzed using Image-Pro Plus software. Thermodynamic
calculations were also performed for these carbides. The microstructures near the ingot surface were
homogeneous and had slender martensite laths. Two kinds of carbide precipitates have been detected
in H13: (1) MC and M6C, generally smaller than 200 nm; and (2) M23C6, usually larger than 200 nm.
MC and M6C play the key role in precipitation hardening. These are the most frequent carbides
precipitating at the halfway point from the center of the ingot, and the least frequent at the surface.
From the center of the ingot to its surface, the size and volume fraction of the carbides decrease,
and the toughness improves, while the contribution of the carbides to the yield strength increases.
Keywords: H13 steel after tempering; thermodynamic calculation; carbides; precipitation strengthening
1. Introduction
As a typical hot work die steel, H13 (4Cr5MoSiV1) (where “4” means that the carbon content is
about 0.4%), has excellent resistance to heat, wear, and thermal mechanical fatigue [1]; thus, it is widely
employed in high temperature applications, such as die casting molds, hot rolling, hot extrusion,
and hot forging, where the operating tool is repeatedly subjected to high temperatures and loads [2].
Toughness and yield strength, determined by the martensite and carbides [3,4], are the most important
mechanical properties of H13 [5].
Most carbides dissolve in H13 during the quenching process and precipitate from martensite as
uniformly dispersed nanoparticles during tempering, resulting in secondary hardening. Thus, the heat
treatment process has significant effects on the properties of the carbides and hence on the quality
of the steel. Extensive research has been performed on both the solidification process in H13 and the
effects of heat treatment; changes in the microstructure and categories of carbides have been studied in
the laboratory and also at the industrial plant scale [6–8]. By electrolytically extracting precipitates after
tempering H13, Song et al. [9] discovered that the carbides in H13 were mainly V8C7, which not only
includes pseudo-eutectic carbides not dissolved in H13 during forging, but also includes the secondary
hardening carbides precipitated from martensite. These secondary carbides are regarded as the main
strengthening phase because of their fine particle size and well-dispersed distribution. In addition,
M2C, M6C, and M7C3-type carbides also precipitate during tempering. Zhang et al. [10] measured the
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particle distribution of MC by using small-angle X-ray scattering and reported that the precipitation
strengthening increment of tempering at 873 K was 171.72 MPa. Fu et al. [11] demonstrated that the
precipitation strengthening increments of Fe3C and Ti(C,N) during rapid cooling after rolling were
194.4 MPa and 130 MPa, respectively, in Ti microalloyed high-strength weathering steel. These reports,
however, did not precisely describe the shape, size, and distribution of the carbides. The influence of
precipitates on the mechanical properties—especially toughness and yield strength—of hot work die
steel is also rarely reported.
A previous study by our group [12] investigated the effect of different heat treatments on the
precipitates and strengthening mechanism in H13, and a root-mean-square summation law, which was




2 , where σg,
σs, σd and σp represent the contributions of fine-grain strengthening, solid-solution strengthening,
dislocation strengthening, and precipitates’ strengthening.
In this article, the types of carbides formed in H13 during tempering are described,
their characteristics are clarified, and then thermodynamic calculations are performed. The type,
size, and volume of carbides are analyzed in three different regions of the H13 ingot, and their
contribution to the yield strength is discussed. The influence of precipitates on yield strength and
impact properties is also discussed.
2. Experimental Materials and Methods
The chemical composition of H13 hot work die steel is shown in Table 1. The smelting process
included electric arc furnace (EAF) melting, ladle refining (LF), vacuum degassing (VD), and electro-slag
remelting (ESR). The ingot diameter was 220 mm and its available weight was up to 5 t.
Table 1. Chemical composition of H13 steel, %.
C Si Mn P S Cr Ni Cu Mo V Al N T [O]
0.39 0.88 0.34 0.0064 0.0005 5.13 0.086 0.054 1.5 0.99 0.047 0.0015 0.0017
The heat treatment was simulated industrial processing and was performed as follows:
First, the ESR ingot was forged at 1373 K to bar stock with a diameter of 105 mm. Then the forged
ingot was annealed at 1133 K for 10 h, cooled to 773 K in the furnace, and further cooled to room
temperature in air, as shown in Figure 1a.
Next, a 105 mm diameter × 60 mm thick sample was cut from the central part of the ingot.
This sample was preheated to 1113 K at a rate of 13 K/min, maintained for 20 min, heated to 1303 K at
a rate of 6 K/min, maintained for an additional 30 min, and then cooled in oil at 33 K/min, as shown
in Figure 1b.
Finally, the sample was tempered for 2 h at 863 K, and then cooled in air to room temperature,
as shown in Figure 1c.
Smaller samples were then cut from the main sample for transverse and longitudinal impact value
(Charpy V-notch) tests, tensile strength measurements, and metallographic studies. The dimensions
of the Charpy test samples were 10 × 10 × 55 mm3, the tensile test samples were Φ8 × 120 mm2
(the gripping end was Φ12 × 50 mm2), and the metallographic samples were 10 × 10 × 10 mm3.
The positions of sampling were: near the center (#1), halfway between the center and the outer surface
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Figure 2. Positions of the H13 steel samples: (a) Large sample taken from the middle of the ingot after
annealing; (b) Individual test samples taken from the center (#1), half-radius (#2), and outer surface
(#3) of (a) after tempering.
The impact values of the three samples were tested by a ZBC2452-B Pendulum impact testing
machine (MTS System Corporation, Shenzhen, China). Tensile strength, yield strength, elongation,
and area reduction were examined with a CMT4105 electronic universal testing machine (MTS System
Corporation, Shenzhen, China). A 500MRA Rockwell hardness tester was used to measure the hardness
of the samples. The microstructure of the steel was observed with a 9XB-PC optical microscope
(Shanghai Optical Instrument Factory, Shanghai, China). The morphology of the carbides in the three
samples was examined with an F30 high resolution transmission electron microscope (HR TEM)
(FEI Company, Hillsboro, OR, USA). The carbon extraction replica method was used to prepare the
TEM samples; the specific steps were as follows: first etch the polished metallographic samples in
8% nitric acid alcohol solution, then coat them with a layer of evaporated carbon film, approximately
20–30 nm thick, and finally extract the precipitates by using 10% nitric acid alcohol solution and mount
the carbon membrane on a copper grid. The morphology of the precipitates was analyzed by TEM
after the samples were dried.
3. Experimental Results
3.1. Metallographic Structure after Tempering
As shown in Figure 3, the microstructure of H13 after tempering includes martensite, fine-grained
pearlite, and a large number of carbides. The heterogeneity of the microstructures is obvious both
at the center and at the half-radius of the ingot (Figure 3a,b). Light field represents the alloy-rich
and carbide-rich field, while the situation is opposite in the dark field where the carbides dissolve
and martensite forms [13]. Especially in the center, there exist segregation bands composed of
eutectic carbides, as shown in Figure 3a. Compared with the center and the half-radius of the ingot,
the microstructures near the outer surface (Figure 3c) are much more homogeneous and appear to








Metals 2017, 7, 70
Figure 3. Microstructure of the H13 ingot at different positions after tempering. (a) Center; (b) Half-radius;
(c) Outer surface.
It is well known that the cooling speed is lowest in the center and fastest at the surface during
ESR [14]. It is difficult to eliminate eutectic carbides and segregation during ESR by conventional heat
treatment. Thus, the formation of eutectic carbides consumes alloying elements and carbon in H13,
influencing the formation of nanocarbides; meanwhile, the segregation that causes the heterogeneous
distribution of elements in H13 can in some cases also have an effect on the distribution, sizes, and
amounts of nanocarbides.
3.2. Types of Precipitates during Tempering
After observing 300 photomicrographs (14.5 × 14.5 μm2 each) as well as the EDS results, it was
determined that most of the fine particles are V-rich MC-type carbides along with some Mo-rich
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Some Cr-rich carbides were also observed; these are usually larger than the V- and Mo-rich
carbides—200 nm or more—and are irregularly spherical in shape. As shown in Figures 4 and 6,
V8C7 was found near the surface of the H13 ingot, and M23C6 was also detected [15]. However, most of
the M23C6 was found at the center of the H13 ingot in this experiment. V8C7 belongs to the family of
cubic MC-type carbides, and its lattice constant is a = b = c = 0.833 nm. The particles found near the
surface of our H13 ingot were approximately spherical in shape, with a diameter of about 100 nm.
Figure 4. Precipitates of V8C7 near the surface of the H13 ingot after tempering: (a) Morphology
by TEM; (b) SAED (Selected Area Electron Diffraction) analysis; (c) EDS (Energy Dispersive X-ray
Spectrum) analysis.
Figure 5. Precipitates of Mo-rich carbides at half-radius of the H13 ingot after tempering: (a) Morphology
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Figure 6. Precipitates of M23C6 at the center of the H13 ingot after tempering: (a) Morphology by TEM;
(b) SAED analysis; (c) EDS analysis.
According to the morphology and EDS analysis in Figure 5, the indicated nanoparticle is
an M6C-type carbide, which is detected at the half-radius of the H13 ingot, rich in Mo and Fe,
with an elongated shape, about 200 × 90 nm2.
The types of precipitates that were found in H13 by using the carbon extraction replica method were
consistent with the published literature [7,9]. It was also found in this experiment that although the size of
the Mo-rich M6C particles was larger than that of the V-rich MC, both of them are widely and uniformly
distributed throughout the ingot, and both work as secondary hardening and contribute to tempering
resistance. V-rich MC, mixed with M2C and M6C in steel, can improve the tempering resistance [16].
3.3. Analysis of the Size and Volume of Precipitate Carbides
In the present trials, 15 large fields of view (6000×) and 15 small fields of view (30,000×) were
randomly selected from points #1, #2, and #3 in order to analyze the volumes and size distribution of the
carbides. Figure 7a,b shows the micro-morphology and distribution of carbides in H13 after tempering
for 2 h.
Figure 7. Distribution of carbides at the half-radius of the H13 ingot after tempering. (a) Large field of
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The amount of precipitates and their size distribution were obtained by using Image-Pro Plus
software (Media Cybernetics Inc., Rockville, MD, USA). Image-Pro Plus is designed for processing,
enhancing, and analyzing pictures; it has exceptionally rich measurement and customization features.
The statistical results are listed in Table 2.











3.8 × 3.8 15 711
82.60.8 × 0.8 15 394
2
3.8 × 3.8 15 815
81.60.8 × 0.8 15 327
3
3.8 × 3.8 15 683
60.70.8 × 0.8 15 261
Table 2 shows the quantity and size distribution of the carbides. It can be seen that the sizes of the
precipitation carbides decrease gradually from the center to the surface of the H13 ingot, while the
precipitation quantity is largest at the half-radius. The average size of the nanocarbides at the center is
almost the same as that at the half-radius. Under the influence of eutectic carbides and the segregation
of metallic elements, nanocarbides precipitate insufficiently; therefore, the precipitation quantity at the
center is smaller than that at the half-radius after tempering. Many fine carbides on the surface, such as
M2C, do not have enough time to precipitate because of the rapid oil cooling speed after tempering;
therefore there are very few carbides near the surface. However, near the surface, the average size of
carbides is 60.7 nm; this size is finer than the corresponding sizes at either the center or at the half
radius. In order to obtain H13 steel with sufficiently high strength and hardness, the appropriate
holding time and temperature should be set to allow for sufficient nanocarbides to precipitate.
The precipitation quantities in different particle size ranges (<150 nm) of these three positions is
shown in Figure 8, and it can be seen that:
(1) The carbides less than 150 nm in size precipitate most frequently at the half-radius of the H13 ingot.
Therefore, the quantity of precipitates at this position is the largest.
(2) The greatest number of carbides are of sizes less than 50 nm, occurring near the surface of the ingot.
Therefore, the average size is smallest at this position.
(3) The particle size distribution deviates from a Gaussian distribution, possibly because short-time
tempering leads to insufficient growth of the precipitates and a large number of small
newly-formed carbides precipitate during tempering.
It can be concluded that, after tempering for 2 h, the carbides had an average size of 76 nm, which is
finer than the size after ESR (90 nm), forging annealing (206 nm), and quenching (137 nm) [17,18].
Although the residual carbides grow and coarsen at lower temperatures during quenching [7],
martensite decomposes and secondary phases are precipitated during tempering; thus a large number
of nanocarbides, which have a significant effect on precipitation strengthening, precipitate from the
grain boundaries and inside the grains of martensite. Therefore, the quantity increases and the average
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Figure 8. Size distribution of carbides in H13 at the three different locations after tempering.
4. Discussion
4.1. Thermodynamic Calculation of Carbides during Tempering
As mentioned above, MoC, VC, and V8C7 belong to the MC family of carbides; and M23C6 is
a Cr-rich carbide. The following study focuses on the precipitation temperatures of VC, V8C7, Cr23C6,
and MoC, and their evolution during tempering is also discussed.
According to the relevant chemical reaction and Gibbs free energy [19–21], a precipitation reaction
of Cr23C6 and MoC is obtained.
23[Cr]γ + 6[C]γ = Cr23C6(s), ΔG
∅ = −959797.2 + 1172.7T (1)
[Mo]γ + [C]γ = MoC(s), ΔG
∅ = −149038 + 94.97T (2)
The equilibrium solubility product in austenite is obtained from Equations (1) and (2).








Owing to the very low solubility of MC-type carbides in austenite, it is difficult to test the solubility
of MC-type carbides experimentally, and the only result available at the present time has been deduced
from thermodynamic data. According to the published literature [21], the solubility products of V8C7
and VC in ferrite and austenite are given by the following:








The precipitation temperatures of these carbides can be obtained by inserting the following values
into Equations (3)–(6): w[Cr]% = 5.13, w[Mo]% = 1.5, w[V]% = 0.99, and w[C]% = 0.39; the results are
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Table 3. Precipitation temperatures of carbides in H13 during solidification.
Austenite Region
Carbides V8C7 MoC VC Cr23C6
Temperature 1553.5 K 1499.0 K 1331.8 K 1058.2 K
Only when the temperature is below the precipitating temperatures do these carbides precipitate.
The austenite region of H13 is between the liquid line at 1755 K and the Ar1 line at 1048 K [1].
From Table 3, the precipitation sequence is MC > M23C6.
According to experimental results combined with theoretical calculations, it can be concluded
that V8C7 precipitates at a higher temperature (1553.5 K), but it has low coarsening speed (Figure 4).
V-rich carbides are more widely dispersed and finer than Cr carbides. Another conclusion is that M23C6
precipitates at a lower temperature (1058.2 K), but has a faster coarsening speed (Figure 5), because
the diffusion rate of Cr in austenite is greater than that of V [21]. M23C6 has high Cr content and thus
Cr-rich carbides are easy to grow at the grain boundaries [22]. Cr carbides have a larger precipitation
volume fraction and are not so widely distributed in the form of fine particles. MoC precipitates are not
stable at high temperature (<1040 K), and they are easier to combine with Fe and Cr to form M6C [1].
In actual circumstances, carbon and alloy segregation always exists, so the precipitation
temperature of carbides will fluctuate in different regions.
4.2. Effect of Precipitates in H13 during Tempering on Mechanical Properties
The mechanical properties of H13 after 2 h tempering are shown in Table 4.










Rate, Z (%) HRC
Center, #1 1764.6 1456.0 7.0 30.6 49.2
Half-radius, #2 1743.1 1426.4 8.9 28.9 47.5
Surface, #3 1750.2 1436.0 8.0 35.1 46.2
According to the theory of precipitation strengthening [21], when a large number of fine
nanocarbides precipitate during tempering, the strength of the steel increases because of the
decomposition of martensite. Although a large number of precipitates may cause a decrease in
plasticity, the reduction in alloying element content and decrease in dislocation density may improve
the plasticity [23–25]. As shown in Table 4, the strength and plasticity after tempering are almost
independent of the sample position. However, the hardness seems to be lower from the center to the
surface, showing that the ingot was heated unevenly.
From the size distribution of Figure 8, it can be seen that the average size of precipitates is larger
than 10 nm; therefore, the bypass mechanism has the main effect on precipitation strengthening [11].
In order to calculate the contribution of the precipitates to yield strength, we employed segment
calculation and summation of the results (Table 5). According to the methods of McCall-Boyd [26]
and the Ashby-Orowan correction model [27], the formula for the volume fraction and precipitation
strengthening of the precipitates in H13 is obtained as Formulas (12) and (13). McCall and Boyd [28]
analyzed the characteristics of precipitates in ThO2 by employing carbon extraction replica methods in
the 1960s. The McCall-Boyd method is an accurate way to calculate the volume fraction of precipitates














































































































































































































































































































































































































































































































































































































































































































































































































































































































































































































































Here, A represents the area of the photos in μm2; Ni represents the amounts of precipitates
within a certain range; Di represents the average diameter in nanometers for precipitates within
a certain range; ri represents the average radius in nanometers for precipitates within a certain range;
fi represents the volume fraction, in % of precipitates within a certain range; μ represents a shearing
factor (80.26 × 103 MPa for steel); and b represents the Burgers Vector, with a value of 2.48 × 10−4 μm.
The volume fraction of precipitates and the increment of precipitation strengthening in the
three different positions of H13 after tempering are calculated according to Formulas (7) and (8).
The calculation process is listed in Table 5, and the results of the calculations are listed in Table 6.
Table 6. Contribution to yield strength of the precipitates in H13 after tempering.
Item Center (1#) Half-Radius (2#) Surface (3#)
Average size (nm) 82.6 81.6 60.7
Volume fraction (%) 1.9 1.8 1.7
Contribution to the yield strength (MPa) 279.8 301.7 321.6
Actual yield strength (MPa) 1456.0 1426.4 1436.0
The proportion of yield strength attributable to
precipitation strengthening (%) 19.2 21.2 22.4
From Table 6, combined with Figure 9, it can be seen that the contribution of precipitates to the
yield strength increases as the average size of the precipitates becomes finer, and the volume fraction
decreases from the center to the surface of the H13 ingot after 2 h tempering.
Figure 9. Contribution to yield strength of different types of carbides in different positions in H13
after tempering.
After tempering for 2 h, the contribution of nanoprecipitates to the yield strength of H13 remains
at about 300 MPa. The average diameter and total volume fraction of precipitates are 60–83 nm and
1.7%–1.9%, respectively. The measured results of yield strength show little difference between the three
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largest precipitation strengthening of H13. Combining the information from Section 3.2 and Table 5,
the contribution of different types of carbides to yield strength is summarized in Figure 9.
From Figure 9, it can be seen that MC and M6C have a stronger strengthening effect than M23C6 on
H13 yield strength, contributing 74%–88% of precipitation strengthening. From the center to the surface
of the H13 ingot, the contribution of M23C6 to the yield strength decreases, while the contribution
of MC and M6C to the yield strength increases. It can be concluded that MC and M6C are the main
carbides in precipitation strengthening. These carbides have good tempering stability as their average
size is below 200 nm.
The transverse and longitudinal impact values at the center, half-radius, and surface of H13 after
tempering for 2 h are shown in Figure 10.
Figure 10. Impact values in different positions of H13 after tempering.
From Figure 10, the impact values after tempering become better from the center of the ingot to
its outer surface. It can be seen that the toughness was the lowest at the center of the ingot. One reason
is the formation of ribbon segregation and eutectic carbides in the center during ESR [12]. The other
reason is that the volume fraction of the precipitates decreases, especially the dissolution of M23C6 [22]
and the precipitation of MC, M6C during tempering (Figure 9).
In conclusion, it is the homogeneous structure and fine precipitates with moderate distribution
that improve the toughness of H13.
5. Conclusions
1. Microstructures near the surface of the H13 ingot are homogeneous and have the narrowest
martensite laths.
2. V-rich MC, Mo-rich M6C, and Cr-rich M23C6 are the main kinds of carbides that precipitate in
H13 during tempering. The shapes of MC and M6C are approximately square or elongated and
their sizes are less than 200 nm. The shape of M23C6 is irregularly spherical and its size is greater
than 200 nm. From thermodynamic calculations, the precipitation sequence is MC > M23C6.
3. Carbide size and volume fraction decrease from the center to the periphery of H13 during
tempering. There are more precipitates at the half-radius of H13 than that at the center. The surface
of the H13 ingot has the fewest precipitates.
4. The strength and plasticity after tempering are almost independent of the sample position.
However, the hardness seems to be lower from the center to the surface, showing that the ingot
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ingot to its outer surface, because the compositions and structures are uniform near the surface of
the ingot, and the precipitates are uniformly dispersed with the finest size.
5. The contribution of precipitation strengthening to yield strength increases from the center to
the outer surface of the H13 ingot. The fraction of yield strength attributable to precipitation
strengthening is 19.2%–22.4% after tempering. With a decreased contribution of M23C6 to
precipitation strengthening, the contribution of MC and M2C increases from the center to the
surface. MC and M6C have the main effect on precipitation strengthening in H13 after tempering,
increasing the strength by up to 74.2%–88.4%.
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Abstract: This paper presents the evaluation of durability for the material of repair welded joints made
from (13HMF) 14MoV6-3 steel after long-term service, and from material in the as-received condition
and after long-term service. Microstructure examinations using a scanning electron microscope,
hardness measurements and creep tests of the basic material and welded joints of these steels were
carried out. These tests enabled the time of further safe service of the examined repair welded joints
to be determined in relation to the residual life of the materials. The evaluation of residual life and
disposable life, and thus the estimation and determination of the time of safe service, is of great
importance for the operation of components beyond the design service life. The obtained test results
are part of the materials’ characteristics developed by the Institute for Ferrous Metallurgy for steels
and welded joints made from these steels to work under creep conditions.
Keywords: creep; degradation; welded joint; Cr-Mo-V steel; residual life
1. Introduction
Pressure components working at an elevated temperature are designed for a definitive
working time. This time is based on temporary creep strength used for calculations. It is 100,000 h for
old units, while, for those with supercritical working parameters designed and operated at present,
it is 200,000 h. Most of the units operated in Poland have significantly exceeded the design service life
of 100,000 h, reaching the actual operation time of more than 200,000 h. The extension of the operation
time beyond the design one of 100,000 h is made by using the calculation methods based on data
concerning the average temporary creep strength for 200,000 h and positive results of comprehensive
investigations and diagnostic measurements. Usually, the critical components in the pressure part
of boilers and turbines are subject to these investigations and evaluation. Out of these components,
those working above the limit temperature, i.e., under creep conditions, are crucial (Figure 1).
The above-mentioned operation of steam boilers for much more than 200,000 h requires a new
approach in the materials diagnostics. For safety reasons, a particularly important issue to be solved is
creep strength of the welded joints of the steam pipelines working under creep conditions [1–6].







Metals 2017, 7, 82
Figure 1. Schematic approach of the definition of residual and disposable durability.
In the evaluation of these components, it is important and necessary to evaluate the condition
of their material [7–13]. This evaluation is carried out based on non-destructive or destructive
materials tests. In the case of components working for more than 150,000 h, the estimate of residual
life by non-destructive testing is not sufficient. It needs to be determined based on destructive tests
performed on a sampled representative test specimen [14].
As part of the diagnostics, not only the basic material of the operated component but also the
material of welded joints is subject to evaluation [15]. It is necessary to evaluate the condition of
the material of welded joints to determine the component’s ability to carry the required operating
loads during its further service. If there is a need for repair to or replacement of a part or the entire
component with a new one, the ability of the basic material under operation to carry out such a repair
or replacement must be determined. When the condition of such material after service allows a repair
to be made, it is necessary to develop a technology for its performance. The repair welded joint is
defined as a new weld made to join a material after service with another material after service, and also
to join a new material with a material after service (for replacement of a part of a structural component
with a new one). Such repair welded joints are made during the renovation and modernisation works
on pressure elements including, but not limited to, steam pipelines.
The subject-matter of the investigations, including the materials and their repair welded joints
after long-term service made with materials after service or new materials, is an important issue
overseen by the Institute for Ferrous Metallurgy. The selected results of investigations with regard to
condition evaluation of the material of repair welded joints are the subject of this study. They mainly
concern the elements of primary steam pipelines made from 13HMF (14MoV6-3) steel, which in the
majority of Polish power plants exceeded the design service life of 100,000 h. Therefore, an important
issue in the evaluation of the safe operation of these devices is to provide a numerical value of the time
of their further operation and determine creep strength not for the material pipeline itself, but rather
for the welded joints of these materials made during repairs.
2. Material for Investigations
The material for investigations was tested specimens of repair welded joints made from (13HMF)
14MoV6-3 steel after long-term service, and of material in the as-received condition and after
long-term service. The summary of the material for investigations, including their steel grades,
geometrical dimensions, working parameters, the current time of service and macrophotography of
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Table 1. Material for investigations.
Repair Welded Joint Made from Pipeline Sections after Long-Term Service, Marked ZS1
Steel grade: 14MoV6-3
Service time: material after 169,000 h
service, marked ZS1
Dimensions: 273 × 32 (Dn × gn)
Working parameters of sections
after service
t0 = 538 ◦C;
p0 = 13.0 Mpa
Material for investigations: repair
circumferential welded joint made
under industrial conditions
Repair Welded Joint Made from Pipeline Sections in the As-Received Condition
(before Service) and after Long-Term Service, Marked ZS2
Steel grade: 14MoV6-3
Service time: material in the
as-received condition/material
after 169,000 h service, marked ZS2
Dimensions: 273 × 32 (Dn × gn)
Working parameters of
sections after service
t0 = 538 ◦C;
p0 = 13.0 Mpa
Material for investigations: repair
circumferential welded joint made
under industrial conditions
The check analysis of chemical composition of the examined materials of repair welded joints
from low-alloy Cr-Mo-V steels after long-term service and a material in the as-received condition
and after long-term service was performed in accordance with the following procedures: 3/CHEM,4
“Determination of C, Mn, Si, P, S, Cr, Ni, Cu, Mo, V, Ti, Al, Nb, B and Sn contents in low- and
medium-alloy carbon steel by the spark optical emission spectrometry method using natural standards”
with the optical emission spectrometer Magellan Q8 by Bruker, Germany. For the chemical composition
of the examined steels with regard to the requirements of standard specification [16], see Table 2.
Table 2. Check analysis of chemical composition.
Grade of Material
Content of Elements (%)






























0.16 0.58 0.35 0.017 0.020 0.20 0.46 0.23 0.63 V 0.29Al 0.024
14MoV6-3
in the as-received condition
Designation ZS2-PM1












Metals 2017, 7, 82
The analysis results of the check of chemical composition show that the materials of the examined
test specimens of repair welded joints meet the requirements of the standard with regard to the
chemical composition of the examined steel grade, i.e., 13HMF (14MoV6-3) [16].
3. Research Scope and Methodology
As part of the investigations, the properties of the material of the repair welded joints
were evaluated. In the evaluation of the material condition and the level of required utility properties
for repair welded joints, the following was subject to investigation:
• The microstructure of repair circumferential welded joints of components in the pressure part of
a boiler was examined, with tests were carried out using a scanning electron microscope (SEM,
FEI, Hillsboro, OR, USA) Inspect F on nital-etched metallographic microsections;
• Analysis of precipitation processes was carried out using X-ray analysis of isolated carbides,
with the use of a Empyrean diffractometer (XRD, Panalytical, Almelo, Netherlands) and selective
diffraction of electrons;
• The level of hardness for individual joint components and its nature in the course from the parent
material through the heat-affected zone and weld was obtained, taken by Vickers method using
a Future—Tech FM—7 machine (Kawasaki, Japan) at the indenter load of 10 kG;
• The material’s residual life was determined based on abridged creep tests at a constant test stress
corresponding to the operating one σb = σr = const and at a constant test temperature Tb for
each test. The tests were performed using Instron single-sample machines (Norwood, MA, USA)
with an accuracy of temperature during the test of ±1 ◦C.
The obtained results of the investigations are part of the study, which is under preparation for
verification of the proposed method for evaluating and predicting the time of further safe service of
homogeneous circumferential welded joints from low-alloy Cr-Mo-V steels. In the case of its positive
result, this test method will be used in materials diagnostics to be performed for the power industry.
4. Results
4.1. Microstructure Investigations: Structure of Steel in the As-Received Condition
The microstructure of 14MoV6-3 steel in the as-received condition is a mixture of bainite and
ferrite, sometimes with a slight amount of pearlite. Moreover, very fine MC carbide precipitates that
occur inside the ferrite grains are observed within the structure. In the bainite areas, there are small
spheroidal cementite precipitates, while in the pearlite colonies, cementite lamellas exist. An example
of the characteristic microstructure of 14MoV6-3 steel in the as-received condition is shown in Figure 2.
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4.2. Evaluation of the Microstructure of Repair Welded Joints
The investigations of microstructure were carried out on metallographic microsections.
The microsections were made on the cross-section of test specimens of the examined components
in the area of the weld and prepared by mechanical grinding and polishing as well as etching.
The observations were performed with magnifications of 500 to 5000×. For the repair welded joint
made from materials after long-term service, marked ZS1, the results of the investigations are presented
as photographs of the microstructure of the materials of the circumferential welded joint components,
in particular: parent material, heat affected zone of the joint and weld, respectively, in Figure 3.
Figure 3. Structure of the material of components of the repair welded joint marked ZS1 made from
14MoV6-3 steel after 169,000 h service; microstructure investigation locations (a): parent material
marked (c) PM1, (e) PM2; heat affected zone marked (d) HAZ1, (f) HAZ2; weld marked (b) WELD.
The results of the microstructure investigations for the components of the repair welded joint made
from a material in the as-received condition and after long-term service, marked ZS2, in particular:
parent material, heat affected zone and weld, are provided in Figure 4.
The classification of the microstructure including the evaluation and exhaustion extent te/tr
estimated based on the Institute for Ferrous Metallurgy’s own classification [1] is provided in Table 3.
The parent material of the welded joints marked ZS1 (PM1, PM2) and ZS2 (PM2) after service
was characterised by a ferritic microstructure with partially coagulated bainite areas. At the ferrite
grain boundaries, there are precipitates of different size, mostly fine ones, whereas inside the ferrite
grains, mostly very fine precipitates distributed evenly within the structure were observed.
The microstructure of the parent material of the welded joint marked ZS2 (PM1) in the as-received
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In the microstructure of the materials of the examined repair welded joints, no discontinuities or
microcracks, nor initiation of internal damage processes due to creep, were observed.
Figure 4. Structure of the material of components of the repair welded joint marked ZS2 made from
14MoV6-3 steel in the as-received condition and after 169,000 h service; investigation performance
locations (a): parent material marked (c) PM1, (e) PM2; heat affected zone marked (d) HAZ1, (f) HAZ2;
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Table 3. Review of the results of microstructure investigations and hardness tests on the material of
components of repair welded joints.
Material for Investigations Figure No.








Ferritic-bainitic structure. No discontinuities or
micro-cracks are observed in the structure.
Bainitic areas: class I/II, precipitates: class A.
Damaging processes: class 0.




No discontinuities or micro-cracks









No discontinuities or micro-cracks are observed in
the structure.
Bainitic areas: class 0; precipitates: class 0;
Damaging processes: class 0.





No discontinuities or micro-cracks
are observed in the structure.
Bainitic areas: class I/II, precipitates: class A.
Damaging processes: class 0.
CLASS 2, EXHAUSTION DEGREE: approx. 0.3 ÷ 0.4.
168
HAZ1





4.3. X-ray Analysis of Phase Composition of Precipitated Carbide Isolates
As a result of dissolving the matrix of the material of the examined test specimens of repair
welded joints by the electrolytic method, the existing carbides were isolated. The X-ray phase analysis
was carried out on the obtained carbide isolate, and the existing carbides were identified. The obtained
results of the investigations of the material of test repair welded joints are summarised in Table 4.
Table 4. Phase composition of carbides in repair welded joints.




MC M3C + MC





M23C6 main_ph. + M3C av + MC nw





M23C6 main_ph. + M3C av + MC nw
The type and contribution of the revealed precipitates correspond to the exhaustion degree
estimated based on the microstructure image of the examined materials of repair welded joints from
low-alloy steels after operation beyond the design service time (Table 3).
The sequences of carbides (Table 4) within the examined materials formulated based on the X-ray
diffraction analysis of electrolytically isolated carbide deposits confirm the class of microstructure as
determined based on the analysis of its observed images.
4.4. Hardness Evaluation of Repair Welded Joints
Hardness measurement was taken by Vickers HV10 method on the transverse metallographic
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service, marked ZS1, and material in the as-received condition and after long-term service marked ZS2.
The HV10-hardness measurement results against the background of the macro photograph showing
a cross-section of the repair welded joints in the examined test specimens are presented in Figure 5.
Figure 5. Distribution of the results of HV10 hardness measured on transverse microsections of the
repair welded joint made from 14MoV6-3 steel. Test location—transverse microsection: (a) ZS1; (b) ZS2.
Hardness for all the examined components of repair welded joints is lower than the maximum
permitted one, which is 350 HV10 for joints in the as-received condition and ranges from 160 to 179
HV10 for the parent material, from 209 to 268 for the heat-affected zone and from 240 to 249 HV10
for the weld material. This suggests that the examined welded joints were properly heat-treated after
welding and will be able to transfer the required considerable loads, including those that occur during
water pressure tests, shut-downs and start-ups. Hardness measurements have also shown no sudden
changes when passing through the individual zones of the joint. Hardness for the 14MoV6 steel repair
circumferential welded joint made from materials after 169,000 h service is, on average, 173 HV10
for the parent material, while in the weld it increases up to 262 HV10. Hardness for the 14MoV6
steel repair circumferential welded joint made from a material in the as-received condition and after
169,000 h service is, on average, 165 HV10 for the parent material, while in the weld it increases up to
268 HV10.
4.5. Abridged Creep Tests
The abridged creep tests were carried out for five test temperature levels ranging between 600 ◦C
and 680 ◦C at 20 ◦C intervals with constant test stress σb = const corresponding to the operating one,
which allows for obtaining test results within several months. This provides a good estimate of residual
life tre as it was verified in [17,18].
The method used to reduce the duration of creep tests involves accelerating the creep process
by increasing the test temperature Tb well over the temperature level Te suitable for operation in
the samples maintained at a constant test stress corresponding to the operating one σb = σr = const.
They allow for the plotting of a straight line inclined at the time to rupture the tr axis. The residual life is
determined by extrapolation of the obtained straight line towards a lower temperature corresponding
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The results of creep tests for the examined repair welded joints marked ZS1 and ZS2 are
summarised in Table 5 and presented in comparative graphs (Figure 6) as logtz = f (Tb) at σb = const,
where tr is the time to rupture in the creep test.
Table 5. Results of abridged creep tests.
Test Specimen
Designation
Working Parameters Test Stress
σb
(Mpa)
Test Temperature, Tb (◦C)





Time to Rupture, tr (h)
Repair welded joint
made from materials




(3127) 1197 559 234 120
Repair welded joint
made from material in
the as-received
condition and material
after 169,000 h service
Designation ZS2






(286) (1365) 559 429 196
Repair welded joint
made from materials
after 169,000 h service
Designation ZS1
- - 2834 672 373 189 97
Repair welded joint
made from material in
the as-received
condition and material
after 169,000 h service
Designation ZS2
- - (2592) 1297 481 191 84
(-)—tests in progress.
Figure 6. Result of abridged creep tests on the examined ZS1 and ZS2 repair joints and parent material
in the form of logtre = f (Tb) for the adopted stress level of further service (a) b = 50 MPa; (b) b = 55 MPa.
The comparison of the results of abridged creep tests in the form of logtr = f (Tb) at
σb ≈ σr = 50 MPa for the repair welded joint made from 14MoV6-3 steel after 169,000 h service and the
repair welded joint made from 14MoV6-3 material in the as-received condition and 14MoV6-3 material
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The comparison of the results of abridged creep tests in the form of logtr = f (Tb) at
σb ≈ σr = 55 MPa for the parent material of 14MoV6-3 after 169,000 h service and the repair welded
joint made from materials of 13HMF (14MoV6-3) after 169,000 h service and the repair welded joint
made from 14MoV6-3 steel in the as-received condition and 14MoV6-3 steel after 169,000 h service is
presented in Figure 6b.
On the basis of the previously completed creep tests, based on the extrapolation method used,
the residual life (interpreted as the time to failure) was determined and the disposable residual life
(being the safe time of service, which is about 0.6 of the residual life, Figure 1) was estimated as the
safe time of service for the examined parent material, repair welded joint made from materials after
long-term service and repair welded joint made from material in the as-received condition and after
long-term service. The obtained results of extrapolation based on creep tests are summarised in Table 6
for two values of stress—50 and 55 MPa.
Table 6. Residual life determined and disposable residual life estimated by abridged creep tests of the
parent material, repair welded joint made from materials after long-term service and repair welded













































The residual life determined by extrapolation of creep results obtained in abridged tests, for the
temperature of further service and the adopted stress level of further operation of the parent materials
and repair welded joints, has allowed the disposable residual life, which is the time of further safe
service, to be determined.
The residual life tre determined for the adopted stress level of 50 MPa for the repair welded joint
of the materials after service, marked ZS1, is 25,000 h and its estimated disposable life tb is 15,000 h
(Figure 6, Table 4), while the residual life tre determined for the repair welded joint of the material
after service and the material in the as-received condition, marked ZS2, is 60,000 h and the estimated
disposable life is 36,000 h.
The residual life tre determined for the adopted stress level of 55 MPa for the repair welded joint
of the materials after service marked ZS1, is 23,000 h and the estimated disposable life tb is approx.
14,000 h, while the residual life tre determined for the repair welded joint of the material after service
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life is approx. 35,000 h. For the parent material after service marked PM1, the residual life is 20,000 h,
and the estimated disposable life is tb 12,000 h.
The time of further safe service of the examined new repair welded joints may be assumed to be
15,000 h for the ZS1 joint and 36,000 h for the ZS2 joint at the further service stress σe = 50 MPa, while for
the adopted further service stress σe = 55 MPa the time of further safe service of the examined new
repair welded joints may be assumed to be approximately 14,000 h for the ZS1 joint and approximately
35,000 h for the ZS2 joint.
5. Conclusions
1. The set of destructive materials tests presented in this paper allows for the evaluation of material
condition and determination of suitability for service of repair. It is of particular importance for
the operation of steam pipelines beyond the design service time.
2. The evaluation of the material condition of repair welded joints is made based on a comprehensive
summary of the results of investigations on mechanical properties, microstructure and abridged
creep tests. These results are in turn a part of the database of the materials’ characteristics for steels
and their welded joints with materials showing varying degrees of degradation. This database is
used in diagnostic tests for pressure parts of boiler elements.
3. The quantitative dimension of suitability for service of the material of repair welded joints is
achieved by extrapolating the straight line obtained in abridged creep tests from logtr = f (Tb)
at σb = const towards the temperature of assumed operation, which allows residual life tre and
disposable residual life tb to be determined for the working temperature.
4. The knowledge of the share of disposable residual life tbe in residual life tre (tbe/tre) allows the safe
time of service of the examined joints to be determined for the required performance parameters.
5. The examined repair welded joints are suitable for operation for a limited time resulting
from the disposable residual life determined for defined temperature and stress parameters
of further service.
The completed tests of the material of steam pipeline and welded joints have shown that long-term
operation beyond the design service time does not disqualify the material from service. It has been
demonstrated that the modernisation and repair works carried out on the steam pipeline materials by
making welded joints show lower creep strength than the basic material. The lower strength of repair
welded joints in relation to the parent material should be taken into account in design calculations
while extending the service time beyond the design service life.
It has also been demonstrated that, in contrast to the microstructural investigations and the basic
investigations of mechanical properties, the abridged creep tests allow the real determination of the
time of further safe operation of the elements of power equipment working beyond the design service
life to be obtained.
The analysis of the research results of abridged creep tests shows that, independently, of the values
of the stress, creep resistance of repair welded joint ZS2 is twice as high as welded joints marked ZS1.
This difference is probably related to the higher creep resistance of the parent material resulting in
a higher creep resistance of joints marked ZS2.
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Abstract: In view of the requirements for mechanical properties and service life above 650 ◦C,
a high-Mn austenitic hot work die steel, instead of traditional martensitic hot work die steel such
as H13, was developed in the present study. The effect of heat treatment on the microstructure
and mechanical properties of the newly developed work die steel was studied. The results show
that the microstructure of the high-Mn as-cast electroslag remelting (ESR) ingot is composed of
γ-Fe, V(C,N), and Mo2C. V(C,N) is an irregular multilateral strip or slice shape with severe angles.
Most eutectic Mo2C carbides are lamellar fish-skeleton-like, except for a few that are rod-shaped.
With increasing solid solution time and temperature, the increased hardness caused by solid solution
strengthening exceeds the effect of decreased hardness caused by grain size growth, but this trend
is reversed later. As a result, the hardness of specimens after various solid solution heat treatments
increases first and then decreases. The optimal combination of hardness and austenitic grain size can
be obtained by soaking for 2 h at 1170 ◦C. The maximum Rockwell hardness (HRC) is 47.24 HRC,
and the corresponding austenite average grain size is 58.4 μm. When the solid solution time is 3 h
at 1230 ◦C, bimodality presented in the histogram of the austenite grain size as a result of further
progress in secondary recrystallization. Compared with the single-stage aging, the maximum impact
energy of the specimen after two-stage aging heat treatment was reached at 16.2 J and increased by
29.6%, while the hardness decreased by 1–2 HRC. After two-stage aging heat treatment, the hardness
of steel reached the requirements of superior grade H13, and the maximum impact energy was 19.6%
higher than that of superior grade H13, as specified in NADCA#207-2003.
Keywords: austenite hot work die steel; heat treatment; microstructure; mechanical
properties; nitrogen
1. Introduction
In recent years, with the development of manufacturing industry and advanced metal materials,
the working conditions of tools and dies become increasingly severer. The problem of raising service
temperatures of high-load tools for hot deformation of metals and extending their service life will
remain current for as long as this kind of process exists in metal treatment. This problem is especially
difficult to solve when the working surface of the tool is heated to 700–900 ◦C or higher temperatures.
Current commercial martensitic die steels such as AISI H13 and AISI H21—which are widely used for
hot extrusion dies, forging dies, and casting dies—have a limited working capacity above a working
temperature of 650 ◦C because of the decreasing strength [1]. The impossibility to overcome such a
barrier is explainable by the occurrence of a polymorphic α → γ transformation in these steels, which
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limits their service temperature [2]. It would be natural to assume that die materials—which do not
possess the mentioned barrier within the service temperature range and have a strength exceeding that
of highly heat-resistant martensitic steels at a temperature exceeding 700 ◦C—should have an austenitic
structure or belong to high-temperature alloys. Due to the high production cost of high-temperature
alloys, highly heat-resistant austenitic steels may have good research and application prospects.
In contrast with martensitic hot work die steel, austenitic hot work die steel has no matrix
phase transformation and is strengthened by precipitation hardening with various intermetallics,
carbides, and nitrides [3]. The heat treatment gives austenitic steel excellent strength at elevated
temperatures. In particular, when the temperature exceeds 650 ◦C, the strength of austenitic hot
work die steel is much higher than that of martensitic type. Another effective method for increasing
steel quality is alloying with nitrogen. It has been pointed out that the addition of an appropriate
amount of nitrogen can control the amount of carbonitrides and the austenite grain size to improve the
mechanical properties [4]. The addition of nitrogen in steel, even in small quantities, makes it possible
to obtain highly complex properties, such as strength, impact elasticity, and corrosion resistance.
In addition, nitrogen is an effective and economic substitute for some expensive elements: nickel,
manganese, molybdenum, and tungsten. According to these characteristics, high-nitrogen steels,
especially high-nitrogen austenitic stainless steels, have been studied intensively in recent years [5–7].
In addition, it also reported that the effects of nitrogen element increase the impact toughness of steel
and high-temperature strength of hot work die steels [8–10].
The current commercial austenitic hot work die steels, such as Cr14Ni25Co2V, 14Ni14W2Mo,
5Mn15Cr8Ni25Mo3V, Mn10Cr8Ni10Mo3V, and Mn15Cr2Al3V2WMo, contain a large amount of alloying
elements, leading to high steel production costs. In the present work, a new nitrogen-alloyed Fe–Mn–Cr
austenitic hot work die steel was developed by reducing Cr, Ni, and Mo contents and adding a
certain amount of nitrogen. The studies on the development of austenitic hot work die steel serving
above the temperature of 650 ◦C have been rarely reported. Zhang et al. [11] reported that high
manganese–vanadium austenitic steel, which is used for copper alloyed hot press die, has a great future
in the development of hot work die steel used at a high temperature over 700 ◦C. Grabovskii et al. [3]
also reported that new austenitic alloys KhN35V6TYu (ÉK39) and KhN30VMYu (ÉK40) based on the
Fe–Cr–Ni system can be recommended for manufacturing tools for hot deformation of metals serving
at a temperature exceeding 700 ◦C. In this study, the effect of heat treatment on the microstructures and
mechanical properties in nitrogen-microalloyed high-Mn austenitic hot work die steel (HMAS-N) were
examined first. An alternative hot work die steel—which is used for dies, needles, and washers—for
the hot pressing of copper alloys is expected to serve above 700 ◦C.
2. Experimental Section
2.1. Experimental Materials
HMAS-N steel was melted in a vacuum-induction furnace. Nitrogen-containing ferrochromium
alloy was added in the smelting process. After vacuum-induction, the liquid steel was cast
into the ingots of 120 mm diameter, which were thereafter used as consumable electrodes in
electroslag remelting (ESR) experiments. The chemical composition of the steel is shown in Table 1.
The experimental process includes forging, solid solution heat treatment (SSHT), and aging heat
treatment. The as-cast ESR ingots were held at 1140 ◦C for 360 min and forged. The forging start
and finish temperatures were Ts = 1200 ◦C and Tf = 980 ◦C. The ESR ingot was forged into a rod of
Ø160 mm × 170 mm. For solid solution heat treatment and aging heat treatment, the specimens taken
from forged sample were heat treated in an electric resistance furnace.
Table 1. Chemical composition of tested steel (mass %).
C Mn Cr Mo V Si P S N Fe
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2.2. Microstructure and Precipitates of As-Cast ESR Ingot
Thermo-Calc software (Thermo-Calc Software Inc., Solna, Sweden) was used to investigate phase
equilibrium diagrams and identify the chemistry of various precipitates at different temperatures.
The specimens were subjected to grinding, polishing, and etching. The microstructure and
precipitates in these specimens were analyzed by scanning electron microscope (SEM, FEI Quanta-250,
FEI Corporation, Hillsboro, OR, USA) equipped with energy-dispersive X-ray spectrometer (EDS,
Xflash 5030, Bruker, Germany). The specimens taken from ESR ingots were machined to a bar of
Ø15 mm × 80 mm. The precipitates were electrolytically extracted from steel in organic solution
(methanol, tetramethylammonium chloride, glycerin, diethanol amine). The collected precipitates
were analyzed using XRD (Rigaku Dmax-RB, Rigaku, Tokyo, Japan) technique to determine their
types, and observed by SEM.
2.3. Solid Solution Heat Treatment
The specimens of the HMAS-N were solid solution treated at the temperatures of 1170 ◦C, 1200 ◦C,
and 1230 ◦C for 0.5, 1, 2, and 3 h. Thereafter, the specimens were quenched in water, and prepared
for optical microscope (Leica DM4M, Leica Microsystems, Wetzlar, Germany) analysis. The average
grain size was determined by the standard linear intercept method [12] through SISC IAS V8.0 image
software [13]. About 400 austenite grains were selected randomly for the grain size measurement in
each specimen. After various SSHT processes, the specimens were subjected to the same aging heat
treatment at 720 ◦C for 2 h. Then, the specimens’ Rockwell hardness values were measured.
2.4. Aging Heat Treatment
The optimum SSHT process can be selected by the above experimental scheme. After the
specimens were subjected to the optimum SSHT, the following two kinds of aging heat treatments
(single-stage aging and two-stage aging) were carried out. Single-stage aging and two-stage aging
schemes are shown in Tables 2 and 3, respectively. For single-stage aging, the specimens, after optimal
SSHT, were subjected to an aging heat treatment at 680–760 ◦C for 2 h. For two-stage aging, the
specimens, after optimal SSHT, were subjected to pre-aging treatment at 650 ◦C for 1 h, and then
re-aging was subsequently carried out in a temperature range from 700 ◦C to 800 ◦C for 1 h.
Table 2. Single-stage aging heat treatment process after solid solution heat treatment (SSHT).
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2.5. Mechanical Properties
The impact energy of specimens was tested at room temperature, using a JB-30B testing machine,
with the Charpy V-notch test method according to ASTM 370 [14]. The value of impact energy
presented in this paper is an average of three measurements. The Rockwell hardness (HRC)
measurements with an applied load of 150 kg were performed on the heat-treated specimens.
The average value of five tests for each specimen were recorded as the standard hardness.
3. Results and Discussion
3.1. Precipitation and Microstructure of As-Cast ESR Ingot
The equilibrium formation of precipitates in the studied steel was investigated using Thermo-Calc
software (TCFE7 database). Figure 1 shows the relationship between the amount of precipitates and
their precipitation temperatures in the temperature range from 600 ◦C to 1600 ◦C. The transformation
(precipitation) temperatures of precipitates in the investigated steel are listed in Table 4.
Figure 1. Equilibrium phase precipitations in nitrogen-microalloyed high-Mn austenitic hot work die
steel (HMAS-N) calculated using Thermo-Calc (M represents metallic element atom; C represents
carbon atom).
Table 4. Calculation results of transformation temperatures of precipitates in steel, calculated
using Thermo-Calc.
Ts/◦C Tf/◦C
γ-Fe M(C,N) M2C M23C6 M7C3 M2C M7C3
1400 1392 910 690 790 435 670
Ts represents phase transformation starting temperature, Tf represents phase transformation finish temperature.
It can be seen from Figure 1 and Table 4 that M(C,N), M2C, M23C6, and M7C3 precipitate
in sequence with the decrease of temperature. The precipitation temperature of M(C,N) is above
1300 ◦C. This indicates that M(C,N) is a highly stable phase and remains undissolved during heat
treatment process.
To predict phase precipitation during liquid steel solidification in a practical ESR refining
process, the Scheil–Gulliver model included in Thermo-Calc software was employed to calculate
the nonequilibrium phase precipitation in HMAS-N, as shown in Figure 2. M(C,N) precipitates from
liquid steel directly. As the austenite continues to precipitate from liquid steel, carbon and alloying
element contents keep increasing. Primary carbides M2C precipitate directly from liquid steel when the
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along preexisting austenite due to the composition of residual liquid steel reaching eutectic point.
There are two types of precipitates (i.e., white- and gray-colored ones), which are represented by I
and II, in as-cast ESR ingot as shown in Figure 4. The gray-colored and white-colored precipitates
both distributed along grain boundaries. It can be seen in Figure 4 that some M(C,N) carbonitrides are
mixed with M2C carbides on the grain boundary. This is because the M(C,N) phase precipitates at a
higher temperature prior to the precipitation of the M2C phase.
Figure 2. Nonequilibrium phase precipitation in HMAS-N, calculated using Thermo-Calc.
Figure 3. (a) Optical microscope (OM) images of as-cast electroslag remelting (ESR) ingot
microstructure; (b) highly magnified images taken at the region marked by the yellow box in (a).
PC represents primary carbides or carbonitrides.
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It can be confirmed from the microstructure in Figure 4 and the XRD results in Figure 6a that the
matrix is a single austenite phase. Table 5 presents the EDS results of the carbides or carbonitrides
shown in Figure 5. As shown in Table 5 and Figure 6b, M(C,N) (namely V(C,N)) contains a certain
amount of the elements Cr and Mo. In addition, M2C is Mo2C, which contains more Cr and Mo atoms.
As shown in Figure 5, the morphology of V(C,N) is an irregular multilateral strip or slice shape with
severe angles. The morphology of Mo2C is rod-shaped or lamellar fish-skeleton-like, which is typical
eutectic carbide according to eutectic reaction (L → γ + M2C).




C V Mo Cr N Fe Mn
1 14.68 41.60 0.64 1.68 33.11 6.31 1.98
2 56.69 6.88 17.35 7.94 0.05 5.55 5.54
Figure 5. SEM micrographs showing the three-dimensional morphology of carbides or carbonitrides
extracted from as-cast ESR ingot.
 
Figure 6. XRD patterns of steel block and precipitates powder: (a) steel block after etching of as-cast
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3.2. Effect of Solid Solution Heat Treatment on Hardness and Microstructure
Solid solution heat treatment (SSHT) was carried out to dissolve coarse primary precipitates in
the matrix, which were then reprecipitated from supersaturated solid solution during the subsequent
aging process with the purpose of precipitation strengthening. If the solution temperature is too
low, large primary precipitates are difficult to dissolve into matrix. However, if the solid solution
temperature is too high, austenitic grain size (AGS) will grow up excessively. The AGS tremendously
influences diffusive and diffusionless phase transformations, precipitation, and mechanical properties
such as strength, hardness, toughness, and ductility [15]. Hence, the SSHT process is quite important
for microstructures and mechanical properties. The effects of SSHT on the austenite grain size,
microstructure, and Rockwell hardness were studied in detailed.
The hardness value of the specimens, which were subjected to various SSHT and the same aging
treatment at 720 ◦C for 2 h, is shown in Figure 7a. The hardness value increased from 45.34 HRC
to 47.24 HRC at a solution temperature of 1170 ◦C with increasing solution time from 0.5 h to 2 h.
However, the hardness value decreased rapidly to 39 HRC when the solid solution time was 3 h at
1170 ◦C. When the solid solution temperature reached 1200 ◦C and 1230 ◦C, the hardness decreased
linearly with the increase of solution holding time from 0.5 h to 3 h.
Figure 7. Rockwell hardness (a) and austenite average grain size (b) after various holding time at
different solution temperatures.
The AGS after different solution heat treatments is shown in Figure 7b. The austenite grain grew
gradually with increasing solution temperature and solution time. The austenite grains grew slowly at
a solution temperature below 1200 ◦C. A tangible grain growth was detected at 1170 ◦C for soaking
times over 3 h due to the coupled effects of the soaking time and temperature on the grain growth.
The results presented in Figure 7b also implied that the effect of solution temperature on grain growth
was more noticeable than solution time.
Figures 8 and 9 show the microstructure evolution at different solution temperatures and solution
times with corresponding austenitic grain-size distribution histograms, respectively. As shown in
Figure 9, the grain size distribution of austenite is close to lognormal distribution, which is consistent
with the results presented by Han et al. [16] and Kurtz et al. [17]. When the solid solution time is 0.5 h
at 1170 ◦C, the fine austenite grains distribute inhomogeneously as coarse austenite grains and contact
each other, as shown in Figure 8a. Figure 9a indicates the grain size of austenite is mainly in the range
of 20–50 μm. The percentage of AGS smaller than 20 μm is 14.9%. When the specimens were solid
solution treated at 1170 ◦C for an aging time between 0.5 h and 2 h, AGS ranged from 54.8 μm to
58.4 μm. No obvious grain growth was observed in Figure 8a,b. Those primary carbonitride particles
that precipitated along grain boundaries affected the diffusion of iron and carbon atoms, and finally
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shown in Figure 9a, AGS distributes more uniform after SSHT for 2 h, as shown in Figure 9b. The grain
size of austenite shown in Figure 9c was mostly in the range of 60–80 μm, and the number of austenite
grains larger than 50 μm increased with rising solution temperature. When the solid solution time is
3 h at 1230 ◦C, the bimodality of the histogram presented as a result of further progress in the second
recrystallization, presented in Figure 9d.
Figure 8. Effect of solution temperature and solution time on microstructure evolution at (a) 1170 ◦C
for 0.5 h; (b) 1170 ◦C for 2 h; (c) 1200 ◦C for 2 h; and (d) 1230 ◦C for 3 h.
As shown in Figure 8a, the precipitates were not completely dissolved at 1170 ◦C, which is
consistent with thermodynamic calculation using Thermo-Calc software. Thermodynamic calculation
illustrates that precipitation temperature of the primary V(C,N) reaches up to 1390 ◦C, as shown in
Table 4. N addition in steel increased the melting point and stability of carbonitrides. In addition,
most primary V(C,N) were distributed along the austenite grain boundary and were not significantly
influenced by solution heat treatment [19]. Hence, primary V(C,N) cannot completely dissolve into the
matrix when the solution temperature is below 1390 ◦C. Therefore, it can be concluded that the pinning
effect of undissolved V(C,N) [20] suppressed austenite grain growth with increasing solution time from
0.5 h to 2 h at 1170 ◦C. Meanwhile, more carbides, carbonitrides, and alloying elements dissolved into
the austenite matrix with increasing solid solution time at 1170 ◦C. Owing to solution strengthening
and the second phase strengthening during the process of aging heat treatment, the hardness of steel
reached the maximum value at 2 h aging time when solution temperature was at 1170 ◦C. When
aging time exceeded 2 h at 1170 ◦C, the austenite grain grew rapidly, which led to the decrease of
hardness value. When the solution temperature is more than 1170 ◦C, the AGS grows rapidly, despite
a significant amount of undissolved secondary phases. This is attributed to coagulation process
during the SSHT process, leading to the growth of large particles at the expense of small ones and
the reduction in the amount of precipitates. A small number of large precipitates do not limit grain
boundary mobility, and pinning effects disappear [21]. Grain growth highly depends on the grain
boundary migration and the atomic diffusion. Moreover, the dissolution/coarsening of precipitates
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effective enough at very high temperatures due to their higher frequency of vibration and mobility [24].
Therefore, the grain growth kinetics is intensified by increasing solid solution temperature. At a very
high solution temperature of 1230 ◦C, the austenite grains coarsened significantly. The coarse austenite
grains accelerated the development and growth of fatigue-induced cracks, which will lead to hot work
steel failure. After solid solution at 1230 ◦C for 3 h, grain coarsening became more evident as a result
of further progress in the second recrystallization, shown in Figures 8d and 9d. Hence, austenitic
grain-coarsening speed is accelerated, and undissolved V(C,N) pinning effect was weakened, resulting
in the decrease of hardness in a linear trend when the solution temperature exceeds 1200 ◦C. Hence,
the optimal combination of hardness and AGS can be obtained by soaking for 2 h at 1170 ◦C.
Figure 9. Grain-size distribution histograms obtained upon solution treatment at (a) 1170 ◦C for 0.5 h;
(b) 1170 ◦C for 2 h; (c) 1200 ◦C for 2 h; and (d) 1230 ◦C for 3 h.
3.3. Effect of Aging Heat Treatment on Mechanical Properties and Microstructure
To remove residual stress caused by SSHT and dispersed small secondary phase particles,
high-temperature aging heat treatment was carried out. The aging heat treatment process has a
significant effect on comprehensive performance of HMAS-N. According to Grabovskii et al. and
Lanskaya’s [3,25] reports, two-stage aging instead of single-stage aging can substantially increase
impact toughness at the same level of high-temperature strength, which positively affects the crack
resistance of the tools and increases their service life. However, there are few literatures on the effect of
multiple aging on the microstructure and properties of austenitic hot work die steels. Al–Zn–Mg alloys
and some high-temperature alloys such as iron–nickel superalloys are subjected to multistage aging
to enhance their comprehensive performance [26,27]. To improve the comprehensive performance of
HMAS-N, the effects of single-stage aging and two-stage aging on the microstructure and properties
of steel were studied.
As for single-stage aging, experiments were carried out in a temperature range from 680 ◦C to
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from 680 ◦C to 720 ◦C, as shown in Figure 10. When the aging temperature was at 720 ◦C, significant
secondary hardening occurred, and the hardness reached the maximum value of 47.24 HRC. It can be
attributed to the enrichment and segregation of precipitate-forming elements at 720 ◦C, such as V, Mo,
Cr, C, and N [8]. As the aging temperature continued to increase, the hardness decreased to 45.04 HRC
at 760 ◦C. As for the two-stage aging, pre-aging and re-aging heat treatment experiments were carried
out, shown in Table 3. The hardness increases with the re-aging temperature increasing from 700 ◦C to
760 ◦C. When the two-stage aging temperature was at 760 ◦C, the hardness reached the peak value of
46.06 HRC. As the re-aging temperature continued to increase, the hardness decreased and dropped
to 43.84 HRC at 800 ◦C. Compared to single-stage aging, the hardness value of two-stage aging is
slightly less than single-stage aging at the same aging temperature. In addition, the temperature for
maximum hardness delayed. To ensure that the steel has higher hardness and impact toughness to
restrain crack initiation and growth in the process of service, the Charpy impact tests were carried
out for the specimens with Rockwell hardness values greater than 45 HRC after aging heat treatment.
The impact energies after different aging heat treatments are shown in Figure 11. For single-aging
at 720 ◦C, the hardness value reached the maximum value of 47.24 HRC, whereas the impact energy
reached the minimum value at 9.2 J. The impact energy reached the maximum value of 12.5 J and
the corresponding hardness value was 46.05 HRC at 740 ◦C. For two-stage aging, the impact energy
gradually increased and reached the maximum value of 16.2 J at 780 ◦C with increasing temperature
from 740 ◦C to 780 ◦C. As for two-stage aging heat treatment, impact energy greatly improved despite
the hardness decreasing by 1–2 HRC compared with single-stage aging.
Figure 10. Hardness of specimens with different aging heat treatment processes.








Metals 2017, 7, 94
The maximum impact energy value of 16.2 J is not only higher than premium H13 (10.84 J),
but also almost exceeds superior H13 (13.55 J) [28]. The newly prepared HMAS-N, in terms of the
toughness, is considerably outstanding when taking H13 mechanical properties into consideration.
Compared with the maximum impact energy of single-stage aging, two-stage aging impact energy
increased 29.6%. Despite the lowest hardness value of 45.1 HRC at 780 ◦C re-aging temperature, it still
meets the service requirements of hot work steel. Hence, in order to improve the comprehensive
performance and service life, the optimal aging process is re-aging at 780 ◦C.
It is well known that structure and fractograph of a specimen are related to the mechanisms
involved in the fracture process. The microstructure determines the performance of the steel. Figure 12a
is a SEM micrograph of specimen S-720 at low magnification. It can be seen that there are massive,
undissolved primary precipitates. Figure 12b–d are the scanning electron micrographs of specimens
S-720, S-740, and S-760 at high magnification, respectively. When the aging temperature increased
from 720 ◦C to 740 ◦C, the number of fine dispersed secondary carbonitrides increased, as shown in
Figure 12b,c. As the aging temperature increased to 760 ◦C, the number of secondary carbonitrides
decreased, but the secondary carbonitrides appeared to be aggregated, and the grain boundary was
widened, as shown in Figure 12d. This is attributed to growth of large particles at the expense of small
ones, resulting in the reduction in the total number of particles. Precipitation of carbides along the
grain boundary will result in deterioration of toughness, which can be attributed to the decrease of
grain boundary cohesion.
Figure 12. SEM microstructure of specimens after different aging heat treatment processes: (a,b) S-720,
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The SEM fractograph of specimens after the Charpy test for a fixed solid solution temperature
(1170 ◦C) and various aging processes are shown in Figure 13a–f. Both quasi-cleavage facets and
ductile dimples were observed, which indicated the mixed mechanism of fracture. The specimen S-720
showed mainly brittle-fractured surface zones characterized by transgranular quasi-cleavage and
intergranular fracture (Figure 13a). It can be noticed that quasi-cleavage fracture facets encircled by
ridges are much smaller than the austenite grain (58.4 μm), and this kind of morphology forms when a
crack propagates along the primary precipitates. The size of intergranular fracture grains (~60 μm)
was similar to the size of austenite grains (58.4 μm). This implies that intergranular fracture along
the boundaries of austenite grains operated partially for specimen S-720. As shown in Figure 13b,
quasi-cleavage facets show massive primary precipitates, which is consistent with the observation
in Figure 11a. It indicated that quasi-cleavage nucleated along the precipitates. Some portions of
the fracture surface exhibited ductile-fractured surface with fine dimples (Figure 13c). The dimple
percentage increases with increasing aging temperature (from 720 ◦C to 760 ◦C) for single-stage aging
treatment. The specimens S-740 and S-760 showed mainly ductile-fractured areas with fines dimples
and some quasi-cleavage features (Figure 13d,e). It is clear that the fracture surface of specimen S-760
contained microcracks and some spherical secondary precipitates precipitated from the aging process,
as shown in Figure 13e. The EDS results of the precipitates shown in Figure 13b,e are presented in
Table 6. Figure 14 shows fractograph EDS element distribution mappings of specimen S-760. Figure 14
and the EDS results of point 1, shown in Figure 13b, indicate that elements N, V, C were enriched in the
same area, confirming that undissolved coarse primary carbonitrides are V(C,N), which also contains
a small amount of Cr. Figure 14 and the EDS results of point 2, shown in Figure 13e, indicate that
spherical secondary carbides are Mo-rich carbides. Specimen T-780 presented more ductile dimples
and fewer quasi-cleavage facets (Figure 13f).
Table 6. The EDS results for precipitates (mass %).
Point
Element
C V Mo Cr N Fe Mn
1 28.48 40.50 0.24 0.92 27.57 1.72 0.57
2 37.07 0.26 16.57 1.65 0.00 43.62 0.83
The undissolved primary precipitates, austenite grain size, strength of the matrix, secondary
precipitates, and the strength of grain boundary have great effects on the impact energy, while aging
heat treatment has little effect on primary precipitates and austenite grain size. For specimen S-720,
the massive undissolved primary V(C,N) had a higher hardness value (47.2 HRC) and is not easy to
deform, which is responsible for embrittlement for the lower impact energy (9.3 J). A lower binding
force among precipitates and steel matrix resulted from the existence of primary and secondary
precipitates. It is much easier to generate cracks at the regions where primary V(C,N) are enriched.
With increasing aging temperature from 720 ◦C to 740 ◦C for single-stage aging, the amount of
secondary precipitates increased, which meant the interstitial atoms dissolved in the matrix precipitated
and the degree of supersaturation decreased, resulting in the softening of the steel matrix [29].
The increasing number of secondary precipitates has a negative effect on impact energy. The softer the
base metal, the larger the plastic district around the crack tip when the stress concentration is high
enough and plastic deformation occurs. A larger plastic district will result in greater crack propagation
and larger impact energy [30]. For specimen S-720 and S-740, the base metal plays the main role
on impact energy compared to the negative effect of secondary precipitates. Hence, impact energy
increased from 9.3 J to 12.5 J with increasing temperature, from 720 ◦C to 740 ◦C, for single-stage
aging temperature. When increasing temperature to 760 ◦C for the single-stage aging, the amount of
secondary precipitates increases and the coarsening of the austenite grain boundary has a major effect
on the impact energy, which led to impact energy decreasing from 12.5 J to 11.4 J.
For two-stage aging, the low-temperature pre-aging of the two-stage aging process is equivalent
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aging of the alloy is to promote the formation of the GP (Guinier-Preston) zone, and then to obtain
a large number of dispersed GP areas, and to make the GP areas extend to a certain scale without
dissolution in the second stage of aging. In the second high-temperature aging process, the aging
precipitation sequence of the alloy changes from GP zone to secondary precipitates, and the alloy
enters the aging stage. This improves the working capacity of tools for hot deformation. The two-stage
aging may be more conducive to distributed homogeneous precipitation of secondary precipitates
and reducing growth of secondary precipitates, which will weaken the reduction of the impact energy
compared to single-stage aging. As a result, the impact energy increases from 9.2 J to 16.2 J with a
slight decrease of the strength when increasing the re-aging temperature from 740 ◦C to 780 ◦C.
Figure 13. SEM fractographs of specimens after different aging heat treatment processes: (a–c) S-720;
(d) S-740; (e) S-760; (f) T-780. (b) and (c) are highly magnified images taken at the region enriched with
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Figure 14. Energy-dispersive X-ray spectrometer (EDS) element mappings of S-760 fractograph, scale
bar: 20 μm.
4. Conclusions
The microstructure of as-cast high-Mn ingot is composed of γ-Fe + M(C,N) + M2C. M(C,N)
precipitated from liquid steel directly, which is a highly stable phase. M(C,N) is V(C,N) containing
Cr, Mo elements. M2C is Mo2C, containing more Cr and Mo elements, which formed by eutectic
reaction (L → γ + M2C). The morphology of V(C,N) is an irregular multilateral strip or slice shape
with severe angles. Most of Mo2C morphology are lamellar fish-skeleton-like and a small number of
Mo2C morphology are rod-shaped.
When increasing solid solution time from 0.5 h to 2 h at 1170 ◦C, AGS ranges from 54.8 μm to
58.4 μm and no significant grain growth was observed, which can be attributed to the pinning effect of
undissolved V(C,N). Additionally, the hardness increased from 45.34 HRC to 47.24 HRC due to solid
solution strengthening. When the solid solution temperature reached 1200 ◦C and 1230 ◦C, the effect
of grain growth, which decreases hardness, exceeds the effect of solid solution strengthening, which
increases hardness. The hardness value decreased linearly with the increase of solution temperature
from 1200 ◦C to 1230 ◦C.
The AGS distribution of austenite is close to lognormal distribution. The austenite grains grew
slowly at a solution temperature below 1200 ◦C. A tangible grain growth was detected at 1170 ◦C for
soaking times over 3 h due to the synergic effect of the soaking time and temperature on the grain
growth. When the solid solution time is 3 h at 1230 ◦C, the bimodality of histogram is presented as a
result of further progress in secondary recrystallization.
For single-stage aging and two-stage aging, Rockwell hardness shows a trend of first increasing
and then decreasing with increasing aging temperature. In addition, hardness reach the maximum at
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hardening. Compared to single-stage aging, impact energy greatly improved despite the hardness
decreasing by 1–2 HRC. In addition, the temperature for maximum hardness delayed.
Both quasi-cleavage facets and ductile dimples were observed in the fractograph, which indicates
the mixed mechanisms of fracture. The two-stage aging may be more conducive to homogeneously
distributed precipitation of secondary precipitates and reduced growing tendency of secondary
precipitates, which will weaken the reduction of the impact energy compared to single-stage aging.
Compared with the maximum impact energy of single-stage aging, maximum impact energy reached
16.2 J and increased by 29.6% when using two-stage aging. Thus, the optimum heat treatment process
is subjected to solution treatment for 2 h at 1170 ◦C, followed by pre-aging treatment for 1 h at 650 ◦C,
and, finally, by re-aging for 1 h at 780 ◦C.
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18. Staśko, R.; Adrian, H.; Adrian, A. Effect of nitrogen and vanadium on austenite grain growth kinetics of a
low alloy steel. Mater. Charact. 2006, 56, 340–347. [CrossRef]
19. Speer, J.G.; Michael, J.R.; Hansen, S.S. Carbonitride precipitation in niobium/vanadium microalloyed steels.
Metall. Mater. Trans. A 1987, 18, 211–222. [CrossRef]
20. Matsuo, S.; Ando, T.; Grant, N.J. Grain refinement and stabilization in spray-formed AISI 1020 steel. Mater. Sci.
Eng. A 2000, 288, 34–41. [CrossRef]
21. Adamczyk, J.; Kalinowska-Ozgowicz, E.; Ozgowicz, W.; Wusatowski, R. Interaction of carbonitrides V(C,N)
undissolved in austenite on the structure and mechanical properties of microalloyed V-N steels. J. Mater.
Process. Technol. 1995, 53, 23–32. [CrossRef]
22. Humphreys, F.J.; Hatherly, M. Chapter 6–Recovery after Deformation. Recrystallization & Related Annealing
Phenomena; Elsevier Limited: Amsterdam, The Netherlands, 2004; pp. 169–213.
23. Dutra, J.C.; Siciliano, F., Jr.; Padilha, A.F. Interaction between Second-Phase Particle Dissolution and
Abnormal Grain Growth in an Austenitic Stainless Steel. Mater. Res. 2002, 5, 379–384. [CrossRef]
24. Abbaschian, R.; Reedhill, R.E. Physical Metallurgy Principles, 4th ed.; Cengage Learning:
Stamford, CT, USA, 2009.
25. Lanskaya, K.A. High-Temperature Steels [in Russian]; Metallurgiya: Moscow, Russia, 1969.
26. Werenskiold, J.C.; Deschamps, A.; Bréchet, Y. Characterization and modeling of precipitation kinetics in an
Al–Zn–Mg alloy. Mater. Sci. Eng. A 2000, 293, 267–274. [CrossRef]
27. Yang, R.X.; Liu, Z.Y.; Ying, P.Y.; Li, J.L.; Lin, L.H.; Zeng, S.M. Multistage-aging process effect on formation of
GP zones and mechanical properties in Al–Zn–Mg–Cu alloy. TNMSC 2016, 26, 1183–1190. [CrossRef]
28. NADCA Die Material Committee. NADCA Recommended Procedures for H13 Tool Steel; NADCA #207-2003;
North America Die Casting Association: Arlington Heights, IL, USA, 2003.
29. Yan, P.; Liu, Z.; Bao, H.; Weng, Y.; Liu, W. Effect of tempering temperature on the toughness of 9Cr–3W–3Co
martensitic heat resistant steel. Mater. Des. 2014, 54, 874–879. [CrossRef]
30. Gao, J.M. Mechanical Properties of Materials, 1st ed.; Wuhan University of Technology Press: Wuhan, China,
2004. (In Chinese)
© 2017 by the authors. Licensee MDPI, Basel, Switzerland. This article is an open access
article distributed under the terms and conditions of the Creative Commons Attribution










Corrosion Behavior of API X100 Steel Material in
a Hydrogen Sulfide Environment
Paul C. Okonkwo 1, Rana Abdul Shakoor 1,*, Abdelbaki Benamor 2,
Adel Mohamed Amer Mohamed 3 and Mohammed Jaber F A Al-Marri 2
1 Center of Advanced Materials, Qatar University, 2713 Doha, Qatar; paulokonkwo@qu.edu.qa
2 Gas Processing Center, Qatar University, 2713 Doha, Qatar; benamor.abdelbaki@qu.edu.qa (A.B.);
m.almarri@qu.edu.qa (M.J.A.-M.)
3 Department of Metallurgical and Materials Engineering, Faculty of Petroleum and Mining Engineering,
Suez University, 43721 Suez, Egypt; adel.mohamed25@yahoo.com
* Correspondence: shakoor@qu.edu.qa; Tel.: +974-4403-6867
Academic Editor: Robert Tuttle
Received: 8 February 2017; Accepted: 14 March 2017; Published: 25 March 2017
Abstract: Recently, the API X100 steel has emerged as an important pipeline material for
transportation of crude oil and natural gas. At the same time, the presence of significant amounts of
hydrogen sulfide (H2S) in natural gas and crude oil cause pipeline materials to corrode, which affects
their integrity. In this study, the effect of H2S concentration on the corrosion behavior of API X100 in
3.5% NaCl solution is presented. The H2S gas was bubbled into saline solutions for different durations,
and the corrosion tests were then performed using potentiodynamic polarization and electrochemical
impedance spectroscopy (EIS). X-ray photoelectron spectroscopy (XPS), X-ray diffraction (XRD),
atomic force microscopy (AFM), and scanning electron microscopy (SEM) techniques were used
to characterize the corroded surface. The results indicate that the corrosion rate of API X100 steel
decreases with increasing H2S bubbling time due to the increase in H2S concentration in 3.5% NaCl
solutions. It is noticed that an accumulation of a critical amount of hydrogen in the metal can result in
hydrogen-induced crack initiation and propagation. It was further observed that, when the stress limit
of a crystalline layer is exceeded, micro-cracking of the formed protective sulfide layer (mackinawite)
occurs on the API X100 steel surface, which may affect the reliability of the pipeline system.
Keywords: H2S concentration; corrosion; sour environment; API X100 steel; sulfide layer
1. Introduction
Pipelines are one of the most convenient means of transporting petroleum and its products from
one region to another. Carbon steels (C-steel) are commonly used as a material for the transportation
pipelines because of their economic advantages and their ability to withstand operating pressure [1,2].
However, the steel surfaces of pipelines are constantly exposed to corrosive environments during
the transportation of the petroleum and its products; hence, the integrity of the pipeline system is
always found to be affected [3–5]. The sulfur content in the petroleum and its products have been
shown to be instrumental in the internal corrosion of C-steel pipelines [6]. Sulfide is predominant
in aqueous solutions through industrial waste and various biological processes and has a significant
influence on the aqueous corrosion of steels [7]. Other parameters such as temperature, fluid,
velocity, and microstructure also are influential in the corrosion rate of C-steel used in the petroleum
industry [5,8–11].
Recently, attentions have been drawn to the sour corrosion of C-steel due to a poor understanding
of sulfide corrosion absorption. Many researchers have shown that the formed iron sulfide on the
steel surface during the sour corrosion process can be either protective or non-protective [12,13]. It has
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been reported that the formed corrosion product layer during the corrosion of API X52 is significantly
composed of iron sulfide and various oxides, which enhance the protective properties of the film [4].
In a similar study, the corrosion of API X52 steel in H2S revealed that the increase in the thickness of
formed iron sulfide film influences the corrosion rate of C-steel [14]. It has also been reported that,
when the stress limit of the formed sulfide layer exceeds, micro-cracks within the formed layers have
formed, allowing a more rapid penetration of sulfide and chloride species into the deposit, resulting in
an increase in the corrosion rate [15].
The properties and the composition of the steel play critical roles in the formation, nature and
stability of the sulfide layer and consequently its corrosion prevention behavior [3]. A recent study [16]
has shown that the chemical composition and microstructure of C-steel significantly influence its
resistance to corrosion in wet H2S environments. However, the needs to increase the strength and
reduce the corrosion rate of existing C-steel pipeline materials have inspired new interest in the quest
for higher-strength steels [17,18]. Despite several contributions of different authors regarding a shared
understanding of the corrosion of steel materials [19,20], few studies have investigated the corrosion
in a sour environment [21,22], especially at low temperatures and with higher grades of carbon steel.
The application of this high strength steel as a pipeline material is aimed at enhancing the corrosion
resistance of pipeline steel. Nevertheless, many of the electrochemical characteristics of these high
strength low-alloy steel materials have not yet been reported in the literature [23–27]. Furthermore,
the corrosion behavior and mechanism of these steels in sulfide environments have not yet been fully
understood. Here, the corrosion behavior and mechanism of API X100 steel in sour 3.5% NaCl solution
at different H2S concentrations are presented using experimental tools, while surface characterization
techniques are used to characterize the corroded surface.
2. Materials and Methods
2.1. Material Preparation
The pipeline steel plates supplied by Hebei Yineng Pipeline Group Co., Ltd. (Shandong, China)
were cast into slabs after ladle refining and hot-rolled into 10 mm thickness plates. This process was
followed by solid-solution fine-grain strengthening, precipitation, and controlled cooling to achieve
the desirable microstructure. The microstructure of the as-received samples were found to be pearlitic,
formed by cooling the austenite. A representative microstructure of the target steel is shown in Figure 1.
Figure 1. Scanning electron microscopy (SEM) micrograph of API X100 steel.
The chemical composition of the API X100 steel used in the present study was determined
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Switzerland). The sample preparation procedure and the chemical composition are detailed
elsewhere [28,29].
2.2. Electrochemical Measurement Setup
Different electrochemical experiments were carried out at various H2S concentrations using
an experimental setup that was described elsewhere [28]. Figure 2 shows the schematic diagram of the
corrosion set-up used in this study.
Figure 2. Schematic diagram of the corrosion test set-up employed to study the corrosion behavior of
API X100 steel at room temperature.
The set-up was designed to allow and control the bubbling of both H2S and N2 into the saline
electrolyte solution. In the experimental study, the work was designed to investigate the corrosion
behavior of API X100 steel material in 3.5% NaCl solutions bubbled with H2S gas at different durations.
De-aeration was carried out using nitrogen gas for 2 h prior to bubbling H2S gas into the saline
solutions at a pressure of 0.5 MPa and regulated using a flow meter (CVG Technocrafts, Mumbai,
India) for different time intervals before each test. In addition, both the pH and the H2S concentration
of the solution were measured and calculated, respectively, at the end of each test (Table 1). The actual
concentration of H2S in the solution was determined following the NACE standard [30], as shown in
Table 1.
Table 1. The pH and H2S concentration used in the tests.





For reproducibility, each test was repeated three times. The electrochemical impedance
spectrometer (EIS) experiments were conducted within a frequency range of 0.1 to 100 KHz starting
from the higher limit towards the lower one. The potentiodynamic polarization experiments were
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a scan rate of 0.167 m·Vs−1. The purity of the used gas, H2S, was 99.99% and was purchased
from Buzwair Scientific & Technical Gases, Doha, Qatar. The 3.5% NaCl solution was prepared
using deionized water with a conductivity of 18.6 μ Siemens. A JEOL JSM-7800F scanning electron
microscope (SEM, Peabody, MA, USA) and atomic force microscopy (AFM) (JPK Instruments, Berlin,
Germany) were used to capture micrographs to document and compare the surfaces before and after
the corrosion. Energy dispersion X-ray (EDX) (AZoNano, Manchester, UK) and Kratos Axis Ultra DLD
X-ray photoelectron spectroscopy (XPS) units (Kratos Analytical Ltd, Manchester, UK) were used to
qualitatively and quantitatively measure the elemental composition of the formed corrosion product
layers at different H2S concentrations.
3. Results and Discussion
3.1. Potentiodynamic Polarization
Figure 3 presents the typical potentiodynamic polarization curve of API X100 steels in 3.5% NaCl
solution and at different H2S concentrations.
Figure 3. Potentiodynamic polarization curves of API X100 steels.
The corrosion current decreases as the anodic current and the potential were scanned from open
circuit potential (OCP) in the anodic direction at different H2S bubbling durations, which confirms
that the protective nature of the formed sulfide film increases due to the increase in bubbling duration.
The decrease in the cathodic current with increasing bubbling duration is attributed to two opposing
factors: the pH and the H2S gas concentrations in the solution [10]. Table 2 shows the Tafel parameters
derived from the Tafel measurements shown in Figure 3.
Table 2. The Tafel analysis parameters derived from the Tafel measurement shown in Figure 3.
H2S Concentration (ppm) Ecorr (V) Icorr (μA·cm−2) βc (V·decade−1) βa (V·decade−1) × 10−3
0 −0.633 ± 0.011 52.29 ± 0.091 1.011 ± 0.012 98.92 ± 0.007
7 −0.667 ± 0.020 28.52 ± 0.054 1.018 ± 0.013 112.1 ± 0.013
14 −0.679 ± 0.015 22.15 ± 0.013 1.012 ± 0.006 116.7 ± 0.008
21 −0.748 ± 0.012 6.89 ± 0.017 535.8 ± 0.014 103.8 ± 0.015
3.2. Electrochemical Impedance Spectroscopy (EIS)
The resistance of carbon steel materials to corrosion depends significantly on the physicochemical
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(Nyquist and Bode formats) within a frequency range of 0.1 to 100 KHz starting from the highest to the
lowest frequency limit. The corresponding fitted data (dotted line) are also within a frequency range
of 0.1 to 100 KHz in 3.5% NaCl solutions saturated with H2S gas at 0, 7, 14, and 21 ppm concentrations.
All values were obtained using the Gamry Echem Analysis Software technique [32].
Nyquist and Bode with the phase angle plots obtained for API X100 steel materials tested in 3.5%
NaCl solution with and without H2S are shown in Figure 4. An increase in resistance with increasing
H2S concentration can be seen in the impedance behavior of the API X100 steel. The Nyquist plot of the
API X100 steel without H2S displays a defined single smaller semicircular shape, while the tests with
H2S showed increasing semicircular curves (Figure 4). The fitting was done using the equivalent circuit
shown in Figure 5. The values of the fitted data are shown in Table 3. In the diagram, Rs represents the
solution resistance; CPE in the circuit is the constant phase element; W is the mass transfer Warburg
element [33]. Rct stands for the charge transfer resistance, and Rpo is the pore resistance.
Figure 4. Measured Electrochemical Impedance Spectroscopy (EIS) data represented in (a) Nyquist and
(b) Bode with phase angle represented in a dotted line format for API X100 steel at different durations
in 3.5% NaCl solutions with hydrogen sulfide within a frequency range of 0.1 to 100 KHz.
Figure 5. The equivalent electrical circuit model used to analysis the EIS data. CPE: constant phase element.



















0 12.73 52.95 4.52 0.735 840 5.17 0.869
7 19.05 67.13 3.31 0.718 1095 4.82 0.785
14 70.99 98.22 2.78 0.632 1440 3.09 0.807
21 98.19 106.10 1.52 0.640 1747 2.17 0.676
It can be observed that an increase in hydrogen sulfide concentration increased the charge transfer
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The increase in Rct indicates that the sulfide film is becoming more protective. Additionally,
the higher the Rct is, the lower the double layer capacitance will be. As can be seen in Table 3, the most
protective sulfide layer was at a hydrogen sulfide concentration of 21 ppm. The corrosion resistance of
the API X100 steel increases when the hydrogen sulfide concentration is increased from 0 to 21 ppm.
This observation is attributed to the iron sulfide film formation and growth [13,35], which is in good
agreement with the findings of Tang et al. [36], who observed similar iron sulfide film deposits on
the SAE-1020 carbon steel when exposed to a sour environment. Furthermore, the increase in the
hydrogen sulfide concentrations from 14 to 21 ppm showed evidence of crack development, which may
be ascribed to hydrogen-induced cracking (HIC). The hydrogen-induced crack (HIC) has been reported
to be one of the most significant damage modes in a sour environment [37,38]. It is believed that
hydrogen atoms produced due to surface corrosion of the steel diffuse into it through microstructural
defects that exist in the material [38]. The accumulation of a critical amount of hydrogen in the metal
defeats results in HIC initiation and propagation, as recently reported by Kittel et al. [39].
It is demonstrated that the corrosion resistance of API X100 steel material enhances significantly
with increasing sulfide concentration, and can be attributed to the formation of a protective iron
sulfide layer on the API X100 steel surface when exposed to an aqueous hydrogen sulfide environment.
A previous study [40] has shown that a chemical reaction occurs in a sour environment when H2S
is bubbled into the aqueous solution. However, some authors have reported the occurrence of
supersaturated mackinawite when low concentrations of H2S are combined with an increase in Fe2+
concentration, resulting in the growth of mackinawite on the steel surface [41–44]. Furthermore,
several authors [45,46] have also reported the significant effects of H2S concentration on the sulfide
layer formation.
3.3. Surface Characterizations
The atomic force microscopy (AFM) technique was used for a better understanding of the corroded
API X100 steel surface. The 3D AFM images of the corroded surfaces are presented in Figure 6a–d.
It is evident that the surface roughness increases with increasing H2S concentration. The specimens
corroded at highest H2S concentration have the highest surface roughness (Ra = 400 nm), while the
specimens tested in the absence of H2S have the lowest surface roughness (Ra = 50 nm). This behavior
can be ascribed to the increase in the formation of more scale layers on the API X100 steel surfaces
with increasing concentration of H2S (Figure 6).
Figure 6. 3D atomic force microscopy (AFM) images of API X100 steel exposed to a sour environment
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Evidence of the sulfide layer formation of sulfide layer on the surface of the API X100 steel
specimen when tested in an H2S environment was confirmed by EDX analysis. The presence of sulfur
(S) peak in the EDX spectra shown in Figure 7b–d clearly confirms the formation of a sulphide layer on
the surface of all API X100 steel tested under H2S environment. However, there was no evidence of “S”
in the spectra taken from the test specimen performed without H2S (Figure 7a).
Figure 7. SEM images of API X100 steel material for tests conducted in 3.5% NaCl (a) without H2S, (b)
with 7 ppm of H2S, (c) with 14 ppm H2S, and (d) with 21 ppm H2S.
Evidence of cracks can be seen on the sulfide layers at different H2S concentrations, especially at
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influenced by test solution conditions [47]. It is clear from Figure 7 that deposits of iron sulfide layers
have been built up on the sample surface (Figure 7). SEM micrographs shown in Figure 7 reveal that
the sulfide layers appear finer and more clustered as the H2S concentration is increased, which can be
attributed to the formation of a more homogeneous protective iron sulfide layer on the steel surface.
It has been reported that the continuous diffusion of hydrogen sulfide on a steel surface can lead to
generate internal stresses into the formed sulfide layer [15]. Upon exceeding the stress limit of the
crystalline layer, micro-cracking of the formed layers occurs as observed in Figure 7b–d. Analysis of
the corroded metal surface state can be carried out using surface X-ray photoelectron spectroscopy
analysis techniques. Figure 8 displays the survey XPS spectra of API X100 steel after exposure to
different H2S concentrations. The presence of iron peaks at 709.82 eV, 713.53 eV and a carbon peak at
285.5 eV can be noticed. However, the peaks at 163 and 170 eV binding energy (Figure 8b) indicate the
presence of sulfur and thus deduce the possible formation of sulfide layers on the corroded API X100
steel surfaces. This is in good agreement with previous studies [48].
Figure 9 shows the XRD spectra of the corroded API X100 steel samples in saline and sour
solutions. XRD peaks located at different 2θ values confirm the presence of different iron compounds.
The test performed in the absence of H2S shows a diffraction pattern typical of the peak of iron oxide
(Fe2O3, 2θ = 65.08◦) [4]. However, the presence of iron sulphide also referred to as mackinawite
(FeS, 2θ = 82.43◦) was observed on the surface of API X100 steel surface when exposed to different
H2S concentrations.
Figure 8. X-ray photoelectron spectroscopy (XPS) fitting spectra obtained from (a) the survey and
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Figure 9. The XRD spectra of API X100 with the corrosion product films at different H2S concentrations.
Scanning was at 2◦S−1.
Several researchers have reported that the initial formation of mackinawite layer on the steel
surface before the formation of the more stable sulfide species depends on the sample material and the
test conditions [49,50]. The presence of this iron sulphide (mackinawite) layer provides some protection
to the surface of the material from further corrosion due to its structural orientation [51], resulting in
a decrease in the corrosion rate. This protective iron sulfide layer becomes more homogeneous and
dense with increasing H2S concentration as can be observed in the SEM micrographs (Figure 7).
Similar studies have shown that iron and sulfide films were observed on API X52 pipeline steel surface
when exposed to sour environments [4]. However, their quantity is sensitive to the experimental
procedure [4,52]. Subsequently, iron sulfide layer (mackinawite) is formed due to the presence of iron
and sulfide ions in the solution. Nevertheless, an increase in the sulfide concentration as seen in this
test decreases the iron concentration in the solution, resulting in the precipitation of protective iron
sulfide on the steel surface [53].
4. Conclusions
In order to understand the effect of hydrogen sulfide on the corrosion behavior of API X100 steel,
sets of experiments in the presence and absence of sulfide in 3.5% NaCl were performed on API X100
steel. Based on the experimental results, the following can be concluded:
1. EDX and XPS analyses confirm the presence of sulfur on the corroded API X100 steel surfaces at
different H2S concentrations.
2. A significant decrease in the corrosion rate of API X100 steel in 3.5% NaCl solutions containing
various concentrations of H2S is noticed which can be attributed to the formation of sulfide layer.
3. SEM micrographs confirm that the formed protective sulfide layer becomes more homogenous
and denser as the H2S concentration is increased.
4. The formation of more homogeneous, dense and protective iron sulfide layer (mackinawite) is
responsible for the decrease in the corrosion rate with increasing concentration of H2S.
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Abstract: This study investigates the microstructure, mechanical properties, and corrosion resistance
of a friction-stir-welded joint of the hyper duplex stainless steel SAF2707. Friction stir welding
(FSW) is performed at a tool rotation rate of 400 rpm and a welding speed of 100 mm/min.
The microstructure of the joints is examined using scanning electron microscopy and X-ray diffraction.
Tensile test and fractography are subsequently employed to evaluate the mechanical properties of the
joints. Results show that the grain size of the stir zone (SZ) is smaller than that of the base metal (BM).
Electron back-scattered diffraction analysis reveals that fine-equiaxed grains form in the SZ because
of the dynamic recrystallization during the FSW. These grains become increasingly pronounced in the
austenite phase. The tensile specimens consistently fail in the BM, implying that the welded joint is
an overmatch to the BM. Moreover, the welded joints consist of finer grains and thus display higher
tensile strength than their BMs. Potentiodynamic polarization curves and impedance spectroscopy
both demonstrate that the corrosion resistance of the SZ is superior to that of the base material.
Keywords: friction stir weld; hyper duplex stainless steel; microstructure; mechanical properties;
corrosion resistance
1. Introduction
Given the favorable combination of mechanical and corrosion properties and excellent weldability
of duplex stainless steels (DSSs), DSSs have become more attractive than austenitic and ferritic
stainless steels in terms of applications [1,2]. In the process of their development, super stainless
steels have been widely applied in environments characterized by relatively excessive corrosion and
high pressure. However, they exhibit incapacities because of the short service life in such areas as oil
exploration, which strives for deeper water over 2500 m and requires stronger corrosion resistant [3].
Thus, a new high-alloyed DSS demonstrating excellent corrosion resistance and enhanced strength
is necessary. SAF2707HD is a new type of DSS in the form of a hyper stainless steel developed by
Sandvik Corporation. It exhibits excellent performance in relevant test evaluations. The superior
corrosion resistance of DSSs extends their application to aggressive chloride environments, such as
hot tropical seawater, seabed piping systems, and deep wells [3,4]. The corrosion resistance of DSSs
is determined by the fraction of α, γ, and detrimental intermetallic phases, such as σ, which often
renders Cr- and Mo-depleted zones susceptible to high-rate dissolution [5–7]. Given their inherent
brittleness, these undesirable intermetallic phases, which easily form during hot rolling or welding,
often degrade the mechanical properties of DSSs [8,9].
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In most applications, selected construction materials must undergo a welding process. However,
problems can occur when welding DSSs [10]. For example, fusion welding may destroy the
favorable duplex microstructure of DSSs and produce coarse ferrite grains, intergranular brittle
and intergranular austenite phases in the weld metal and heat-affected zone [11]. In addition, high
ferrite content and coarse grains reduce the corrosion resistance and mechanical properties of welded
joints [12,13]. Moreover, σ phase in DSSs may precipitate during welding because of high Cr, Mo, and
N concentrations. Studies have shown that the holding time of precipitating 1% σ phase at the most
critical temperature is 134 s, whereas that for hyper DSS (HDSS) is 69 s [14,15].
Several welding methods have been used to address these problems. Among these methods,
friction stir welding (FSW) has recently attracted considerable attention. FSW is a solid-state technology
wherein a material is subjected to intense plastic deformation at an elevated temperature, thereby
generating fine and equiaxed recrystallized grains. The main advantages of FSW are solid-state
welding, absence of metal addition, and fast cooling. In addition, FSW prevents precipitation. Initially,
FSW is mainly used in metals with low-melting points, such as Al and Mg alloys, because the tools
used in FSW display limited capacities at high temperatures [16,17]. With the improvement in tools
used in FSW, the application of FSW is extended to materials with high melting points, such as steel
and titanium alloys. As a result, numerous investigations have been conducted on FSW of steels and
other alloys with high melting points.
Existing investigations report that only a few studies have explored the effect of FSW on the
microstructure, mechanical properties, and corrosion properties of DSSs [18–20]. Sato [18] has
demonstrated that FSW elicits the desirable mechanical properties of SAF2507; these properties
include defect-free weld and generation of fine and equiaxed recrystallized grains in the stir zone
(SZ). Saeid [19] has investigated the mechanism of the grain refinement of DSSs by using electron
backscattered diffraction (EBSD) and found that the mechanism is correlated with different mechanisms
of dynamic recrystallization. Furthermore, the corrosive behavior of lean DSSs subjected to FSW was
studied by Sarlak, who found that the resistance of DSSs to the local and pitting corrosion of weldments
is superior to that of base metals (BMs) [20].
Studies have shown that FSW considerably affects the mechanical properties and corrosion
resistance of DSSs during welding. However, to the best of our knowledge, studies on the welding
of HDSS using FSW are few. Studies on HDSS welding mainly focus on the influence of shielding
gases on corrosion resistance [21,22]. No systematic research has investigated the corrosion resistance
and mechanical properties of HDSS weldments. Therefore, in this study, HDSS is welded using FSW
to investigate the microstructure, mechanical properties, and resistance to corrosion of HDSSs that
underwent FSW.
2. Materials & Experiment
SAF2707HD was prepared using vacuum induction furnace and electro-slag remelting furnace.
Table 1 shows the chemical composition of SAF2707HD. The experimental steel was supplied in the
form of a cold rolled and annealed (1200 ◦C for 1 h) plate (150 mm × 100 mm × 3 mm). The plates were
ground to remove the oxide on the top and bottom surfaces to ensure the welding quality. Welding
was performed using an FSW machine (China FSW Center, Beijing, China) parallel to the rolling
direction at a welding speed of 100 mm/min and a tool rotation rate of 400 rpm. The welding tool was
made of tungsten-rhenium (W-RE) with a shoulder diameter of 20 mm and a tapered probe. The pin
was tapered from 8 mm at the shoulder to 4.5 mm with a length of 2.8 mm. Figure 1 presents the
schematic of the tool used in the FSW experiment. During the welding process, the tilt angle was 0◦
and downward force was controlled at 20 kN. An argon atmosphere around the tool was introduced
as shielding gas to prevent excessive surface oxidation. Figure 2 presents a typical surface morphology
diagram of SAF2707HD butt joint subjected to FSW. In this diagram, the welding surface is smooth,
and macroscopic cracks, air holes, and tunnel defects are absent along the welding line, indicating that








Metals 2017, 7, 138
Table 1. Chemical composition of base material (wt. %).
Elements C N Si Mn Cr Ni Co Mo Cu Ce Fe
Content (wt. %) 0.02 0.47 0.42 1.00 27.07 6.71 0.99 4.66 0.85 0.03 Bal.
 
Figure 1. Schematic illustration of the welding tool used in the experiment [23].
 
Figure 2. Surface morphology of friction stir welding (FSW) butt joint.
Following FSW, a metallographic examination was conducted on a transverse section of the
welded joint via optical microscopy (OM) (Leica, Heerbrugg, Switzerland) and scanning electron
microscopy (SEM) (FEI, Hillsboro, OR, USA) equipped with an INCA energy dispersive X-ray
spectrometer system (EDX) (Oxford Instruments, Oxon, UK). The specimen for OM was chemically
etched with 25 g of KOH, 15 g of KSCN, and 100 mL of distilled water at a temperature of approximately
65 ◦C. Prior to EBSD, the specimen was electrolytically polished using 8 mL of perchloricacid, 5 mL
of glycerol, 100 mL of ethanol, 10 mL of 2-butoxy ethanol, and 15 mL of distilled water at room
temperature. Electrolytic polishing was performed at 30 V and at a 15 s storage time, respectively.
A Philips X-Ray diffractometer (Philips, Eindhoven, Netherlands) was used to identify the phase
formed on the surface of the SZ during the FSW.
Mechanical properties were investigated mainly through Vickers hardness and tensile tests.
The tensile test was conducted at ambient temperature on an Instron testing machine (Instron, Boston,
MA, USA). Vickers hardness test was performed using a LECO LM-700ATV hardness testing machine
(LECO, St. Joseph, UT, USA). The hardness profiles were measured along and perpendicular to the
mid-thickness of the joint with regular intervals of 0.5 mm at a load of 50 g for 15 s. The samples used
in the tensile test were the welded joints extracted from the weldments. Figure 3 shows the sizes of
tensile sample of the welded joints. The loading force was perpendicular to the direction of the welding
at a constant cross head speed of 1 mm/s. The tensile section fracture was observed through SEM.
A three-electrode electrochemical cell system was introduced to assess the electrochemical
corrosion of the BM and welded joints. A three-electrode system comprises a working electrode,
platinum (Pt) foil, and a saturated calomel electrode (SCE). A Pt electrode and SCE work as counter
and reference electrodes, respectively. All potentials quoted were related to SCE. The BM and weldment
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avoid crevice corrosion. The exposed electrode area was 1 cm2. All measurements were performed
three times to ensure their accuracy and repeatability. Potentiodynamic polarization curves were
obtained in 3.5 wt. % NaCl solution at 25 ◦C ± 1 ◦C at a scanning rate of 0.5 mV/s. The scanning
region was from −0.2 V to a certain current at which transpassivity occurred.
Electrochemical impedance spectroscopy (EIS) (Princeton Applied Research, Oak Ridge, TN,
USA) was conducted to evaluate the electrochemical behavior of the oxide film formed on the surface
of the stainless steel. Prior to all the experiments, the specimens were immersed in a test solution
for 30 min to reach a stationary condition. The scanning frequency region ranges from 0.1 mHz to
100,000 Hz. The measured EIS data was fitted with Zview 2.70 (Scribner Associates, Southern Pines,
NC, USA).
 
Figure 3. (a) The front; (b) sectional views of the transverse tensile specimen.
3. Results and Discussion
3.1. Microstructural Evolution
Figure 4 shows a typical low-magnification overview of the different sections of SAF2707 welded
joint subjected to FSW. The joint without internal defects exhibits a high degree of community. In the
cross section (Figure 4a), the left and right sides of the joint center comprise the retreating side and
advancing side of the rotational tool, respectively. A welded joint can be divided into three zones: the
SZ, the thermo-mechanically affected zone (TMAZ), and the BM. Additionally, the figure shows that
the SZ is characteristic of a ring vortex, which is produced through the flow of materials driven by the
thread on the pin. A similar microstructural characterization is performed in related studies [24,25].
Based on the advancing and retreating sides of the working tool, the TMAZ located adjacent to the SZ
can be classified into TMAZ–AS and TMAZ–RS. As verified by other authors [18–20,24], no obvious
heat affected zone is observed because of the relatively low heat input..
Figure 4b shows the schematic of microstructure of the as-received BM. The BM exhibits
a microstructure of austenitic islands embedded in ferrite matrix. Figure 4c–f shows the microstructures
at different joint positions. As shown in Figure 4c, the SZ located in the joint center displays a stretched
and two-phase microstructure. Compared with BMs, the SZ contains more elongated and finer
austenitic islands. Similar to the typical microstructure of Al alloy and steel joints welded through
FSW [16,17,24–27], the average grain size is significantly finer in the SZ than in the BM because the SZ
experiences higher temperature and has undergone significantly plastic deformation. No significantly
grain coarsening and σ phase are observed across the welded joint. During FSW, the material hardly
melts because of the low peak temperature. These factors possibly account for the absence of grain
coarsening and σ phase across the welded joint. Moreover, the region in the SZ adjacent to the
TMAZ-AS (Figure 4d) consists of the finest equiaxed grains. As explained by Liu [26], the material lying
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rotated using a pin tool and deposited at roughly the same location as its initial position. The material
flow of FSW suggests that the material on the advancing side of the SZ rotates and advances with the
tool, and the material on the retreating side is entrained, indicating a relatively small deformation [27].
This mechanism of material flow suggests that the material in the SZ at the advancing side undergoes
the most severe deformation and has a tendency to disrupt a duplex microstructure that produces the
finest grains.
As shown in Figure 4e,f, the TMAZ–AS/SZ boundary is clearly sharper in the advancing side
than that on the retreating side. This result is consistent with previous findings [18,24]. The difference
between these boundaries can be attributed to the difference in shear stress between the advancing
and retreating sides of the working tool. The shear force of the advancing side of the tool induces
a larger plastic deformation than that induced in the retreating side. One study [18] has shown
that the advancing side experiences the most severe deformation because of the material flow
mechanism induced by the difference in plastic deformation around the pin tool during the FSW
process. The TMAZ microstructure is distorted, and its grains are re-oriented perpendicular to
the rotational direction of the tool. The asymmetry of FSW is evident in the TMAZ–AS and
TMAZ–RS microstructures.
 
Figure 4. Optical microscopy of cross section of the joint (a); related microstructure (b) base metal
(BM); (c) stir zone (SZ); (d) stir zone—advancing side (SZ-AS); (e) thermo-mechanically affected
zone—advancing side (TMAZ-AS); (f) thermo-mechanically affected zone—retreating side (TMAZ-RS).
Figure 5 shows the backscatter electron (BSE) images of the SZ in different positions after
electrolytic polishing. The grain size distribution is inhomogeneous along the thickness direction of the
welded joint. The grain size decreases gradually from the top surface to the bottom of the welded joint.
The heat during welding process is generated by the friction between the rotating tool and material
interface, and the contact between the tool shoulder and the sample surface generates most of the heat;
thus, the maximum temperature should be observed near the top surface. Moreover, given that the
bottom of the testing plate comes in contact with the metal operating platform and that the rate of heat
dissipation is faster, the cooling rate near the bottom is higher than that at the top surface. Grain size
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to the varying cooling rates. The high peak temperature and slow cooling rate are regarded as being
indicative of the remarkable growth of grains near the top surface.
 
Figure 5. Backscatter electron (BSE) images of the SZ after electrolytic polishing (a) near the top surface;
(b) at the bottom.
Figure 6 shows the EBSD maps of the BM and SZ. The result of the EBSD analysis on the BM
reveals an austenite phase, which uses a higher number of grains (mostly twin boundaries) than the
ferrite phase. The average grain sizes of the austenite and ferrite phases are 9 and 9.5 μm, respectively.
The SZ displays fine and equiaxed grain microstructures. The average grain size of the austenite phase
in the SZ is approximately 1.6 μm, which is smaller than that in the ferrite phase (2.2 μm). The amounts
of twin grains are considerably lower than those of the BM, suggesting that the intense deformation
associated with FSW disintegrates the initial annealed microstructure of BMs. The duplex phase of the
SZ is finer than that of the BM. The grain size difference between the SZ and the BM, as observed in the
microstructure and EBSD maps, suggests that dynamic recrystallization (DRX) occurs in the austenite
and ferrite phases during FSW. As reported in related studies on the FSW, microstructures in the SZ
experiences severe deformation and high temperature; thus, DRX leads to fine grains [18–20,24–26].
 
Figure 6. EBSD maps of the BM and the SZ: (a) map for the BM; (b) ferrite of the BM; (c) austenite of
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In the SZ, grain size in the austenite and ferrite phases slightly differ; that is, the austenite phase
is slightly more pronounced than the ferrite phase. The grain size of DRX is known to be associated
with the deformation and diffusion rate of atoms. During FSW, deformation mainly occurs in the
ferrite phase because it is considerably weak at high temperatures. Fang et al. have demonstrated
that, during the hot deformation of a new DSS containing high nitrogen content, the wedge crack
is nucleated at the interface between the ferrite and austenite phases and easily propagates toward
the ferrite phase; hence, the ferrite phase is softer than the austenite phase at high temperatures [28].
Consequently, great strain occurs in the ferrite phase and supplies additional energy for nucleation.
Moreover, the ferrite phase has a higher diffusion rate of atoms compared with the austenite phase
at high temperatures [28]. Both of them can produce a recrystallization process, which is followed
by grain growth in the ferrite phase. According to earlier studies, DRX, including continuous DRX
(CDRX), or discontinuous DRX (DDRX) may exist in the SZ during the FSW of DSSs [24–26,29,30].
High stacking fault energy (SFE) of the ferrite phase facilitates CDRX. By contrast, low SFE of the
austenite phase facilitates DDRX.
Based on a simple mode of heat generation during FSW described by Schmidt [31], maximum
heat is generated in interfaces of shoulder and plate. SAF2707HD is a high-alloyed steel, and the
precipitation rate of the σ phase is generally fast. XRD was used to identify the different phases
based on their locations in the XRD pattern. Additionally, XRD was used to clearly understand
whether σ phase occurs on SZ. Figure 7 shows the XRD profile of the SZ surface. The ferrite and
austenite phases are readily observed in the XRD pattern, and their corresponding diffraction peaks
are marked. The σ phase was not formed during the FSW process, or its amount is so low that it
cannot be detected via XRD. Although the introduction of high strain and DRX can promote a mutual
diffusion of alloying elements [32], the time for nucleation of the σ phase is insufficient because of a
short welding thermal cycle.
Figure 7. XRD pattern of base metal and SZ.
During solid-state transition, austenite formation in the fusion zone of DSSs depends on cooling
rate. Followed by a fully ferrite phase, nucleation of the austenite phase preferentially lies in the
grain boundaries of the ferrite grains during the weld cooling cycle. Previous evidence demonstrates
that using high-heat inputs and slow cooling rates during the GTA process produce microstructures
containing considerable amounts of various forms of the austenite phase, such as grain boundary
austenite and secondary austenite [33]. In the present study, microstructural characterization shows
that the intergranular austenite phase is absent in all regions across the weld. In addition, these regions
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the XRD spectra of the BM and the SZ consist of ferrite and austenite phases. The intensities of the
α phase diffraction peak (110) and γ phase diffraction peak (111) in the SZ and the BM are nearly
equal, implying that the ratio of the ferrite/austenite phase of the SZ is close to that of the BM. Overall,
the ratio of the ferrite/austenite phase in the SZ is similar to that in the BM, as revealed by related
studies [18,24]. The similarity of the ratios of the ferrite/austenite phase between SZ and BM indicates
that the peak temperature is below the transition temperature between austenite and ferrite during
FSW of DSSs.
3.2. Mechanical Characterization
Figure 8 shows the hardness values, as a function of the distance from the weld center, across the
joint. The maximum hardness with minimal fluctuation lies in the SZ. Compared with the BM, the SZ
shows a smaller fluctuation. BMs contain large grains, and the hardness of its ferrite and austenite
phases differs. Thus, fluctuation in the BM is greater than that of the SZ. As the distance from the SZ
increases, the hardness values gradually decrease. The difference in hardness between the BM to the
TMAZ ranges from 303 HV to 355 HV. The main mechanism of this remarkable welding technique
involves fine grains occurring in the SZ as a result of DRX without changes in proper phase balance.
Moreover, as indicated by the microstructure of the SZ, the σ phase precipitation has not occurred.
Hence, as explained by Hajian [34], the dominant mode toward an increase in hardness in the SZ is
related to grain refinement, according to the fine-grain strengthening theory. Similarly, the values of
hardness gradually decrease from the bottom to the surface of the weld joint (shown in Figure 9).
Figure 8. Hardness profile across the joint.
Figure 10a,b shows the stress–strain curves and transverse tensile properties of the BM and FSW
HDSS weld joint. The experimental result shows that the 0.2% offset yield and ultimate tensile strength
of the weld metal overmatch those of the BM, consistent with the Vickers hardness results. According
to fine-grain strengthening theory, the elevated strength of the weldment relative to that of the BM is
consistent with the results of microstructural observation. As reported by Esmailzadeh [30], owing to
the presence of fine grains in SZs, the strength of welded SZ joints is more elevated than that of BMs.
Fine grains accompanied by additional grain boundaries inhibit dislocation motion, thereby increasing
the strength. The failure is consistently located in the BM and far from the FSW joint (Figure 11),
indicating that the BM is weaker than the FSW joint. The tensile test results show that FSW produces
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BM, and their difference is 6%. Li [35] explained that severe plastic deformation in the SZ reduces
ductility because of high-density dislocations generated in the SZ. Plastic deformation mainly occurs
on the base metal, implying that the strength of the weldments is influenced by the FSW joint.
Figure 9. Hardness profile along the weld thickness.
Figure 10. (a) Stress–strain curves of the BM and FSW joint; and (b) results of tensile test.
 
Figure 11. The macro pictures of the failure in the BM.
Figure 12a,b shows the optical micrograph of the tensile surface and SEM morphology of the
weldment fracture surface. The phase appearing reddish brown in the OM is the ferrite phase (α) and
the phase appearing white is the austenite phase (γ). The typical EDX results of dual phases are shown
in Figure 12c,d, respectively. Crack initiation apparently occurred in the interface of the ferrite and
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phase at room temperature as a result of the low SFE. The SEM morphology of the weldment fracture
surface is characterized by a dimple with a microvoid, a feature of a ductile fracture. However, size
distribution of the dimple is inhomogeneous, which corresponds to low elongation [35].
 
Figure 12. (a) Optical micrograph of the tensile surface; (b) SEM morphology of the weldment fracture
surfaces; (c) EDX of the austenite phase; (d) EDX of the ferrite phase.
3.3. Corrosion Resistance
The effect of FSW on corrosion resistance of the SZ was investigated in a 3.5% NaCl solution at
25 ◦C ± 1 ◦C (Figure 13). The polarization curves of the BM and the SZ appear to have similar shapes
and contain a wide passive region around 1.2 V. The pitting potentials of the BM and the SZ are 0.95 and
0.98 Vsce, respectively. The difference in corrosion resistance between the pitting potential (Epit) and
passive current density (ipass) is positive. That is, the SZ displays a greater corrosion resistance than
the BM. In addition, the magnitude of variation in corrosion potential (Ecorr) corresponds to the pitting
potential. Along with the mechanism of the FSW, fine grains are generated in the SZ. A large number
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channels contributing to anodic reactions. Ralston [36] has demonstrated that materials with fine
grain structures are expected to be more corrosion resistant. The improved corrosion resistance can be
attributed to the fine grains in the SZ; that is, an increase in the grain boundary density surface acting
as diffusion paths of atoms facilitates passive film growth. Similar results have been reported [20,37].
As reported by LvJinlong [37], fine grains strengthen the stability and uniformity and improve the
corrosion resistance of passive films of 2205 duplex stainless steels. Another study has demonstrated
that the fine grains achieved by FSW increases the corrosion resistance of DSSs [20].
Figure 13. Potentiodynamic polarization curves of the BM andthe SZ in a 3.5 wt. %NaCl solution.
The electrochemical properties of the passive film were evaluated via EIS, a technique for accessing
relaxation phenomena. Figure 14a shows the typical Nyquist plots of base and weld metals in 3.5%
NaCl. Two successive depressed semicircles appear in the Nyquist plot. The diameter of the capacitive
semicircle in the Nyquist diagrams is correlated with corrosion resistance. Thus, the numerical size of
the charge transfer resistance of the passive film is reflected [38]. The weldment has a larger impedance
diameter than the BM, indicating superior corrosion resistance of the former. Figure 14b shows the
corresponding Bode plots of the BM and the SZ. Two well-defined time constants are observed in the
two Bode-phase formats. This observation indicates that a passive film has formed on the 2707 HDSS
surface and it consists of a bilayer structure. As reported [37,38], a passive film, including its active or
passive region, cannot be ideally homogeneous.
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An equivalent circuit (EC) has been proposed to be used to interpret the interface phenomenon
between an electrode and a sample [37–39]. The maximal phase angle value in both Bode-phase
plots is lower than 90◦. Such behavior can be attributed to the deviation from the ideal capacitor
behavior. Therefore, constant phase elements (CPEs) instead of a pure capacitance are used in EC to
describe the frequency-independent phase shift betweenalternating potential and its current response.
The corresponding impedance of a CPE is defined by the expression ZCPE = Z0(jw)n. n, which is a CPE
exponent, describes the deviation from the ideal capacitance. When n = 1, the CPE represents an ideal
capacitance. For 0.5 < n < 1, n decreases with the increase in capacitance dispersion. When n = 0.5,
the CPE symbolizes a Warburg impedance characteristic of diffusion.
Figure 15 shows the EC proposed to model the electrode/sample interface. This circuit contains
two time constants that match well the experimental results. Rs is the resistance of the solution.
Q1 represents the capacitive behavior of the passive film resulting from the formation of the ionic paths
across the passive film, and constitutes the first time constant laid at a high frequency coupled with a
resistance R1. R1 is the ionic diffusion resistance of the outer passive film. The second time constant is
located in the low frequency region comprising Q2 and R2. Q2 symbolizes the capacitive behavior of a
finite-length passive film, and R2 is the diffusion resistance. Dispersion constant n consistently lies
between 0.5 and 1.
Figure 15. Equivalent circuit used for simulating bilayer oxide film on the BM andthe SZ.
Table 2 shows the corresponding fitting results. The film on the stainless steels consists of a
two-layer oxide film, and these layers are denoted as R1 and R2 [40,41]. The quantitative values of R1
and R2 of the SZ are higher than those of the BM. This result suggests that the oxide film that formed
on the surface of the SZ is more homogeneous and resistant than that formed on the surface of the BM.
LvJinlong [37] demonstrated that the oxide film on the ultrafine grained DSS 2205 consists mainly of
Cr2O3 and Fe2O3, whereas the coarse grain comprises FeO and Cr(OH)3, which are less protective than
Cr2O3 and Fe2O3. EIS test results confirm that the BM exhibits relatively poor corrosion performance
compared with the weldment. These results are consistent with the potentiodynamic polarization
curve test results. Meanwhile, BM has far lower R1 value than the SZ, indicating that the outer passive
film of the former is defective and characterized by large porosities and active regions. The corrosion
resistance of passive films is mainly governed by the inner passive film, and this role has been proven
by the numerical difference between R1 and R2. As mentioned by ČrtomirDonik [41], the dominance
of the inner passive film of DSS 2205 can be attributed to the presence of chromium oxide between the
surface oxide and bulk material at all temperatures.
Table 2. The EIS fitting results of the BM and SZ.
Area Rs (Ω·cm2) Q1 (uF·cm−2) R1 (kΩ·cm2) n1 R2 (kΩ·cm2) Q2 (uF·cm−2) n2
BM 30.53 19.10 0.51 0.98 262.50 16.50 0.77
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4. Conclusions
This work investigates the microstructure, mechanical properties, and corrosion resistance of the
FSW joint. The main conclusions drawn based on the experimental results are as follows:
(1) A high-quality FSW joint without deleterious phases is obtained by rapidly cooling the samples.
The welded joint microstructure contains fine equiaxed grains in the SZ. The grains are
exceptionally pronounced in the austenite phase.
(2) Failure of the tensile specimens is consistently located in the BM zone, suggesting that the welded
joint overly matches the BM. Owing to their fine grains, the welded joints display a higher tensile
strength than their BMs.
(3) In the potentiodynamic polarization and impedance spectroscopy tests in NaCl solution, all SZs
exhibit corrosion resistance superior to that of the BM.
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Abstract: Tribological properties of ploughshares made of pearlitic and martensitic steels were
compared in field tests. Sectional ploughshares consisting of separate share-points and trapezoidal
parts were subjected to examinations. Contours of the examined parts were similar, but the thickness
of the parts made of pearlitic steel was 1 to 3 mm greater for the share-points and 0.5 to 2 mm greater
for the trapezoidal parts. Within the tests, sandy loams, loams, and loamy sands with circa (ca.) 13%
humidity were cultivated. A greater intensity of thickness reduction and mass wear of the parts made
of pearlitic steel was found, which indicates a lower resistance of this steel to wear in soil. However,
contour changes of the share-points and the trapezoidal parts made of pearlitic and martensitic steels
were comparable, which was probably influenced by the greater thickness of the parts made of pearlitic
steel. The roughness of the rake faces of the parts made of pearlitic steel was greater than that for the
parts made of martensitic steel, which can be attributed to lower hardness of the former. The largest
differences occurred between maximum peak heights of the roughness profile values (Rp), which
indicates stronger ridging in the case of pearlitic steel. Scanning electron microscope (SEM) observations
of the rake faces showed that martensitic steel was subjected to wear mostly by microcutting, but
pearlitic steel was principally worn by microcutting and microploughing. During tillage, only one
share-point made of pearlitic steel was broken. However, the main disadvantage of these parts was
that their bending was related to the lower mechanical strength of pearlitic steel.
Keywords: plowshares; wear; durability; martensitic steel; pearlitic steel
1. Introduction
Tillage still belongs to popular operations of soil cultivation and this indicates a need to carry out
research aimed at the improvement of the design solutions of ploughshares. Ploughshares, like many
other parts working in soil, are subjected during operation to intensive abrasion wear [1–3] that results
in a change in their geometry and a reduction of mass. In consequence, after reaching the so-called
ultimate limit state, these components must be replaced with new ones. Thus, users of agricultural
equipment expect that the manufacturers offer durable replacement parts. The economic aspect, i.e.,
the low price of the products, is also significant.
In spite of many years of laboratory and field research, wear of the parts operating in soil
(including ploughshares) constitutes a still valid tribological and operating problem, because of the
complexity of the mechanisms occurring in these processes. The research performed so far includes,
among others, an evaluation of the relation between wear processes and the geometry of particles
composing abrasive soil mass, as well as the physico-chemical conditions of the working environment,







Metals 2017, 7, 139
described by the granulometric composition of soil, its humidity and consistency, the content of
skeleton particles, reactions, etc. [4–7]. As far as humidity alone is concerned, its diversified influence
on the wear dynamics of ploughshares has been demonstrated. It was observed that, with increasing
soil humidity, the wear rate of ploughshares is lower in loamy and clay soils, but is higher in sandy
soils [5,8,9]. In soils with low humidity, the intensive wear of ploughshares was observed on their
flank faces, which resulted in a relatively quick reduction in the length of their share-points and in
the width of their trapezoidal parts. On the other hand, in soils with high humidity, a relatively quick
thickness reduction in shares has been found [10,11]. The complexity of the wear mechanisms of the
parts operating in soil is also shown by the research in that a relation between the wear rate of steel
and the reaction of the working environment has been demonstrated [12,13].
Users of agricultural equipment have no effect on most of the factors related to the operating
conditions of tillage tools, but are interested in a long durability of the working parts. The relatively
well-known and still-in-development methods that of improving the durability of ploughshares include
pad-welding with hard alloys in the areas subjected to intensive wear. The effectiveness of this solution
has been confirmed in laboratories and field research many times [14–18]. Research on the anti-wear
properties of steels containing micro-additions of boron (e.g., steels Hardox, Raex, SSAB Boron 33)
and steels surface-hardened by diffusive boriding [19–21] have been undertaken. The possibility of
using oxide ceramics and plates made of sintered carbides as abrasion-resistant superficial layers of
the components operating in soil has also been considered [22–26]. It should also be mentioned that
a beneficial economic effect of plough cultivation can be reached by using sectional ploughshares,
currently offered by several manufacturers. Such a solution makes it possible to utilize the trapezoidal
parts of shares more completely [11].
The present research was aimed at comparing tribological properties of ploughshares made of
pearlitic and martensitic steels, while the starting material for the manufacture of pearlitic shares were
railway rails withdrawn from use, being a cheap base material.
2. Materials and Methods
2.1. Objects of the Research
Two variants of ploughshares were used in the research, differing basically in properties of the
used steels. One of the steels was characterized by a martensitic structure (shares from a well-known
manufacturer of agricultural tooling), and the other steel by a pearlitic structure (shares from
a manufacturer that utilizes recycled railway rails). It should be mentioned that the usefulness of the
shares made of pearlitic steel is not well recognized. However, the shares made of martensitic steel,
used in this research, are renowned, and this is why they were selected as reference objects. In both
variants, the shares were sectioned, i.e., composed of separate share-points and trapezoidal parts.
The chemical composition of the steels used for the examined ploughshares was determined by
spectral analysis using a glow discharge spectrometer GDS500A (Leco Corporation, Saint Joseph, MO,
USA). The examined material was placed under atmosphere low-pressure argon. A negative potential
between 800 and 1200 V was applied to the specimens. Results are given in Table 1.
Microscopic examinations were carried out on cross sections of steel specimens etched with
3% HNO3 (according to PN-H-04512-1975) at magnifications between 100 and 500×. Observations
were made using a metallographic microscope (Nikon Corporation, Tokyo, Japan) coupled with
a charge-coupled device (CCD) camera. The structure of the ploughshares made of railway rails was
found to be pearlitic (non-homogeneous in some places) with ferrite crystallized on grain boundaries
of former austenite. Moreover, numerous inclusions were observed, probably sulfides, see Figure 1a,b.
The structure of the reference shares was found to be martensitic, composed of medium-carbon and
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Table 1. The chemical composition of steels used for ploughshares.
Element
Concentration [wt %]




















(a) (b) (c) 
Figure 1. Microstructures of ploughshare materials: (a) pearlitic steel with ferrite on grain
boundaries (indicated by arrows); (b) pearlitic steel with ferrite on grain boundaries, in some places
non-homogeneous, with visible inclusions, probably sulfides (indicated by an arrow); (c) martensitic
steel, the structure of fine-acicular tempered martensite.
For the steels under examination, hardness, impact strength, tensile strength, proof stress,
and ultimate elongation were determined. Brinell hardness was measured according to EN ISO
6506-1:2014-12 using a Zwick/Roell tester (Zwick Roell Gruppe, Ulm, Germany), under 187.5 kG
(1839 N) for 15 s. Charpy V-notch tests were carried out according to EN ISO 67 148-1:2010 at ambient
temperature, on the Zwick Roell pendulum hammer RPK300 (Zwick Roell Gruppe, Ulm, Germany)
on specimens with dimensions b = 10 mm × h = 7.5 mm, cut out in longitudinal and perpendicular
directions in relation to the plastic working direction. Fracture surfaces of the specimens were analyzed
using a scanning electron microscope JEOL JSM-5800LV (Joel Ltd., Tokyo, Japan) coupled with an X-ray
analyzer, Oxford LINK ISIS-300 (Oxford Instruments, Abingdon, UK). Tensile tests were carried out
according to EN ISO 6892-1:2016-09 on a tester MTS 810 (MTS Systems, Eden Prairie, MN, USA) using
flat specimens 40 mm long, with a cross section with a gauge length of 5 × 10 mm. The specimens were
cut-out from trapezoidal parts of the ploughshares along their length. Results of the measurements
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Table 2. Mechanical properties of the examined materials.
Parameter
Material
Pearlitic Steel Martensitic Steel
Hardness [HBW]
share-point 258.0 s = 4.7 476.0 s = 3.5
trapezoidal part 265.4 s = 2.8 472.2 s = 1.8
Impact strength [J/cm2]—relation
to plastic working direction
longitudinal 4 s = 0.3 37 s = 0.3
perpendicular 3 s = 0.3 25 s = 2.6
Tensile strength Rm [MPa] 911 s = 99 1833 s = 40
Proof stress Rp0.2 [MPa] 494 s = 70 1482 s = 35
Ultimate elongation A [%] 10 s = 1.0 10 s = 0.4
s—standard deviation.
Microscopic analysis of fracture surfaces obtained in impact tests showed 100% of the brittle zone
for pearlitic steel, but significant plastic zones in the side parts for martensitic steel, see Figure 2a–d.
Specimens of pearlitic steel showed cleavage fractures with fragments of plastic fracture between
the facets, with characteristic profiles of “rivers”, see Figure 2e–h. In the places where cracks propagated
through grain boundaries, “fan” profiles could sometimes be seen (Figure 2h). On surfaces of the
facets, marks of secondary cracks also occurred, propagating at a certain angle to the main cracking
surface, see Figure 2e–h.
Fractures of the specimens of martensitic steel for both longitudinal and perpendicular directions
are shown in Figure 2i–l. Side zones, as well as small zones under the notch, are plastic fractures with
voids of various diameters, see Figure 2i. Brittle non-metallic inclusions that initiated the fracture occur
within larger voids. Pits have parabolic shapes, which evidences action of tangential forces during
cracking. The central zone is the so-called quasi-cleavage fracture (Figure 2j,k). This is typical for
steels with martensitic and bainitic structures. Even though these facets are similar to cleavage facets
(because of occurrence of the “river” profile), it is almost impossible to identify crystallographic planes.
Ridges of quasi-cleavage facets are characterized by developed topography, which also evidences
intensive plastic deformation during their creation. Moreover, numerous transverse cracks and cavities
left by non-metallic inclusions were observed, see Figure 2k,l.
(a) (b) (c) (d) 
Longitudinal Perpendicular Longitudinal Perpendicular 
Pearlitic steel Martensitic steel 
 5 mm 
   
(e) (f) (g) (h) 
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(i) (j) (k) (l) 
 100 m  200 m  100 m  200 m 
Figure 2. Fracture surfaces of pearlitic and martensitic steels after the impact test. (a–d) macroscopic
images of fracture surfaces after the impact test; Pearlitic steel: (e,f) cleavage fracture with characteristic
“river” profile (longitudinal), (g,h) cleavage fracture with characteristic “river” and “fan” profiles
(perpendicular); Martensitic steel: (i) plastic side zone (longitudinal), (j) quasi-cleavage fracture
with developed topography (longitudinal), (k) cavities after non-metallic inclusions (longitudinal),
(l) cavities after non-metallic inclusions (perpendicular).
Characteristic dimensions of the examined ploughshares are given in Table 3. The basic difference
in their geometry is thickness. The share-points and trapezoidal parts made of pearlitic steel were
thicker (Table 3, dimensions W3 and W8) than those made of martensitic steel. This was reflected in
the mass: the share-points and trapezoidal parts made of pearlitic steel were respectively ca. 17% and
7% heavier than those made of martensitic steel.





W7 W9 / a 








W1 W2 W3 W4/a W5/a W6 W7 W8 W9/a
Martensitic steel 97 335 9–15 1) 28/3 27/3 496 149 11 42/4 650
Pearlitic steel 99 338 12–16 1) 28/5 25/5 480 146 12–13 30/5 643
Mass [g]
Martensitic steel 1846.6 s = 22.0 4588.3 s = 19.2
Pearlitic steel 2157.4 s = 38.0 4907.4 s = 52.3
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2.2. Conditions of Field Testing
Field tests were carried out between the 8th and 16th of August 2016 on the fields of Agrofirma
Witkowo Cooperative seated in Witkowo (geographic coordinates 53◦25′ N, 15◦16′ E), using
a seven-furrow reversible plough EuroDiamant (Lemken GmbH & Co. KG, Alpen, Germany) with
full-moldboard bodies. The plough bodies were equipped with automatic, spring overload protection.
For each material variant, 14 share-points and 7 trapezoidal parts were prepared. The parts made of
pearlitic steel were installed on one side of the plough, and those made of martensitic steel on the other
side. Thanks to the application of a reversible plough, the shares worked in corresponding soil and
service conditions, in spite of some variability of these conditions during the tests. This way, it was
possible to conclude about usability of the shares on the grounds of their wear. During the examinations,
the areas cultivated by the share-points and trapezoidal parts were respectively 8.43–12.29 and 20.93 ha
per body. After the tillage of that area was complete, part of the shares reached ultimate wear limits,
and the other shares still had a small material “margin” for further operation.
Parameters describing soil and service conditions of ploughshare operation are given in Table 4.
Percentages of individual soils present in the tillable layer were established on the grounds of
soil-agricultural maps elaborated for the cultivated area. (These maps were elaborated in the middle of
the 20th century, when somewhat different principles of soil classification were applied; nevertheless,
it is possible to assess the percentages of individual soils with quite good approximation using the
U.S. Department of Agriculture (USDA) criteria. Percentages of skeleton particles were determined by
sieving soil samples taken from the tillable layer through a 2 mm sieve. The percentage of fine stones
(3 to 14 cm) was determined by selecting such stones from 1 m2 of the tillable layer. The number of
large stones was determined on the grounds of the number of activations of the mechanisms protecting
the plough bodies against overload on a determined field area. Volumetric density and humidity of
soil was determined using 100 cm3 Kopecky’s cylinders by a drying and weighing method (according
to PN-R-55003:1990). Consistency was determined with a spring meter using a cone diameter of
16.6 mm with an apex angle of 30◦. Shearing stresses were measured with a vane tester Geonor H-60
(Geonor Inc., Augusta, ME, USA), equipped with a cross 20 mm wide and 40 mm high. The width and
depth of the tillage was determined according to the guidelines in PN-90/R-55021. Tillage speed was
determined by measuring the cultivator travel time with a stop-watch on the distance of 50 m.
Table 4. Operating conditions of ploughshares.
Quantity Determined Average Value Soil Layer
Percentages of soil grades
in tillable layer
of the cultivated area [%]




Percentage of skeleton particles
(fraction 2 to 30 mm) [%] 2.4; s = 1.0
Stoniness
fine stones (3–14 cm):
15 t/ha; s = 8 (168,000 pcs./ha; s = 80,000)
large stones: 28 pcs./ha; s = 31
Reaction [pHKCL] 6.07–6.33
Humus content [%] 1.78; s = 0.25




1.45; s = 0.06
1.49; s = 0.13
0–15 cm
15–30 cm
Consistency [kPa] 789; s = 1661866; s = 496
0–15 cm
15–30 cm
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Table 4. Cont.
Quantity Determined Average Value Soil Layer
Working width [m] 0.45; s = 0.04
Working depth [cm] 20.5; s = 3.5
Speed [m/s] 2.78; s = 0.25
Besides percentages of soil grades, average values for individual quantities were calculated on the grounds of the
data obtained in six individual days of testing; s—standard deviation.
In order to make the granularity of the cultivated soils more clear, exemplary percentages of
individual granulometric fractions in the tillable layer are given in Table 5. Granularity was measured
by the Casagrande’s method modified by Prószyński.
Table 5. Exemplary percentages of granulometric fractions in the cultivated soil.
Sample
No.





1.0 < d ≤ 2.0
Coarse
0.5 < d ≤ 1.0
Medium
0.25 < d ≤ 0.5
Fine
0.10 < d ≤ 0.25
very Fine
0.05 < d ≤ 0.10
Coarse
0.02 < d ≤ 0.05
Fine
0.002 < d ≤ 0.02 d ≤ 0.002
1 1.7 5.8 11.7 34.2 20.1 10.8 10.8 4.9 FSL
2 1.8 6.5 12.3 30.9 19.0 12.8 10.8 5.9 FSL
3 1.7 6.3 10.9 22.4 23.4 10.8 14.7 9.8 SL
4 1.9 5.4 11.1 34.4 19.7 8.8 12.8 5.9 FSL
5 1.1 3.6 6.9 15.2 22.7 24.8 15.8 9.9 L
6 1.4 4.5 9.3 36.4 23.8 6.9 11.8 5.9 FSL
d—size of soil grain [mm]; FSL—fine sandy loam; SL—sandy loam; L—loam.
2.3. Evaluation of Wear of the Examined Parts
To evaluate intensity of wear of the examined parts, the following parameters were used: unit
mass wear, unit contour change, and unit thickness reduction, determined on the grounds of absolute
wear of the parts after cultivation of a determined area. Unit mass wear was determined as the ratio
of mass loss of the part to the tilled area attributed to this part (understood as the area tilled to the
moment of replacing the part, divided by the number of bodies, i.e., 14 pcs.). The parameters related
to the geometry changes of the parts were determined for selected measurement places, as shown in
Figure 3. The unit contour change of a part (in mm/ha) was determined as the ratio of the absolute
contour change of the part in a given measuring line to the area cultivated by this part. A unit thickness
reduction (also in mm/ha) was determined as the ratio of the absolute thickness reduction of the part
in a given measuring point to the area cultivated by this part.
Contours of the parts were measured with a slide caliper, and thickness was measured with
a micrometer caliper. For contour measurements, a specially prepared “measuring table” was used,
making measurements of the distances between bases and edges of the parts possible. Differences
between the measurements of the new parts and of the used ones formed the contour change in
the given measuring line. For thickness measurements, a template was used, making repeated
measurements at the same point possible.
The width of wear bands formed on the flank faces of the parts as a result of the abrasive action
of soil from the furrow bottom was also measured. Measurements of this parameter were taken at
Lines L2 and L3 at the share-points and Lines L4, L5 and L6 at the trapezoidal parts, see Figure 3.
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Measuring places for contour changes: measuring lines from L1 to L6. 
approximate contour line of a used share 
positioning places in the “measuring table” 
L1 











Measuring places for thickness changes: measuring points from g1 to g13. 
approximate contour line of a used share 
places of applying the template 










g 9 g 8 g 7 g 6 g 5 
g 10 
g 4 g3 
g 1 g 2 
Figure 3. Measuring places for geometry changes of the examined shares, all results are in mm.
2.4. Evaluation of Surface Condition of the Parts after Operation in Soil
The microgeometry of the rake faces of the parts was measured with a profilographometer,
Hommel Tester T1000 (Jenoptic AG, Jena, Germany). The measurements were taken on measuring
lengths 4.8 mm (according to EN ISO 4288:2011), repeated four times for each part. The roughness of
the surface was described by the arithmetical mean deviation of the roughness profile Ra, the total
height of the roughness profile Rt, the maximum valley depth of the roughness profile Rv, and the
maximum peak height of the roughness profile Rp. Observation of the rake faces of the examined parts
was also carried out using a scanning electron microscope, JEOL JSM-5800LV (Joel Ltd., Tokyo, Japan),
coupled with an X-ray microanalyzer, Oxford LINK ISIS-300 (Oxford Instruments, Abingdon, UK).
2.5. Statistical Analysis of Measurement Results
Measurement results concerning unit wear, contour change, and thickness reduction were
complemented with statistical analysis in order to verify whether the share-points and trapezoidal parts
made of comparable steels are characterized by significantly different intensities of wear. Analysis was
performed using a Student’s t-test and the method of uncorrelated variables. The accepted significance
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3. Results
3.1. Wear of the Examined Parts
During tillage, one of the parts was broken: a share-point made of pearlitic steel broke across, in
the line running through the lower assembly hole, see Figure 4. After the tests, almost all share-points
made of pearlitic steel were somewhat bent, see Figure 5. Looking in the direction of their movement in
soil, the share-points were bent “forward” or “backward”. The bends were small and did not exclude
the share-points from further operation. It is probable that the “backward” bends were caused by
collisions of the shares with stones occurring in soil. The “forward” bends could also result from
collisions with stones (at the reaction force directed upwards) or by hitting against the ground on
the headlands. A consequence of “forward” bending of the share–points was the necessity to replace
them somewhat earlier, because the lower fitting bolts and nuts were uncovered and subjected to
abrasive wear. Bending of the trapezoidal parts (Figure 5) was observed on five examined shares but,
principally, at the end of their service life, when their thickness was significantly reduced as a result
of abrasive wear. Therefore, in the test conditions, bending of the parts made of pearlitic steel was a
typical phenomenon.
Considering the above, wear demonstrated by unit mass wear, unit thickness reduction, and unit
contour change of the share-points and trapezoidal parts made of pearlitic steel was evaluated in all
the parts, both those bent and not bent.








Figure 5. Bending of share-point and trapezoidal parts made of pearlitic steel: (a) a share-point part
bent “backward”; (b,c) longitudinal bend of a trapezoidal part; (d) transverse bend of a trapezoidal
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Figure 6 shows values of the unit mass wear of the examined shares. Significant differences
between these values for the two used steels (at intensity levels of respectively p = 0.00025 and 0.007
for the share-points and trapezoidal parts; statistically significant differences are marked by asterisks
in the figures). In both share-points and trapezoidal parts made of pearlitic steel, more intensive wear
was observed compared to the parts made of martensitic steel: ca. 1.42 times more for the share-points
and ca. 1.23 times more for the trapezoidal parts.
The trapezoidal parts were characterized by a greater unit mass wear than the share-points:
ca. 1.2 times greater for the parts made of pearlitic steel and ca. 1.4 times greater for the parts made of
martensitic steel. This can be explained by a ca. 2.4 times larger rake face area in the trapezoidal parts,



















































Figure 6. Unit mass wear of share-points and trapezoidal parts of the examined ploughshares
(s—standard deviation, *—statistically significant differences).
The measurement results of the unit thickness reduction of the share-points and trapezoidal parts
of the ploughshares are shown in Figure 7. At each measuring point, the values found in the parts
made of pearlitic steel were higher than those found in the parts made of martensitic steel: from 0.02
to 0.15 mm/ha for the share-points and from 0.04 to 0.11 mm/ha for the trapezoidal parts. In the
share-points, statistically different values were found in three measuring points: g1 (p = 0.001), g2
(p = 0.002), and g4 (p = 0.003), see Figure 3. In the trapezoidal parts, statistically different values of unit
thickness reduction were found in all the measuring points (p = 0.0000005–0.0042).
For unit thickness reduction, linear regression analysis was performed in order to find a correlation
between the values for the parts made of pearlitic and of martensitic steel. Obvious boundary
conditions were accepted for this regression: zero thickness reduction of the parts made of martensitic
steel corresponds to zero thickness reduction of the parts made of pearlitic steel. Results of the analysis
are shown in Figure 8.
A very strong correlation was found between the unit thickness reduction of the parts made
of pearlitic and that made of martensitic steel, indicating a more intensive wear of pearlitic parts:
ca. 1.4 times for the share-points and 1.8 times for the trapezoidal parts.
Unit thickness reduction of the parts was greater in the places located in the lower measuring line
(measuring points from g3 to g9). The share-points were subjected to the most intensive wear in the
area adjacent to the field edge and the nearest to the blade (measuring point g4), which can be related
to the highest pressure exerted by the soil on that surface fragment. In the case of the trapezoidal parts,















































































































































































Figure 7. Unit thickness reduction of share-point parts and trapezoidal parts of the examined







































A = 1.78·B 
R2 = 0.68350.1 
0.3 
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A = 1.42·B 
R2 = 0.9642 
Figure 8. Relation between unit thickness reduction of the parts made of pearlitic and of martensitic
steel (R2—coefficient of determination).
Figure 9 shows the values of the unit contour change of the examined parts. At most of the
measuring lines, no statistically significant differences were found for the parts made of pearlitic and
of martensitic steel. Such a significant difference occurred only at Line L3, used in the share-points.
For the share-points, unit contour changes were much greater than those for the trapezoidal parts,
of course in addition to the wear at Measuring Line L1. A slight tendency for the wear intensity of
the trapezoidal parts to increase with increasing distance from the share-points was also observed
(increasing parameter values in Lines L4, L5, and L6).
On the grounds of unit contour change of the elements, it is possible to evaluate their durability.
It was found that absolute length reduction of the share-points measured at Line L2 (corresponding
to limit wear condition) was 96.6 mm, and the width reduction of the trapezoidal parts measured at
Line L4 was 63.7 mm. Utilization of the parts beyond the accepted limit wear condition in Lines L2
and L4 (Figure 3) would result in abrasion of the bolts and nuts located under the parts (Figure 10)
which, with regard to operation of the plough, should be considered as unacceptable. At durability
evaluation, the simplifying assumption was accepted: the intensity of contour changes of the parts at
Measuring Lines L2 and L4 does not depend on the cultivated area.
Since no statistically significant differences were found between unit contour changes at Lines L2
and L4, the averaged value of this parameter (determined for the parts made of both martensitic and
pearlitic steel) was accepted in the calculations. The so evaluated durability was ca. 11.5 ha for the
share-points and 26.8 ha for the trapezoidal parts. Thus, in the testing conditions, the share-points
showed a ca. 2.3-fold lower durability compared to that of the trapezoidal parts. It should be noted
that the evaluated durability of the share-points made of pearlitic steel concerns the parts that would
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Figure 9. Unit contour change of share-points and trapezoidal parts of the examined ploughshares
(s—standard deviation, *—statistically significant differences).
holder
furrow bottom
Figure 10. Limit wear condition of ploughshares resulting from the contour change.
Bending of the share-points made of pearlitic steel resulted in various widths of the wear band
formed on the flank faces of the parts, see Figures 11 and 12. This parameter is important insofar as, at
the wide wear band, difficulties can happen in sinking the plough or in maintaining its set working
depth. Bending the share-points “forward” resulted in a ca. 1.6–1.2-fold wider wear band at Measuring
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Measuring point (Figure 3) 
Trapezoidal parts 
Figure 11. Width of the wear band created on the flank faces of the share-points and trapezoidal parts
after the tillage test: 8.43–12.29 and 20.93 ha/body, respectively. s—standard deviation, R—range.
No significance test was performed for this parameter.
   
(a) (b) (c) 
Figure 12. Wear band on the flank faces of the share-points: (a) pearlitic steel, “forward” bent;
(b) pearlitic steel, slightly “backward” bent; (c) martensitic steel.
The width of the wear bands in the share-points made of pearlitic steel, which were not bent
“forward”, was ca. 1.3 times greater than that in the parts made of martensitic steel. However,
the width of the wear bands in the trapezoidal parts made of pearlitic steel was ca. 1.1–1.2 times
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In some share-points made of pearlitic steel, a bending of their tips on a small length and a curling
of the blade edges were observed, see Figure 13. These phenomena contributed to more irregular
thickness reduction of the parts. Bending the share-points “forward” facilitated the a.m. processes
because of the smaller thickness of the parts in their blade areas.
 
Area of smaller thickness reduction 
caused by bending of the tip and 
curling of the blade edge. 
Figure 13. Exemplary bending of the tip and curling of the blade edge in the share-point made of
pearlitic steel.
3.2. Condition of the Parts after Operation in Soil
Values of roughness parameters of the rake faces of the examined parts are given in Figure 14,
and SEM images of these surfaces are shown in Figure 15.





















































































































































martensitic steel pearlitic steel 
Figure 14. The roughness of the rake faces of the examined ploughshares: Ra—arithmetical mean
deviation of the roughness profile, Rt—total height of the roughness profile, Rv—maximum valley
depth of the roughness profile, Rp—maximum peak height of the roughness profile (s—standard
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Figure 15. Rake faces of the examined parts (SEM). Rake face surface of a share-point made of pearlitic
steel: (a) scratches and grooves, (b) pit hole, (c) fragments of embedded abrasive particle; Surface
of a trapezoidal part made of pearlitic steel: (d) scratches and grooves, (e) fragments of embedded
abrasive particle, (f) groove and plastic deformation; Surface of a share-point made of martensitic steel:
(g) scratches and grooves, (h) holes formed during a particle impact, (i) groove and holes formed during
a particle impact and embedded abrasive particle; Surface of a trapezoidal part made of martensitic
steel: (j) scratches and grooves, (k) grooves, (l) groove formed during a particle impact and embedded
abrasive particle.
Statistically significant differences were found in the share-points for the parameters Ra
(p = 0.0003), Rt (p = 0.0006), and Rp (p = 0.0001), and in the trapezoidal parts—for the parameters Ra
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The rake faces of the share-points and trapezoidal parts made of pearlitic steel were characterized
by a greater roughness than corresponding surfaces of the parts made of martensitic steel. The average
roughness Ra was respectively ca. 1.4 and 1.3 times greater for the share-points and trapezoidal
parts, the total height of the roughness profile Rt was ca. 1.5 times greater for both share-points and
trapezoidal parts, and the maximum peak height of the roughness profile Rp was respectively as much
as ca. 1.7 and 1.9 times greater.
Analysis of the wear surface of a share-point made of pearlitic steel shows rough surface
topography due to microcutting and microploughing caused by abrasive particles. The scratches and
grooves are wide, deep, and randomly orientated, see Figure 15a. There are also visible scratches
and scrapes randomly orientated. Moreover, some traces of spalling and pitting, originating in the
places where larger areas of material were removed (Figure 15b), were observed at the surfaces.
An examination of some pit holes showed the plastic deformation and displacement of material from
the impact sites to the crater rims. These phenomena caused formation of grooves with pronounced
lips at their rear ends. Abrasive particles could also cause surface fatigue. In these lips, detachment
could occur due to these particles. In some pit holes, fragments of embedded abrasive particles are
visible (Figure 15c). It can be seen on a surface of a trapezoidal part made of pearlitic steel that the
proportion of microploughing increases (Figure 15d–f). The other observation on the surfaces of
a share-point (Figure 15g–i) and a trapezoidal part (Figure 15j–l) made of martensitic steel is that
scratches and grooves are arranged parallel to the movement direction of abrasive particles along the
surface. The grooves are relatively narrow and shallow, but some areas are visible, where scratches
and grooves are more concentrated (Figure 15k). Some shallow, randomly orientated scratches can be
observed. Grooves formed by moving soil particles and plastically deformed material are visible on
the crater rims, see Figure 15i,l.
4. Discussion
A striking result of the research is that values of the unit contour change of the parts made of
pearlitic and of martensitic steel are comparable, in the context of the demonstrated differences in
mass wear and the intensity of their thickness reduction, see Figures 4 and 5. In most of the measuring
places, unit thickness reduction was found to be significantly greater for the ploughshares made of
pearlitic steel; significantly higher also were the values of unit mass wear of these parts. However,
such a difference did not occur in the case of the parameter of unit contour change. As was already
mentioned, the thickness of the parts made of pearlitic steel was greater than the thickness of those
made of martensitic steel—by 1 to 3 mm in the share-points and by 0.5 to 2 mm in the trapezoidal parts
(Table 3). This probably contributed to the smaller unit contour change of the parts made of pearlitic
steel and thus to their longer durability, which is determined by contour change. In consequence,
the increased thickness of the parts made of pearlitic steel resulted in a comparable durability of the
parts made of pearlitic and martensitic steels. It should be added that pearlitic steel is characterized
by a relatively greater resistance to abrasive wear because of the content of a hard cementite phase.
This feature certainly affected the obtained results of the tests [27,28].
Some literature data (obtained in laboratory conditions) indicate a more intensive wear of steel
working in soil along with its lower hardness, while the intensity of wear depends on the chemical
composition of steel and on working conditions [29]. Therefore, the high wear intensity of pearlitic
steel with lower hardness in comparison to martensitic steel corresponds—to some extent—with the
general regularity in the literature.
During the tests, one share-point part made of pearlitic steel was broken in spite of an >8-fold
lower impact strength of pearlitic steel in relation to that of martensitic steel (Table 2), which indicates
that these parts can break. However, a significant weak point of both the share-points and the
trapezoidal parts made of pearlitic steel is their bending during tillage, which did not occur in the case
of the parts made of martensitic steel. This was favored by the low mechanical strength of pearlitic
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Table 2). Bending was facilitated by a reduced cross section of the parts and was caused by thickness
reduction during operation (Figure 5). The changed geometry of the parts, caused by their bending,
could—to some extent—influence the processes of undercutting and crushing the soil, as well as the
working resistance of the plough. As was mentioned before, the “forward” bending of the share-points
resulted also in their somewhat earlier replacement due to uncovering the fitting bolts and to the
creation of a wide wear band. It seems that a possible way of strengthening the parts could be further
increasing their thickness, but it is uncertain whether that would be an effective solution with so clearly
a lower strength of pearlitic steel. At the same time, this way is restricted by requirements of the
plough design. In addition, a wide wear band is created on the flank faces of the thicker parts, which
can result in a longer distance of the plough sinking on the headlands and in periodic reduction of the
set tillage depth.
Larger roughness found on the rake faces of the parts made of pearlitic steel (Figure 14) can be
related to lower mechanical properties of this steel and, especially, with ca. 1.8 times lower hardness
than that of martensitic steel, see Table 2. Higher roughness values indicate a more intensive course
of wear of pearlitic steel. The maximum peak height of the roughness profile values (Rp) on the
share-points and trapezoidal parts made of pearlitic steel were respectively ca. 1.7 and 1.9 times greater
than those for the parts made of martensitic steel. Thus, in the course of the wear process of pearlitic
steel, the material was subjected to more intensive plastic deformation, characteristic of ridging, which
was confirmed by SEM observations and former literature data [30–33].
It is also interesting that values of the parameters Ra, Rt, Rv, and Rp determined for the
share-points and trapezoidal parts made of the same material slightly differ from each other, see
Figure 14. Generally, the values found on the trapezoidal parts were a bit lower, but the differences did
not exceed 14% of the parameter value. In this case, the performed roughness measurements did not
show any statistically significant differences. This advocates a similar interaction of elementary wear
processes occurring on rake faces of the share-points and trapezoidal parts. Therefore, considering
a more intensive unit thickness reduction of the share-points in comparison to that of trapezoidal parts,
it can be assumed that the more intensive wear of the share-points resulted from a greater intensity of
the occurring wear processes.
It should be added that, for a user of agricultural equipment, the purchase cost of the applied
replacement parts is an important factor in addition to their durability. The railway rails withdrawn
from use are a cheap raw material that can be subjected to material recycling. One of the forms of such
action is manufacturing ploughshares from recycled rails. In this case, the low price of raw material
significantly influences the prices of ploughshares that are in Poland—ca. 2 times cheaper than those
produced by renowned manufacturers of agricultural equipment.
5. Conclusions
(1) In the tillage tests carried out, the intensity of thickness reduction of ploughshares was greater
for the parts made of pearlitic steel than that for the parts made of martensitic steel: ca. 1.4 times
greater for share-points and ca. 1.8 times greater for trapezoidal parts. Unit mass wear was also more
intensive for the parts made of pearlitic steel: 1.4 times greater for share-points and 1.2 times greater
for trapezoidal parts. This indicates that pearlitic steel, compared to martensitic steel, has a lower
resistance to wear in soil.
(2) After operation in soil, the rake faces of the parts made of pearlitic steel showed greater
roughness than the parts made of martensitic steel, which can be attributed to pearlitic steel’s lower
hardness. This indicates a more intensive run of wear phenomena in pearlitic steel. The maximum
peak height of the roughness profile values (Rp) were as much as respectively 1.7 and 1.9 times greater
for the share-points and trapezoidal parts made of pearlitic steel in comparison to those made of
martensitic steel. Therefore, in the parts made of pearlitic steel, plastic deformation of the surface layer
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(3) In spite of the 8-fold lower impact strength of pearlitic steel compared to that of martensitic
steel, only one part was broken (the plough with overload protection of the bodies was used). However,
most of the share-points and trapezoidal parts made of pearlitic steel were somewhat bent, which was
favored by the successive reduction of the cross-section area of the parts as a result of thickness reduction.
Nevertheless, in this case, the parts need not be replaced immediately. Earlier replacement was necessary
in the case of “forward” bending of a share-point because the fitting bolts became uncovered. Wide wear
bands were created on the flank faces of the so shaped share-points. One compensation for the described
disadvantage of the parts made of pearlitic steel is their lower price.
(4) With pearlitic steel’s greater susceptibility to wear in soil, the parts made of this steel were
characterized by comparable values of unit contour change in relation to the parts made of martensitic
steel. This fact was probably influenced by the greater thickness of the parts made of pearlitic steel
(increased by 1 to 3 mm in share-points and by 0.5 to 2 mm in trapezoidal parts). Therefore, it is
probable that, if the pearlitic share-points were not subjected to bending, their durability would be
comparable to that of the parts made of martensitic steel.
(5) The bending of the ploughshares made of pearlitic steel is their definite disadvantage, since it
influences to some extent interaction between the parts and soil. The bending strength of the parts
could be increased by the parts’ increased thickness, although this action is restricted by specific design
solutions of the plough. It should be also emphasized that wide wear bands are formed on thicker
parts, which can result in a lower agricultural quality of tillage.
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Abstract: The compression deformation behaviors of 35CrMo steel at different conditions was studied
by using Gleeble-3810 thermo-simulation machine under large strain. The results indicate that the
flow stress curves of 35CrMo steel is affected by strain rate and deformation temperature, showing
the characteristics of dynamic recovery (DRV) and dynamic recrystallization (DRX), which is the main
softening mechanism of 35CrMo steel. The activation energy (Q) and Zener–Hollomon parameter
(Z parameter) expression for thermal deformation of this steel was calculated by linear regression.
The inflection point on the curve of strain hardening rate and flow stress (θ-σ curve) corresponds
to the beginning of DRX, and the critical strain of DRX increases with the decrease of deformation
temperature and the increase of strain rate. Based on the inflection point criterion, the constitutive
equation of the critical strain of DRX of 35CrMo steel was established: εc = 0.000232Z0.1673, which
reflects the variation of the critical strain of DRX with the Z parameter. In addition, through
metallographic observation, the rationality of the inflection point criterion in determining the critical
strain of DRX of 35CrMo steel was verified, and the DRX state diagram was established.
Keywords: 35CrMo steel; dynamic recrystallization; work hardening; critical condition
1. Introduction
Microstructure control of metals and alloys during thermal processing is an important key because
it allows control of the final microstructure of the alloy as well as the required mechanical properties.
One of the most important mechanisms of microstructure control in thermal deformation is dynamic
recrystallization (DRX), which occurs in several metals and alloys [1–3]. The traditional view is that
the emergence of the peak stress of the rheological curve represents the occurrence of DRX, but for
some materials with strain hardening properties the rheological curve does not show significant peak
characteristics, even if the presence of DRX is confirmed by metallographic observation. Although the
critical strain of DRX can be determined by the metallographic method, this technique requires many
samples before and after the critical stress. In addition, the phase change during the cooling process
from the thermal deformation temperature also changes the deformation structure, which makes the
metallographic analysis difficult. Therefore, it is very important to find a method to obtain the critical
strain of DRX without using metallographic analysis. Poliak and Jonas [4–6] believed that once the
DRX occurs, regardless of whether there is a stress peak on the stress–strain curve, the inflection
point is shown on the θ-σ curve, and the critical condition is considered to be the maximum on the
dθ/dσ-σ curve and the inflection point of the θ-σ curve corresponding. Najafizadeh and Mirzadeh [7,8]
proposed to describe the θ-σ curve with a cubic polynomial, which makes it easy and quantifiable to
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determine the inflection point. Many scholars [9–11] applied this theory and method, in the metals
and alloys to determine the DRX critical strain to achieve better results.
Due to its good wear, impact, corrosion, and fatigue resistances—and its price being much lower
than that of chromium-nickel alloy steel with the same mechanical properties—35CrMo steel is widely
used in processing of mechanical products, vehicle assembly, mining, and other industries. It is
heavily used in the manufacturing of various small and medium-sized parts such as driveshafts,
crankshafts, and fasteners [12–15]. In 2003, Zhang [12] on the ordinary casting 35CrMo steel hot
compression test, and build the corresponding dynamic recrystallization model. In 2010, SV Sajadi
et al. [13] studied the dynamic recovery (DRV) behavior of 34CrMo4 (domestic 35CrMo grade) steel
at 900–1100 ◦C/0.001–0.1 s−1, and constructed the rheological stress of steel under the deformation
parameters prediction equation, and achieved good application effect. Xu et al. [14] studied the effect
of rheological forming parameters on the rheological resistance of 34CrMo4 steel, and constructed the
high-temperature rheological constitutive equation of steel based on macroscopic phenomenology.
Furthermore, Xiao et al. [15] found that the DRX behavior of 35CrMo steel can not only refine the
grain in the process of thermal deformation, but also can effectively inhibit the crack. Unfortunately,
the DRX critical condition of 35CrMo steel is not given.
In this paper, the reason of the inflection point on the θ-σ curve of 35CrMo steel is analyzed by
work hardening theory, and the softening mechanism of the stress–strain curves was studied. The DRX
inflection point criterion, focused on the critical strain calculation for the initiation of the DRX of
35CrMo steel under various deformation conditions and verifies its rationality in combination with
microstructure analysis.
2. Experimental Materials and Procedures
35CrMo steel is widely used as the bearing part and rotary shaft material of the marine positioning
system. The chemical composition is shown in Table 1, and the original microstructure grains are
coarse and irregular, as shown in Figure 1. Before the experiment, the steel was processed into a
cylindrical sample of 10 mm and a height of 12 mm by wire cutting. The graphite sheet is padded
between the ends of the specimen and the contact surface of the indenter and the lubricant is applied
at both ends of the sample to keep the temperature and deformation more uniform during heating
and compression.
The thermal simulation compression test was carried out on a Gleeble-3810 thermo-simulation
machine (Central South University, Changsha, China) in the temperatures range of 850–1150 ◦C at
an interval of 100 ◦C and at strain rates ranging from 0.01 to 10 s−1. All specimens were heated
up to 1200 ◦C at 10 ◦C/s, soaked for 120 s to eliminate the thermal gradient, and then cooled to
the deformation temperature at 10 ◦C/s. Before the compression tests, samples were maintained at
deformation temperature for 120 s. The reduction in height was 60% (true strain 0.85) at the end of
the compression tests, and each sample after compression was quenched in water immediately to
retain the deformed microstructure. In order to observe the DRX under different strains, four sets
of experiments were carried out at the deformation temperature of 1050 ◦C and the strain rate of
0.1 s−1, and the strain was the critical strain (0.115), the maximum strain (0.22), the softening strain
(0.31) and the steady strain (0.62), respectively. The sample was subjected to grinding and polishing,
and was etched at 60 to 80 ◦C in a self-formulated etchant (2.5 g of picric acid, 50 mL of distilled water
and 1 mL of hydrochloric acid) bath for 4 to 10 min, with an Olympus DSX500 optical microscope
(Olympus Corporation, Tokyo, Japan) to observe the microstructure.
Table 1. Chemical composite of 35CrMo steel in mass fraction.
Element C Si Mn Cr Mo S P Al Ni Fe
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Figure 1. Original microstructure.
3. Results and Discussion
3.1. Work Hardening Phenomenon
The flow stress of metals is affected by the change of internal dislocation density. According to
the theory of work hardening [16–20], the work hardening rate with stress changes can be divided into
five stages: I—easy slip phase, II—linear hardening stage, III—DRV hardening stage, IV—large strain
hardening stage, and V—DRX softening stage, as shown in Figure 2.
Figure 2. Sketch map of strain hardening rate θ and stress σ.
DRX occurs in the transition zone of IV stage to the V stage. With the increase in strain accumulated
to a certain amount, the material hardening will enter the IV stage. The dislocation cell wall in the
cellular structure absorbs the dislocation of the active dislocation and increases the dislocation density
of the cell wall, forming the subgrain boundary, and the cellular structure becomes the substructure.
Sub-structure formation, due to its strength on the material has a certain contribution, leading to a
decline in the work hardening rate of slowing down, however, without a point of inflection on the θ-σ
curve. Obtaining this point of inflection requires introduction of a stage V which can only be brought
about by a change in microstructural mechanisms. Gottstein [17] proposes to associate this change
with the mobility of sub-boundaries.
When the boundaries move they incorporate and annihilate the dislocations of the swept cell
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speeds up attainment of a steady-state with a dynamically stable and equiaxed sub grain structure.
Also, it generates a stage V of the hardening behavior as a rapid transition to steady-state [17,21].
In this stage, the deformation to a certain extent, the deformation of the dislocation density within the
organization reached a certain critical value, microstructural heterogeneity or boundary kinetics may
play a role in rendering microstructure behavior stable or unstable at the critical point. Consequently,
there will be a point of inflection at the transition from stages IV to V, as shown in Figure 2.
The corresponding stress at the inflection point is the DRX critical stress σc, and the lnθ-lnσ curve and
the lnθ-ε curve show inflection point characteristics [5,7], Thus, by analyzing the strain hardening rate
θ and the inflection point on the flow stress σ curve or the maximum value on the dθ/dσ-σ curve,
the critical condition of DRX can be obtained.
3.2. Characteristics of Stress–Strain Curves
Flow stress and dislocation density are closely linked [22,23]. The austenite phase in 35CrMo steel
has low stacking fault energy, and its recovery process is slow. The DRV cannot be synchronized to
offset the accumulation of dislocation during hot deformation, so DRX occurs under a certain critical
deformation condition. During the DRX process, a large number of dislocations are eliminated by
the large angle interface of the recrystallization core, which also acts as a softening effect on the alloy
during hot working. Therefore, DRV and DRX reduce the dislocation density of the steel in the hot
working process, which is an effective softening mechanism in the hot deformation.
Figure 3 shows the typical flow curves of 35CrMo steel under different deformation conditions,
with similar rheological characteristics: at the beginning of deformation, flow stress increases rapidly
due to the strong effect of work hardening. Subsequently, the dynamic softening effect increases
with the increase of the strain, resulting in a slow increase in flow stress, which remains stable after a
peak or a slight decrease, showing DRV and DRX characteristics, respectively. At higher strain rate
(10 s−1) and lower temperatures (850 ◦C), the flow stress is almost constant after reaching a peak
(peak point is not obvious), so the test steel did not occur DRX before the peak stress, the corresponding
softening mechanism for DRV. On the contrary, at lower strain rates (0.01 s−1) and higher temperature
(1050 ◦C), DRX has occurred before peak stress appears (peak point is obvious) when the strain exceeds
critical strain. The driving force of DRX is the removal of dislocations [24]. The increase in work
hardening and dislocation density leads to critical microstructural changes that are conditional for new
grain nucleation and new high-angle boundary growth. The lower the strain rate and the higher the
deformation temperature, the more obvious the effect of DRX on the stress–strain curves [25], so the
higher the plasticity.
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3.3. The Activation Energy of 35CrMo Steel
Arrhenius type equation is widely used to obtain the activation energy of the metals and alloys,
and the influence of strain rate and temperature on the deformation behavior can be expressed by the
Zener–Hollomon parameter in the exponential equation. It can be expressed as follows [26–29]:
.









F(σ) = σN , (ασ < 0.8)
F(σ) = exp(βσ), (ασ > 1.2)




ε is the strain rate (s−1), A, α, β, N, and n, are material constants, and α = β/N, Q is the
apparent activation energy for deformation, R is the gas constant (8.3145 J·mol−1·K−1), T is the
absolute temperature (K), σ is the true stress (MPa).




ε = ln A + N lnσ− QRT (ασ < 0.8)
ln
.
ε ln A + βσ− QRT (ασ > 1.2)
ln
.
ε = ln A + n ln[sinh(ασ)]− QRT For all σ
(4)
In the case of lower stress (i.e., ασ < 0.8), the first equation can be used to calculate the value
of N, under higher stress conditions (i.e., ασ > 1.2), using the second equation to calculate β value.
Figure 4a,b shows the plots of lnσ− ln .ε and σp − ln .ε when ε = 0.1, σ = σp, respectively, the linear
regression was used to fit the slope, and the average slope was N = 9.473307, β = 0.067817. Then
α = β/N = 7.159 × 10−3.
Figure 4. (a) lnσ− ln .ε plots; and (b) σp − ln .ε plots under different deformation conditions.
Substituting the value of α into Equation (4), the plots of ln[sinh(ασ)]− ln .ε can be obtained as
shown in Figure 5a, and the value of n can be computed as 8.074677 by linear fitting method.
For a given strain rate
.
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The plots of ln[sinh(ασ)] − 1000/T as shown in Figure 5b, and the average value of slope is
6.084558. With the combination of R and n, the activation energy Q = 408.498 kJ/mol. Then the Z







Figure 5. (a) ln[sinh(ασ)]− ln .ε plots under different temperature; and (b) ln[sinh(ασ)]− 1000/T plots
at different strain rates.
3.4. Critical Stress for Initiation of Dynamic Recrystallization (DRX)
Taking the deformation conditions 1050 ◦C/0.1 s−1 as an example, due to the rheological curve
obtained by the experiment is not a smooth curve in the mathematical sense, the differential curve
can cause the irregularities of the differential curve and affect the analysis of the data. In this case,
the stress–strain curve (0 to peak strain) is first fitted with nine polynomial functions (Equation (7)),
and then the differential operation is performed. This will avoid the effect of data irregularities on the
differential operation, as shown in Figure 6.
σ = 8.56328 × 1010ε9 − 8.00356 × 1010ε8 + 3.22096 × 1010ε7 − 7.3067 × 109ε6 + 1.02741 × 109ε5
−9.27781 × 107ε4 + 5.39153 × 106ε3 − 1.96558 × 105ε2 + 4.386 × 103ε+ 1.93894 (7)
Figure 6. Contrast between experimental curve and fitted curve deformed at temperature of 1050 ◦C
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The stress σ in Figure 6 was derived from 0 to the peak stress σp, and the relationship between
the strain hardening rate θ and the true stress σ as shown in Figure 7a is obtained. The curve in the
figure was fitted with cubic polynomial to get θ-σ equation:
θ = −3.86 × 10−2σ3 + 0.75 × 10σ2 − 4.88 × 102σ+ 1.06 × 104 (8)
Again, the dθ/dσ-σ curve was derived and plotted, as shown in Figure 7b. The corresponding
stress σ is the critical strain εc when d2θ/dσ2 = 0. Then the critical stress σc of 35CrMo steel is obtained
as follows:
σc = − 7.5−0.0386 × 3 = 64.77(MPa) (9)
The corresponding critical strain εc is 0.096.
Figure 7. Curves of θ versus σ (a) and dθ/dσ versus σ (b) deformed at 1050 ◦C with 0.1 s−1.
The critical stress and critical strain of DRX of 35CrMo steel at different temperatures and strain
rates can be obtained from Figures 8 and 9. It is shown that the inflection point at the critical condition
of DRX does not appear at low temperature (850 ◦C). With the increase of temperature, and at lower
strain rate—i.e., 950 ◦C/0.01 s−1, 1050 ◦C/(0.01, 0.1, 1 s−1)—the existence of inflection point was
observed on the θ-σ curves. After the temperature reached 1150 ◦C, DRX occurred all conditions before
the peak stress appeared. This proves that the high temperature and low strain rate is favorable for the
formation of DRX of 35CrMo steel. Table 2 shows the value of the inflection point on the θ-σ curves’
corresponding critical stress.
Table 2. Parameters fitted for the strain hardening rate as a function of flow stress.
T (◦C) Strain Rate(s−1) θ/σ Relation σc (MPa) σp (MPa)
950 0.01 θ = −1.72 × 10−1σ3 + 3.34 × 10σ2 − 2.15 × 103σ + 4.60 × 104 64.73 78.87
1050
0.01 θ= −1.81 × 10−1σ3 + 2.33 × 10σ2 − 1.01 × 103σ + 1.49 × 104 43.03 50.86
0.1 θ = −3.86 × 10−2σ3 + 0.75 × 10σ2 − 4.88 × 102σ + 1.06 × 104 64.77 72.97
1 θ = −6.04 × 10−2σ3 + 1.49 × 10σ2 − 1.23 × 103σ + 3.41 × 104 82.21 102.75
1150
0.01 θ = −2.78 × 10−1σ3 + 2.37 × 10σ2 − 6.87 × 102σ + 6.87 × 103 28.45 34.67
0.1 θ = −9.06 × 10−2σ3 + 1.16 × 10σ2 − 6.00 × 102σ + 7.38 × 103 42.77 50.27
1 θ = −1.63 × 10−2σ3 + 0.31 × 10σ2 − 1.99 × 102σ + 4.63 × 103 62.40 77.59
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Figure 8. Curves of θ versus σ for 35CrMo steel under different deformation temperatures: (a) 850 ◦C,
(b) 950 ◦C, (c) 1050 ◦C, (d) 1150 ◦C.
Figure 9. Curves of dθ/dσ versus σ for 35CrMo steel under different deformation temperatures:
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Figure 10 shows the curves of critical stress (σc) versus temperature (T) and critical strain (εc)
versus T for 35CrMo steel under different deformation conditions. It is shown that the critical
stress and critical strain increases with temperature decrease and strain rate increase, showing
negative temperature sensitivity and positive strain rate sensitivity. This is because, at the same
deformation temperature, the greater the strain rate, the shorter the deformation time and decreased
dislocation density, and the critical strain of the recrystallization increases. As the temperature
increases, the internal drive energy becomes larger and the dislocation motion occurs more easily,
increasing the likelihood of DRX, so that the critical strain of DRX becomes smaller.
Figure 10. Curves of (a) σc versus T and (b) εc versus T for 35CrMo steel under different
deformation conditions.
In general, the critical strain model of DRX can be expressed by the following equation [11,24]:
εc = a1εp (10)
εp = aZc (11)
As shown in Figure 11, the plots of εc-εp and lnεp-lnZ can determine the unknown parameters
a and a1 of the Equations (10) and (11), i.e., a = 0.31912, a1 = 7.28 × 10−4, c = 0.1673 are obtained
from linear fit. The critical strain and the peak strain satisfy the relationship: εc = 0.31912 εp, and the
mathematical model of peak strain is: εp = 7.28 × 10−4Z0.17001. Combined with the above two formulas,
the critical strain of DRX constitutive model is obtained: εc = 2.32 × 10−4Z0.1673.
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3.5. Microstructure Evolution and DRX State Diagram
Figure 12 shows the relationship between θ and ε deformed at 1050 ◦C with 0.1 s−1.
The corresponding strain A, B, C, and D in the curve are the critical strain (εc), the peak strain (εp),
the strain at the maximum softening rate (ε*) and the strain at steady-state flow stress (εs). Figure 13
shows the microstructure corresponding to four points.
Figure 12. Relationship between θ and σ deformed at 1050 ◦C with 0.1 s−1.
In the early stage of deformation, the austenite grains of test steels are crushed and elongated,
and the grain boundaries are locally migrated. When the strain reaches the critical strain εc, a small
amount of fresh equiaxed dynamic recrystallized grains are deformed (Figure 13a). When the strain
reaches the critical strain εc, and the work hardening rate is 0 at this moment, the experimental steel
part of the DRX, deformed grains and coexistence of equiaxed recrystallized grains (Figure 13b),
and then the DRX softening will be greater than the work hardening effect. When the strain reaches the
maximum softening rate at strain ε*, the work hardening is minimized, the DRX is basically completed,
and the microstructure is transformed into inhomogeneous recrystallized grains (Figure 13c). With
the further increase of the deformation, the softening effect of recrystallization tends to balance the
work hardening produced by the increase of the dislocation density, the rheological curve enters the
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Figure 13. Microstructure corresponding to point A, B, C and D in Figure 9 (a) A; (b) B; (c) C; (d) D.
DRX: dynamic recrystallization.
The DRX state diagram of 35CrMo steel is drawn from the experimental data. As shown in
Figure 14, where zone A is the work hardening zone, zone B is the partial DRX zone, zone C is the
full DRX zone. The influence of strain and Z parameters on the recrystallization of 35CrMo steel was
quantitatively described by the DRX state diagram. It can be seen from the DRX state diagram that
with increase of Z parameters—i.e., with decreasing deformation temperature and increase of the strain
rate, the critical strain of the material gradually increases—that is to say, DRX becomes more difficult.
Figure 14. State diagram of DRX for 35CrMo steel under hot temperature deformation.
4. Conclusions
(1) In the work hardening process, the dislocation density accumulated to a certain critical value,
microstructural heterogeneity or boundary kinetics may play a role to render a microstructure that
behaves stable or unstable at the critical point. Consequently, there will be a point of inflection
which can be expressed on the θ-σ curve at the transition from large strain hardening stage to
DRX softening stage.
(2) DRV and DRX mechanisms are the softening mechanisms of 35CrMo steel during hot deformation,
whose flow curves exhibit DRV and DRX types and followed by a steady-state flow. When the
DRX occurs in the 35CrMo steel, the θ-σ curve has an inflection point, and the maximum value
appears on the dθ/dσ-σ curve. The critical strain of the DRX of 35CrMo steel can be determined
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(3) The experimental results show that the activation energy of 35CrMo steel in this paper is
Q = 408.498 kJ/mol, and the expression of Z parameter is Z =
.
ε exp( 408.498×103RT ).
(4) The critical stress σc and the critical strain εc of 35CrMo steel increase with the decrease of the
deformation temperature and the increase of the strain rate. The critical strain and the peak strain
satisfy the relationship: εc = 0.31912εp and the critical strain model is εc = 2.32 × 10−4Z0.1673.
With the increase of Z parameters—i.e., with the decrease of deformation temperature and the
increase of strain rate—the DRX of 35CrMo steel becomes more difficult, which can be reflected
by the state diagram of DRX for 35CrMo steel.
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Abstract: Macrosegregation is a very common problem for the quality control of all cast ingots.
The effect of current on the structure and macrosegregation in dual alloy ingot processed by electroslag
remelting (ESR) was investigated experimentally with various analytical methods. In this study,
the electrode consisted of NiCrMoV alloy bar (upper part) and CrMoV alloy (lower part) with
a diameter of 55 mm, was remelted in a laboratory-scale ESR furnace with the slag containing 30 mass
pct alumina and 70 mass pct calcium fluoride under an open air atmosphere. The results show that
the macrostructures of three ingots processed by electroslagremelting with different currents are
nearly similar. The thin equiaxed grains region and the columnar grains region are formed under the
ingot surface, the latter region is the dominant part of the ingot. The typical columnar structure shows
no discontinuity among the NiCrMoV alloy zone, the CrMoV alloy zone, and the transition zone in
three ingots. With the increase of the current, the grain growth angle increases due to the deeper
molten metal pool. The secondary dendrite arm spacing (SDAS) firstly decreases, then increases.
The SDAS is dominated by the combined effect of the local solidification rate and the width of mushy
region. With the current increasing from 1500 A to 1800 A and 2100 A, the width of the transition zone
decreases from 147 mm to 115 mm and 102 mm. The macrosegregation becomes more severe due to
the fiercer flows forced by the Lorentz force and the thermal buoyancy force. The cooling rate firstly
increases, then decreases, due to the effect of the flows between the mushy region and metal pool
and the temperature gradient at the mushy zone of the solidification front. With a current of 1800 A,
the SDAS is the smallest and cooling rate is the fastest, indicating that less dendrite segregation
and finer precipitates exist in the ingot. Under the comprehensive consideration, the dual alloy
ingot processed by the ESR with a current of 1800 A is the best because it has the smallest SDAS,
the appropriate grain growth angle, moderate macrosegregation and thickness of the transition zone.
Keywords: current; structure; macrosegregation; electroslag remelting; dual alloy; transition zone
1. Introduction
With the wide application of the single-cylinder steam turbine using combined cycle, the power
generation efficiency has been greatly improved. The rotor made of traditional bolted high/intermediate
pressure-low pressure shaft has been unable to meet the increasing demand for power generation efficiency.
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Compared with the conventional bolted shaft parts, the dual alloy single shaft significantly improves
power generation efficiency. Such a dual alloy shaft can be manufactured by welding, however, it requires
a long production cycle [1]. Numerous creep tests indicate that elevated temperature and high pressure
have a fatal impact on the life of the material due to the degradation of material structure during service
under harsh conditions [2–4]. In order to improve the dual alloy single shaft quality and yield, ESR can be
applied to produce dual alloy shaft. During the ESR manufacture process, two pre-melted rods containing
different alloy compositions are joined into a single electrode by welding, and then the single electrode is
remelted by ESR technology [1].
ESR is a combined process for steel melting, refining and casting. The molten slag is added into
the water-cooled copper mold, and then the electrode is inserted into the molten slag. The alternating
current passing through the loop creates Joule heating in the highly resistive molten slag. The electrode
is heated to melt in a slag pool, and the molten metal moves down along the melting front to form
a metal droplet at the electrode tip. The metal droplets sink through the molten slag to form a molten
metal pool in the mold [5]. Inclusions and harmful elements are largely removed during this process.
The interaction between the alternating current and the self-induced magnetic field produces a Lorentz
force [6]. With the heat transferring to the mold, the molten metal is solidified to form a structure
compact ingot. The cooling conditions of ESR also give a directional solidification in the ingot [7],
which improves the ability of the rotor to resist high temperature creep and fatigue due to the
elimination of the transverse grain boundaries. The final properties and quality of the ESR ingot
heavily rely on the structure forming during the solidification process.
During the production of the ESR dual alloy ingot, there is a transition zone (TZ) with a large
composition variation in the ingot [8]. In order to obtain a high performance ESR ingot, it is
indispensable to maintain a successive structure and to achieve a narrow chemical transition zone (TZ)
because a discrete structure and twisted chemical transition zone might increase the risk of running
the rotor at elevated temperature due to thermal expansion mismatch [9]. In our previous study [8],
two structures in the solidified ingot are observed—one is a quite narrow, fine, equiaxed grains region at
the edge of the ingot, and the other is a columnar grains region inside the ingot, playing a dominant role.
The secondary dendrite arm spacing (SDAS) and the grain growth direction are the most important
micro- and macrostructure factors for ingot performance [10]. The ESR ingot with a small grain
growth angle (the angle between grain growth direction and axis of ingot) can exhibit improved hot
forging performance [11]. The secondary dendrite arm spacing has a significant influence on dendrite
segregation. The larger the secondary dendrite arm spacing is, the severer dendrite segregation
is [12]. Enormous mathematical simulation and experiments [10–14] have proved that the solidification
conditions have a vital effect on the structure. The solidification conditions are dominated by fluid
flow and heat transfer, which has been extensively studied by researchers [15–18]. Furthermore,
the macrosegregation also occurs in ingot and is mainly attributed to the uneven distribution of
the solute between the solid and liquid phases during the ESR process [5]. Some researchers used
mathematical models to study the element redistribution in ingots [19,20]. The solute transport is
mainly attributed to the fluid flows, which is influenced by the joint effect of the thermal buoyancy,
the solutal buoyancy, and the Lorentz force during the ESR process [1,21,22]. The current is a significant
parameter in the ESR process, which can greatly affect the electromagnetic fields, temperature field
and the metal pool shape. Medina studied the influence of voltage and melting current on crystal
orientation in ingots, as well as melting rate and ingot surface quality [23]. However, the effect of the
current on the structural evolution and macrosegregation in dual ingot processed by ESR has not been
studied by the experimental method. Therefore, it is essential to systematically study the effect of
current on the structure and macrosegregation in dual ingot.
Because of these factors, the authors were motivated to experimentally explore the underlying
effect of current on the structure and macrosegregation in dual ingot. The subtle changes of the structure
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of ESR ingot were determined. This work is designed to provide fundamental knowledge of the
evolution of the structure and of macrosegregation in the dual alloy ingot that is processed by ESR.
2. Experimental Section
2.1. Experimental Apparatus and Method
A laboratory-scale ESR furnace (Herz, Shanghai, China) was employed to remelt consumable
electrode under an open air atmosphere. The inner diameter and the height of water-cooled copper
mold were 120 and 600 mm, respectively. The electrode consisted of two pieces of pre-melted
bars (Diameter: 55 mm), and was joined by welding. The upper part was a NiCrMoV alloy bar
(Elec. NiCrMoV), and the lower part was a CrMoV alloy bar (Elec. CrMoV). The chemical composition
of the electrode determined by the ICP-AES (Tailun, Shanghai, China), and the carbon and sulfur
analyzer (Jinbo, Wuxi, China) is listed in Table 1. The slag was comprised of 30 mass pct alumina
and 70 mass pct calcium fluoride. The thickness and weight of the slag layer were about 60 mm and
2.3 kg, respectively. Three laboratory experiments were performed, the alternating current of which
were 1500 A, 1800 A and 2100 A, respectively, which was generated by a transformer. The voltage
was about 30–45 V and the frequency of the alternating current was constant at 50 Hz. The electrode
immersion depth was about 10 mm and was controlled by an electrode lifting device powered by
an electromotor. The remelting time was recorded by a stopwatch to calculate the time-average melt
rate (kg/h). W3Re/W25Re thermocouple was used to measure the slag temperature in the experiment.
Table 1. Chemical composition of consumable electrode used in present experiment (wt. %).
Electrode C Mn Si P S Cr Ni Mo Nb Al Ti T.[O]
Elec. NiCrMoV 0.106 1.67 0.37 0.018 0.039 16.28 7.45 0.117 0.039 0.009 0.012 0.0156
Elec. CrMoV 0.074 3.94 0.40 0.020 0.011 12.25 5.85 0.140 0.032 0.014 0.008 0.0121
2.2. Specimen Preparation and Analyzing Methods
After the ESR process, three dual alloy ingots were obtained and the weight of each ingot
was 35.5 kg. Each ingot was evenly divided into two halves along the length direction by wire-electrode
cutting. Steel filings were obtained along the longitudinal centerline of the section every 20 mm by
drilling, and along the transverse radius every 15 mm for Cr and C analysis, as shown in Figure 1.
The Cr mass fraction of each ingot was measured by ICP-AES, and the C mass fraction was analyzed
by the carbon and sulfur analyzer. Three slices were taken from the upper (NiCrMoV), middle (TZ),
and the lower parts (CrMoV) of each ingot, and three 6 mm × 6 mm × 6 mm specimens were then
sampled from three slices, respectively (Figure 1). The NiCrMoV zone, the TZ (transition zone),
and the CrMoV zone were distinguished according to the composition profile along the ingot axial.
Another part of the ingot was prepared for macrostructure observation, which was ground, polished,
and finally etched via the aqua regia for a certain time. Figure 2 demonstrates the macrostructure of
three dual alloy ingots. The nine specimens sampled from three ingots for metallographic observation
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Figure 1. Schematic drawing of the dissection of the ESR dual alloy ingot.
 
Figure 2. The macrostructures of the ingots processed by electroslag remelting with different currents
of (a,d) 1500 A, (b,e) 1800 A and (c,f) 2100 A. The zone between two dotted lines in (a–c) is the
transition zone.
3. Results and Discussion
3.1. Macro- and Microstructure Characterization of Three Ingots Made via ESR with Different Currents
Figure 2 shows the macrostructures of three ingots processes by electroslag remelting with
different currents. The zone between two dotted lines in Figure 2a–c is the transition zone (TZ).
The typical columnar structure indicates that no discontinuity among the NiCrMoV zone, the CrMoV
zone, and the transition zone in three ingots occurs (Figure 2a–c). The macrostructures of three ingots
are nearly similar—a thin equiaxed grains region is located under the ingot surface, and the columnar
grains region exists inside the ingot, composing the dominant part of ingot. At the beginning of the
ESR process, the heat loss to the base plate is dominant. Columnar crystals nucleate at the bottom of
the ingot and grow up vertically (Figure 2d–f). With the solidification front advancing, the solidified
part acts as a heat choke, and the heat loss to the mold wall increases and cooling intensity decreases
gradually due to less heat transferring to the base plate. As a result, the inclined columnar crystals
nucleate in the vicinity of the lateral wall and grow to hinder the vertical crystals (Figure 2d–f).
The inclined columnar crystals form an inverted chevron structure with a certain angle. The grain
growth angle of inclined columnar crystals in three ingots with different currents of 1500 A, 1800 A
and 2100 A is 35.1◦, 38.6◦ and 43.7◦, respectively (from Angle 1 to Angle 2 and Angle 3 in Figure 2d–f).
It is well known that the grain growth direction is perpendicular to the solidification front of the
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different currents, indicating that the melting rate and slag temperature increase with the increase of
the current. In general, with the current increasing, the melting rate increases and the molten metal
pool becomes deeper due to more Joule heat produced by the larger current passing through the
liquid slag [1,5]. A deeper molten metal pool results in a larger grain growth angle in the test with
a larger current.
 
Figure 3. Average melting rate and average slag temperature with different currents.
The variation in optical microstructures of three ingots processed by electroslag remelting with
different currents is shown in Figure 4. The dendritic structure is formed throughout the cross section,
which gradually becomes coarsened from the CrMoV zone to TZ and NiCrMoV zone along the
direction from bottom to the top of each ingot because the cooling intensity decreases gradually
from the bottom to top of the ingot. When the current increases from 1500 A to 1800 A and 2100 A,
the dendritic structure firstly becomes fine, then coarsened. In order to quantitatively analyze the
difference of dendritic structure, the average secondary dendrite arm-spacing (SDAS) at NiCrMoV
zone and TZ of ingots was measured, as shown in Figure 5. The average SDAS is the average of four
SDAS’s at three different points. It should be noted that the SDAS of CrMoV zone was not measured
because the crystal structure in CrMoV zone is mainly equiaxed crystal. It can be seen from Figure 5
that SDAS of NiCrMoV zone varies from 61.5 μm to 49.6 μm and 65.3 μm with the current increasing
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Figure 4. Optical micrographs of the (a,d,g) NiCrMoV zone, (b,e,h) TZ and (c,f,i) CrMoV zone in the
ingots processed by electroslag remelting with different currents of (a–c) 1500 A, (d–f) 1800 A and
(g–i) 2100 A.
 
Figure 5. Secondary dendritic arm spacing at different positions (NiCrMoV zone and transition zone)
of the ingots processed by electroslag remelting with different currents.
The SDAS are dominated by the local solidification time (LST/min). LST represents the time that
an alloy stays in the solid-liquid two-phase zone (mushy zone). With the increase of LST, the SDAS
increases. The LST can be calculated using following equation [5,24]:
LST = Xr/v (1)
It can be inferred from Equation (1) that LST is dominated by the combined effect of Xr (the width
of mushy zone/mm) and v (the local solidification rate/mm/min). As shown in Figure 6, the local
solidification rate (v) is perpendicular to the tangent of the solidus curve and has an Angle θ
(grain growth angle) to the axis of the ingot. The remelting rate (vM/mm/min) is parallel to the
axis, which represents rising velocity of solidus. The local solidification rate (v) can be calculated using
the remelting rate (vM) as this geometric relation [24]:
v = vM × cos θ (2)
The average remelting rate (vM) can be obtained by the remelting time recorded by the stopwatch.
The local solidification rate calculated by Equation (2) and average remelting rate are shown in
Figure 7. It indicates that the remelting rate increases evenly with the increase of current. However,
correspondingly, the magnitude of increase in local solidification rate (v) decreases due to the increase
of the grain growth angle (Angle θ). With the increase of the current, the temperature gradient at the
solidification front decreases and the width of the mushy zone increases (Xr) [5]. v increases more
rapidly than Xr while the current increases from 1500 A to 1800 A, resulting in the lower LST and
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is smaller than that in Xr. As a result, the LST and SDAS increase. It has been confirmed that with
the SDAS decreasing, the less dendrite segregation occurs and the precipitates becomes finer [5,8,12].
The SDAS is the smallest in the ingot with 1800 A (Figure 5), implying that less dendrite segregation
and finer precipitates exist in the ingot with a current of 1800 A.
Figure 6. Schematic of solidification interface and the relationship between remelting rate and
cooling rate.
Figure 7. Average remelting rate and local solidification rate with different currents.
The cooling rate at the solidification front (CR/◦C/s) can be calculated by Equation (3) as
follows [25]:
λS(μm) = (169.1 − 720.9 • [%C]) • C−0.4935R (0 < [%C] ≤ 0.15) (3)
where λS is the SDAS (μm) and [%C] is the carbon mass fraction, which is presented in Table 2.
According to Equation (3), the cooling rate of NiCrMoV zone and TZ was calculated, as shown in
Figure 8. The cooling rate first increases, then decreases with the current increasing from 1500 A to
1800 A and 2100 A (Figure 8). The cooling rate is closely related to the flows of the molten metal pool,
which will be discussed in detail in Section 3.2.
Table 2. Carbon mass fraction of NiCrMoV zone and transition zone (TZ) in the ingots processed by
the ESR with different currents (wt. %).
ESR Ingots
[%C]
1500 A 1800 A 2100 A
NiCrMoV 0.108 0.103 0.107
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Figure 8. The cooling rates at different positions (NiCrMoV zone and transition zone) of the ingots
processed by electroslag remelting with different currents.
3.2. Macrosegregation of Three Ingots Made via ESR with Different Currents
Figure 9 shows the Cr concentration distributions along the longitudinal centerline and the
transverse radius in ingots processed by electroslag remelting with different currents. The Cr content
increases markedly from the nominal concentration of the CrMoV alloy to that of the NiCrMoV alloy
in the TZ of the ingot (Figure 9a). It can be seen from Figure 9a that Cr content along the longitudinal
centerline with a current of 1500 A is the first one passing the nominal concentration of the CrMoV
alloy, while is the last one exceeding the average concentration of the NiCrMoV alloy. The width of
this zone with a composition fluctuation is namely the thickness of the TZ. The thickness of the TZ is
about 147 mm, 115 mm and 102 mm with the current increasing from 1500 A to 1800 A and 2100 A,
respectively. With the current increasing, the remelting rate (Figure 7) increases [1,25], implying a faster
rising velocity of solidus. The TZ of the electrode can be melted, and then solidified into the ingot in
shorter time and distance. As a result, the thickness of the TZ decreases with the increase of the current.
Along the transverse radius, the Cr content is higher at the center of all ingots than the edge
(Figure 9b). In addition, the concentration gradient between the center and the edge increases with the
increase of the current, implying that the severer macrosegregation occurs. It is well known that the
macrosegregation is dominated by the solute transport. The flows in the electroslag remelting process
have a significant influence on the solute transport [1,19].
 
Figure 9. Cr concentration distributions along (a) the longitudinal centerline and (b) the transverse
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Figure 10 shows the illustration of the flows of the slag bath and metal pool in the ESR process.
The metal at the tip of the electrode is remelted by the Joule heating created by the interaction between
current and slag to form the metal droplets, which sink through the molten slag to form a crescent
shaped molten metal pool that is deep in the center of the ingot and gradually becomes shallow
outward in the direction of the radius. It should be noted that the effect of the droplets on the flows
in the metal pool was not considered because the momentum carried by small droplets during the
small scale ESR process is small. Thermal buoyancy force and Lorentz force are the main driving
forces for the flows in the metal pool [26,27]. The molten metal close to the mold wall is cooled by
the mold. The hot metal floats up and the cool metal sinks down, and a clockwise circulation is formed
near the mold wall. At the solidification front, there is also a large temperature gradient. The cool
metal with a higher density will move down along the oblique solidification front and wash out the
solidifying mushy zone. The cooling intensity weakens around the base of the molten metal pool.
The hot metal rises toward the slag-metal interface and then returns to the mold wall, which also forms
a clockwise circular flow at the inclined solidification front. In addition, according to the Faraday’s law
of electromagnetic induction, a clockwise circular magnetic field (looking down from the top) would
be induced by the downward current. The interaction between the clockwise circular magnetic field
and the downward current creates an inward Lorentz force, which also pushes the metal from the
edge to the middle.
 
Figure 10. Illustration of the flows of the slag bath and metal pool in the ESR process.
The solute element Cr becomes enriched in the mushy zone due to the partition ratio
(kCr = 0.76) [28]. Furthermore, the density of Cr (ρCr = 6900 kg/m3) is lower than that of iron
(ρFe = 7500 kg/m3) [29]. The Cr would be enriched in the molten metal pool due to the buoyancy force,
resulting in the so-called gravity segregation. At the solidification front, the solute-poor metal displaces
the solute-rich metal through washing out the mushy region due to the clockwise circular flow. Inward
Lorentz force also pushes the metal from the edge to the bottom center of metal pool. As a result,
the Cr accumulates at the bottom center of the pool and the concentration decreases from the middle
to the edge.
With the increase of the current, the slag bath temperature becomes higher (Figure 3) and the
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The metal droplets formed at the tip of the electrode become bigger, which brings more heat to the
molten metal pool. The flows in the metal pool also become more intense. Furthermore, the inward
Lorentz force also increases with the increase of the current. So, the macrosegregation becomes severer
with the increase of the current (Figure 9b).
As mentioned above, the cooling rate at the solidification front first increases, then decreases with
the current increasing from 1500 A to 1800 A and 2100 A (Figure 8). The cooling rate is dominated
by the flows between the mushy region and metal pool and the temperature gradient at mushy zone
of the solidification front (Figure 10). With the current increasing, the temperature of the metal pool
increases and the Lorentz force enhances the flows more fiercely, whereas, the temperature gradient
at the solidification front decreases (the width of mushy zone Xr increases) [5]. The enhanced flows
accelerate the heat transfer, but the reduced temperature gradient weakens the heat transfer at the
solidification front. With the current increasing from 1500 A to 1800 A, the enhanced flows play
a dominant role in heat transfer and the cooling rate increases at the solidification front. When the
current increases form 1800 A to 2100 A, the heat transfer fades due to the decreasing temperature
gradient at the mushy zone of the solidification front and the cooling rate decreases.
4. Conclusions
Three heats with different currents were designed to investigate the effect of the current on
structure and macrosegregation in dual alloy ingot processed by electroslag remelting, the following
conclusions can be reached.
(1) The macrostructures of three ingots are nearly similar. The thin equiaxed grains region is situated
under the ingot surface, and the columnar grains region lies inside the ingot. The typical columnar
structure shows no discontinuity among the CrMoV zone, the transition zone and NiCrMoV
zone in three ingots. With the increase of the current, the grain growth angle (the angle between
grain growth direction and axis of ingot) increases due to the deeper molten metal pool.
(2) The SDAS firstly decreases, then increases with the increase of the current. The SDAS is
dominated by the combined effect of the local solidification rate and thickness of the mushy
region. With a current of 1800 A, the SDAS is the smallest and the cooling rate is the fastest,
indicating that less dendrite segregation and finer precipitates exist in the ingot.
(3) With the increase of the current, the thickness of the transition zone decreases. The macrosegregation
becomes severer due to the fiercer flows forced by the Lorentz force and the thermal buoyancy force.
The cooling rate first increases, then decreases, which is dominated by a combined effect of the flows
between the mushy region and metal pool and the temperature gradient at the mushy zone of the
solidification front.
(4) Under the comprehensive consideration, the dual alloy ingot processed by the ESR with a current
of 1800 A is the best due to the smallest SDAS, the appropriate grain growth angle, moderate
macrosegregation and thickness of the transition zone. The present work clarifies the effect of
the current on the structure and macrosegregation in the dual alloy ingot processed by the ESR,
providing a reference for the parameter election of the manufacture of the dual alloy rotor to be
used in steam turbines using a combined cycle.
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Abbreviations
The following abbreviations are used in this manuscript:
ESR Electroslag remelting
TZ Transition Zone
ICP-AES Inductively Coupled Plasma-Atomic Emission Spectroscopy
OM Optical Microscopy
SDAS Secondary Dendrite Arm-Spacing
LST Local Solidification Time
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Abstract: Eighty percent heavy cold thickness reduction and reversion transformation in the
temperature range 700–950 ◦C for 60 s were performed to obtain the reverted ultrafine-grained
(UFG) structure in 304 austenitic stainless steel. Through mechanical property experiments and
transmission electron microscopy (TEM) of micro deformation of the UFG austenite structure, the
tensile fractographs showed that for specimens annealed at 700–950 ◦C, the most frequent dimple
sizes were approximately 0.1–0.3 μm and 1–1.5 μm. With the increase in annealing temperature,
the dimple size distribution of nano-sized grains turned to micron-size. TEM micro deformation
experiments showed that specimens annealed at 700 ◦C tended to crack quickly. In the grain annealed
at 870 ◦C, partial dislocations were irregularly separated in the crystal or piled up normal to the grain
boundaries; stacking faults were blocked by grain boundaries of small grains; twins held back the
glide of the dislocations. In the grain annealed at 950 ◦C, the deformation twins were perpendicular to ε
martensite. Fine grain was considered a strengthening phase in the UFG structure and difficult to break.
Keywords: 304 austenitic stainless steel; UFG; mechanical experiment; micro deformation;
fractograph; dislocations
1. Introduction
Austenitic stainless steel (ASS) with its enhanced yield strength, high work hardening property,
excellent weldability, and improved corrosion resistance has been put to use in many fields such as
engineering applications and in everyday utensils [1–3]. Recently, the combination of high strength
and high ductility in ultrafine-grained (UFG) structured ASS were achieved via operating severe
deformation and reversion annealing treatment [4,5]. There are numerous recent papers discussing the
deformation mechanisms in UFG steels from the microscopic or macroscopic view using conventional
tensile testing and nanoindentation with TEM examination [4–6]. It is thought that deformation
mechanisms in nanostructured metals can be different from those in coarse grained structures. It is
suggested that partial dislocation generated at grain boundaries may be the main activity in UFG
materials [7,8]. Allain et al. [9] has reported that the mechanical ε martensitic transformation only
occurs if the stacking fault energy (SFE) is lower than 18 mJ/m2, that mechanical twinning occurs
at SFE roughly in the range 12–35 mJ/m2 [10], and glide of dislocation would occur when SFE
exceeds 45 mJ/m2. For 304 austenitic stainless steel under uniaxial tension, two transformation
mechanisms were proposed according to the SFE [11–14]: (a) stress-induced-transformation γ→ ε→ α′
(<18 mJ/m2) and (b) strain-induced-transformation, γ → deformation twinning → α′ (12–35 mJ/m2).
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For materials with low SFE, the plastic deformation mode may change from dislocation slip to
deformation twinning, which is important for material strengthening. It is reported that ASS commonly
exhibits ductile failure controlled by dislocation flow or their mutual interactions. Meanwhile,
the mechanism of ductile failure is well developed. Three parts of the mechanism are void nucleation,
growth, and coalescence to form a crack, ending with fracture [15,16]. The ductile fracture of material
consists of void nucleation and growth, which are governed by the motion of dislocations. It was
realized that further information on the behavior of dislocations in the material might be obtained from
a study of their motion. It has been possible to study the motion of dislocations in 304 ASS [14,17,18].
In the present investigation, a careful analysis of UFG of the fracture feature morphologies and the
relation to the mechanical properties has been made in the ASS. TEM micro deformation tensile test of
ASS with UFG structure deformation experiments were conducted to discuss the state of deformation
mechanisms and fracture mechanisms.
2. Material and Experimental Methods
The 304 ASS used in this study had chemical composition (weight percent) Fe–0.04C–0.16Si–
1.52Mn–17.8Cr–8.1Ni–0.005P–0.005S. Several specimens with of dimension 7.9 mm × 80 mm × 600 mm
were machined for subsequent solution treatment and thermomechanical processes. The plates were
solution-treated at 1050 ◦C for 12 min. The solution-treated specimens were cold rolled to 80%
reduction in thickness and were subjected to reversion transformation at temperatures of 700–950 ◦C
for 60 s to obtain a reverted UFG austenite structure.
Phase characterization was conducted during cold rolling and annealing by electron backscatter
diffraction (EBSD, ZEISS ULTRA 55, Carl Zeiss, Germany) and X-ray diffractometry (Rigaku DMAX-RB
with Cu-Kα radiation, Rigaku, Tokyo, Japan) (XRD). Before EBSD and XRD, the specimens were
prepared by electropolishing at 15 V for 30 s to remove deformation-induced martensite on the surface;
the electrolyte contained 20 vol % perchloric acid and 80 vol % ethanol.
Tensile tests were carried out at room temperature using the CMT5605 tensile machine (SANS
Testing Machine Co., Ltd., Shenzhen, China) and Vickers micro-hardness values were measured on an
HV-1000 micro-Vickers durometer (Shanghai optical instrument factory, Shanghai, China)to obtain
the mechanical properties of the UFG structure. After sample fracture, scanning electron microscopy
(SEM, FEI Quanta-450; FEI Corporation, Hillsboro, OR, USA) was used to obtain SEM fractographs.
Image processing technique was employed on the digital fractographs to describe the two-dimensional
dimple features on the fracture surfaces using Image-Pro Plus (Version 6.0, Media Cybernetics, Inc.,
Rockville, MD, USA, 2006).
Three tensile specimens for micro deformation TEM (transmission electron microscopy)
observation were cut from the UFG austenite. Subsequently, the foils for the tensile observation
by TEM were thinned until perforation by twin-jet electropolishing apparatus in a solution of 10 vol %
of perchloric acid and 90 vol % of ethanol at a voltage of 36 V and a temperature of 0 ◦C. Tensile micro
deformation was carried out in a JEM2100 TEM (JEOL Ltd., Tokyo, Japan). TEM was used to observe
the inner feature of the UFG structure until cracks appeared in the thin area.
3. Results and Discussion
3.1. Microstructure Characterizations of the 304 ASS with UFG Structure
The SFE of the ASS is the key factor determining whether twinning, martensite transformation, or
dislocation glide will dominate the deformation process. Schramm and Reed [19] proposed Equation (1)
for calculating SFE. The SFE (in mJ/m2) of 304 ASS can be calculated by
SFE = −53 + 6.2 × CNi + 0.7 × CCr + 3.2 × CMn + 9.3 × CMo (1)
where CNi, CCr, CMn and CMo are the content values (in wt %) of Ni, Cr, Mn, and Mo, respectively.
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X-ray patterns of the experimental alloy in the solution-treated condition after 80% cold rolling
and upon reversion annealing at various temperatures are depicted in Figure 1. The solution-treated
specimen exhibited entirely austenite peaks. After 80% cold rolling, the microstructure of the 304 ASS
changed to mainly martensite due to the heavy cold reduction, as shown by XRD pattern B in Figure 1.
Upon reversion annealing, the martensite reverted to austenite. The intensity of the austenite peaks
increased with increasing temperature in the range 700–950 ◦C, which indicates an increase in the
volume fraction of austenite with respect to martensite. Upon annealing at 700 ◦C, the microstructure
mostly consisted of austenite (accounting for 65%) along with a small amount of retained martensite
(accounting for 35%). On the other hand, increasing the temperature to 820 ◦C resulted in reversion of
almost all the martensite to austenite, whose volume fraction was 99.5% (calculated from Figure 1).
Figure 1. X-ray diffractometry (XRD) patterns for each stage of thermomechanical treatment: (A) after
solution annealing; (B) after 80% cold rolling, and reversion annealing at (C) 700 ◦C; (D) 820 ◦C;
(E) 870 ◦C; and (F) 950 ◦C for 60 s.
EBSD showed that for the specimen solution-treated at 1050 ◦C for 12 min, the grain size was
approximately 20–40 μm, as shown in Figure 2a. For the specimens annealed at 820 ◦C (shown in
Figure 2b), the average grain size was about 500 nm, while the specimens annealed at 870 ◦C (shown
in Figure 2c) had average grain size of about 2 μm. With annealing temperature increasing to 950 ◦C
(shown in Figure 2d), the average grain size was about 5 μm. However, the grain size of the sample
annealed at 700 ◦C for 60 s was too small to be discerned by EBSD. Therefore, in this work, TEM
observations were performed on the sample annealed at 700 ◦C for 60 s to measure the grain size,
as shown in Figure 3. The statistical result indicates that the grain size was about 150 nm, with 35%
martensite mixed with austenite.
Figure 2. Electron backscatter diffraction (EBSD) micrograph for each stage of treatment: (a) after
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Figure 3. Transmission electron microscopy (TEM) micrographs showing the morphology of grains in
304 austenitic stainless steel (ASS) after annealing at 700 ◦C for 60 s.
3.2. Mechanical Experiments for the 304 ASS with UFG Structure
Tensile tests were carried out at room temperature. The tensile fractographs of four specimens
are shown in Figure 4a–d. Image processing (IP) was used to characterize the two-dimensional
geometry of dimples to obtain the dimple diameter and its distribution on the fracture surfaces,
as shown in Figure 4e–h. Figure 5 shows the dimple size distribution after annealing at different
temperatures. As shown in Figure 5, the most frequent dimple sizes were approximately 0.1–0.3 μm
and 1–1.5 μm. With the increase of annealing temperature, the nano-sized dimple size distribution
changed to micron-sized.
The curves of strength properties and ductility properties with average dimple diameter at
different annealing temperatures are shown in Figures 6 and 7, respectively. With increase in annealing
temperature, the strengths decreased, while the elongation and the average size of the dimple increased.
In comparison with the specimen annealed at 700 ◦C, the other three UFG specimens (annealed at 820,
870, and 950 ◦C) exhibited significantly higher ductility and lower strength. The yield strength of the
specimen annealed at 700 ◦C was 1028 ± 14 MPa, which is approximately 3 times higher than that of the
specimen annealed at 950 ◦C and the ultimate tensile strength was 1157 ± 20 MPa. Meanwhile, the gap
between the yield strength and tensile strength increased with increasing annealing temperature.
The elongation-to-failure were 8.2 ± 0.3%, 50.3 ± 0.2%, 53.7 ± 0.9%, and 62.5 ± 0.7% for the specimens
annealed at 700, 820, 870 and 950 ◦C, respectively. Specimens with UFG structure annealed at 820, 870
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Figure 4. Scanning electron microscopy (SEM) fractographs of 304 ASS annealed at (a) 700 ◦C;
(b) 820 ◦C; (c) 870 ◦C; and (d) 950 ◦C for 60 s; and the corresponding void networks obtained by
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Figure 5. Dimple size distribution after annealing at (a) 700 ◦C, (b) 820 ◦C, (c) 870 ◦C, and (d) 950 ◦C
for 60 s.
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Figure 7. Ductility properties with average dimple diameter at different annealing temperatures.
3.3. Micro Deformation Experiments for the 304 ASS with UFG Structure
3.3.1. Deformation Mechanisms for Specimen Annealed at 700 ◦C
Three UFG foils for the micro deformation were studied out via TEM. The stress direction in the
tensile test is shown in Figures 8, 10 and 13. It was found that the specimen annealed at 700 ◦C during
the micro deformation experiment tended to crack quickly. This may be attributed to the combined
effect of the low ductility of the UFG and the existence of martensite. From the micro deformation
observation shown in Figure 8, it was found that some pile-ups of closely dense dislocations ended in
cracks and the dislocation pile-ups disappeared after the crack. Further, the dislocation pile-ups only
took place on either side of the crack. In other words, the stress concentrated on the tip of the crack
with inc mentals-183011 reasing stress during the tensile test. No dislocation pile ups appeared in the
other grains. Further straining could not produce additional interactions on the grains since cracks had
generated elsewhere, which relieved the stress on the dislocation pile-ups. Figure 9 shows the phase
map after micro deformation tensile test of the specimen annealed at 700 ◦C for 60 s, taken 5–10 μm
away from the crack. The blue color represents the austenite phase and the red color represents the
martensite phase. From the micro deformation of the foils, it was found that part of the strain induced
martensite transformation from austenite.
Figure 8. Schematic illustration of the crack propagation after the micro deformation tensile test,
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Figure 9. Phase map of the specimen annealed at 700 ◦C for 60 s after micro deformation tensile test,
5–10 μm away from the crack (blue-austenite, red-martensite).
3.3.2. Deformation Mechanisms for Specimen Annealed at 870 ◦C
Because of the low SFE of the 304 ASS in this study, partial dislocations that act as glide dislocations
were more widely separated than in high SFE materials, as shown in Figure 10a. A few isolated
dislocations, pile-ups, or irregular networks appeared in some areas (see the label in Figure 10a). Most
of the irregular objects appeared to be partial dislocations in the pile-ups. This means that it was easier
to activate a partial dislocation than a full dislocation in the UFG microstructure with average grain size
2 μm. The space of the dislocations in the pile-ups did not vary regularly in the manner expected from
the calculations of Eshelby et al. [20], but were much more irregular. Figure 10b marks a set of partial
dislocations arranged in a row and breaking up to some distance. The picture shows that the piled-up
structure (arranged at grain boundaries) that was used to illuminate the relation between flow stress
and grain size is largely correct [21]. It was confirmed that these dislocations are parallel to (111)γ slip
planes, hence the planes that contain these dislocations must be (111)γ slip planes for all orientations
observed [22]. In some areas, multiple striped bands appeared, as shown in Figure 10c. For the steel
with average grain size of 2 μm, it was found that numerous dislocations were blocked by grain
boundaries of small grains. It was thought that these bands are due to stacking faults produced by the
movement of partial dislocations. In contrast to the motion of dislocations in aluminum, cross slipping
has not been observed within the individual grains [12]. This can be attributed to the large width of
stacking faults, speculated from the low SFE and the subsequent difficulty of developing constrictions.
In addition, as shown in Figure 10d, twins with high-angle boundary (see black arrow in Figure 10d)
retarded the glide of the dislocations could therefore enhance the strain-hardening rate, as shown in
Figure 11 [6]. These structures are typical in low SFE materials. According to the reference [23], it is
indicated that the transformation mechanism was via γ → deformation twinning → α′.
A phase map of the specimen annealed at 870 ◦C for 60 s after the micro deformation tensile test,
5–10 μm away from the crack is shown in Figure 12. The blue color represents the austenite phase, the
red color represents the martensite phase, and the yellow color represents the ε martensite phase. It can
be observed that ε martensite was included in α′ martensite, which indicated that the transformation
mechanism was γ → ε → α′. As mentioned above, a conclusion can be reached that α′ martensite
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Figure 10. TEM micrographs of specimen annealed at 870 ◦C after micro deformation tensile test,
showing (a) irregular distribution of partial dislocations; (b) partial dislocations arranged in a row;
(c) large stacking faults around ultrafine-grained (UFG) boundary; and (d) twins (bidirectional arrow:
stress direction).
Figure 11. True stress-strain tensile data for the specimen annealed at 870 ◦C for 60 s.
Figure 12. Phase map of the specimen annealed at 870 ◦C for 60 s after micro deformation tensile test,
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3.3.3. Deformation Mechanism for Specimen Annealed at 950 ◦C
ε martensite was found as marked in Figure 13a. Meanwhile, the deformation twins clearly
appeared in the deformed austenite microstructure (circled in Figure 13a). In addition, the directions
of all deformation twins were nearly perpendicular to that of ε martensite, which is consistent with the
results of Li et al. [14], who reported that deformation twins grow along the direction perpendicular to
ε martensite with increasing deformation. In fcc metals, stacking faults and deformation twins can be
dissociated from a screw dislocation or a 60◦ dislocation [13]. Stacking faults overlapped within the
(111)γ plane of the fcc crystal, which promoted the generation of deformation twins [24]. As the (111)γ
plane slipped due to the increase of deformation, the (1010)ε planes were perpendicular to the (111)γ
planes [25]. Hence, the observation on deformation twins in the direction vertical to ε martensite is
correct. According to calculation of the SFE of 304 ASS, the energy is in the range 12–35 mJ/m2.
Dense dislocation arrangements accumulated inside grains of size 2 μm, while thin dislocation
was observed inside grains of size 500 nm, as shown in Figure 13b. Apparently, this differs from
the specimen annealed at 870 ◦C in terms of the transformation of UFG during the tensile test. It is
indicated that the coarse grain generates dislocation pile-ups more easily than the fine grain, which is
considered a strengthening phase in the UFG structure and difficult to break.
Phase map of the specimen annealed at 950 ◦C for 60 s after the micro deformation tensile test,
10–15 μm away from the crack is shown in Figure 14. The blue color represents the austenite phase,
the red color represents the martensite phase, and the yellow color represents the ε martensite phase.
The ε martensite appeared as a band included in α′ martensite, which indicated that the transformation
mechanism was γ → ε → α′, namely the stress-induced-transformation.
Figure 13. TEM micrographs of specimen annealed at 950 ◦C after micro deformation tensile test
showing (a) ε and twins observed in coarse grains; (b) dislocations in UFG structure (bidirectional
arrow: stress direction).
Figure 14. Phase map of the specimen annealed at 950 ◦C for 60 s after micro deformation tensile test,
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4. Conclusions
The tensile fractographs of the obtained UFG structure show that the most frequent dimple sizes
were approximately 0.1–0.3 μm and 1–1.5 μm. With increasing annealing temperature, nano-sized
grains grew to micron-sized grains and the strengths decreased, while the elongation and average size
of the dimples increased.
For the 304 ASS with different grain sizes during the micro deformation experiment, (a) the
specimen annealed at 700 ◦C tended to crack quickly.This may be attributed to the combined effect of
the low ductility of the UFG and the existence of martensite. (b) In the sample annealed at 870 ◦C with
average grain size 2 μm, partial dislocations were widely separated in the irregular crystals or piled
up normal to the grain boundaries; stacking faults were blocked by grain boundaries of small grains;
twins prevented gliding of the dislocations. It can be concluded that α′ martensite might nucleate
through deformation twins, ε martensite or their intersections. (c) The deformation twins of the sample
annealed at 950 ◦C with average grain size 5 μm were perpendicular to the ε martensite. Fine grain
was considered as the strengthening phase in the UFG structure and was difficult to break.
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Abstract: To clarify the effect of niobium (Nb) on the changing behavior of oxide inclusions in alloys
containing different concentrations of Mn, Si, and Nb, heat treatment experiments at 1473 K were
conducted and changes in the morphology, size, quantity, and composition of these inclusions were
investigated. The stability of the oxide inclusions in both molten and solid Fe-Mn-Si-Nb alloys was
also estimated by thermodynamic calculation using available data. Results showed that the change
in the composition of the oxide inclusions owing to heat treatment depended on the concentrations of
Nb and Si in the alloy. MnO-SiO2-type oxide inclusions gradually transformed into MnO-Nb2O5-type
or MnO-SiO2- & MnO-Nb2O5-type inclusions in low-Si and high-Nb alloys after heating for 60 min.
However, the shape of the inclusions did not change clearly. It was indicated that, during the
heat treatment at 1473 K, an interface chemical reaction between the Fe-Mn-Si-Nb alloys and the
MnO-SiO2-type oxide inclusions occurred according to the experimental and calculation results.
Keywords: niobium; non-metallic inclusion; heat treatment; interfacial reaction; modification
1. Introduction
By oxide metallurgy technology, fine and dispersed non-metallic inclusions in steel could not
only distribute around austenite boundaries to restrain grain growth but also act as heterogeneous
nucleus to promote acicular ferrite, which are able to greatly improve the mechanical properties
of steel [1–4]. Heat treatment is a new approach to precisely controlling and optimizing the
physicochemical characteristics of non-metallic inclusions in steel and greatly expanding the
application of oxide metallurgy technology in steel production, which is attracting more and more
attention. Shibata et al. [5] reported that, in the Fe-Cr alloy containing 10 mass % Cr, MnO-SiO2-type
inclusions transformed into MnO-Cr2O3-type inclusions with a low Si content (<0.1 mass %) after
heat treatment, while at high Si content (>0.3 mass %), the MnO-SiO2-type inclusion was stable.
Choi et al. [6] hypothesized that, in an as-cast Fe-0.028 mass % Ti alloy, Ti–O inclusions with a small
amount of Fe gradually changed to Ti–Fe–O after heating at 1473 K for 180 min. The fraction of fine
and coarse inclusions increased and decreased, respectively. Shao et al. [7] confirmed that shape
variation of slender MnS was greatly influenced by the heating rate. As heating rate rose from 0.5
to 2 K/s, the amount of split MnS decreased; while the heating rate exceeded 6 K/s, the slender
MnS remained unchanged. Liu et al. [8] studied solid-state reactions between an Fe-Al-Ca alloy
and an Al2O3-CaO-FeO oxide during heat treatment at 1473 K and found that some Al2O3 particles
and CaO·Al2O3 branch inclusions precipitated as reaction products in the alloy near the alloy-oxide
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interface, which caused the Al content in the alloy to decrease. They also [9] investigated an interfacial
reaction mechanism between CaO-SiO2-Al2O3-MgO-MnO oxides and a Fe-Mn-Si alloy during heating.
It was proved that the overall MnO and SiO2 content of the oxide decreased and increased, respectively,
after the “solid–liquid” reaction between the oxide and alloy at 1473 K.
As an important alloying element with a broad application prospect, the niobium (Nb) added into
the alloy is beneficial for the precipitation of inclusion particles such as Nb(C, N), which prevents the
growth of austenite grain by the pinning effect at the grain boundaries during heat treatment [10,11].
By combining with solute Nb in alloy, Nb(C, N) particles can also inhibit the recrystallization of
deformed austenite through the drag effect and promote fine acicular-ferrite. Moreover, Nb contributes
to the dispersive distribution of inclusions and a flexible adjustment of the toughness of the alloy in a
broad range by controlling the induced precipitation and cooling rate. Therefore, Nb in the alloy can not
only enhance the strength of the alloy but also improve the toughness, the high temperature oxidation
resistance, and the corrosion resistance of the alloy and reduce the brittle transition temperature of the
alloy to obtain a better welding and forming performance. Nevertheless, other than the precipitation
of particles such as Nb(C, N), heat treatment also results in changes in composition, morphology, size,
and the physicochemical characteristics of other inclusions with the influence of elemental Nb, which
directly affects the quality and mechanical properties of the alloy.
In the present study, experiments were designed to reveal the effect of Nb on the changing behavior
of non-metallic inclusions in the Fe-Mn-Si-Nb alloy including morphology, types, compositions, and
quantities during heat treatment at 1473 K. The stability of the oxide inclusions in both molten and
solid Fe-Mn-Si-Nb alloys was also discussed in light of thermodynamic calculations.
2. Experimental Methods
2.1. Materials
Initial compositions of the alloys with different concentrations of Mn, Si, and Nb are summarized
in Table 1. A 6 kg Fe-Mn-Si ingot was prepared by melting electrolytic iron with ferromanganese
and silicon powder in an arc melting furnace. Then, 200 g of the premelted Fe-Mn-Si alloy was taken
from the position between the center and the edge of the circular cross section in the middle part
of the ingot and then re-melted with the addition of high-grade ferroniobium in an MgO crucible
(outer diameter 48 mm, inner diameter 38 mm, height 115 mm) at 1873 K for 15 min, under an air
atmosphere in an electric resistance pipe furnace. After that, the crucible was taken out from the pipe
and quenched by immersing the crucible into water. Due to the high cooling rate and small size of the
alloy specimen, concentrations of Mn, Si, and Nb were firstly confirmed to be homogeneous by using
an Electron Probe Microscopic Analyzer (EPMA) (JEOL, Tokyo, Japan) whose primary importance
is the ability to acquire precise, quantitative elemental analyses at very small “spot” sizes (as little
as 1–2 microns), primarily by wavelength-dispersive spectroscopy (WDS), and then measured and
verified by Inductively Coupled Plasma Optical Emission Spectrometer (ICP-OES) (Thermo Fisher
Scientific, Waltham, MA, USA).
Table 1. Initial compositions of the alloy deoxidized with Mn and Si for heat treatment at 1473 K.
Sample
Fe Mn Si Nb
Mass %
1 High Si High Nb 97.57 0.63 1.09 0.61
2 Medium Si High Nb 98.21 0.67 0.37 0.65
3 Low Si High Nb 98.60 0.61 0.025 0.67
4 High Si Medium Nb 98.07 0.68 1.12 0.13
5 Medium Si Medium Nb 98.72 0.72 0.41 0.15
6 Low Si Medium Nb 99.11 0.65 0.028 0.16
7 High Si Low Nb 98.13 0.67 1.06 0.04
8 Medium Si Low Nb 98.84 0.72 0.39 0.05
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2.2. Heat Treatment
The quenched alloy specimens were machined into cylindrical pieces (φ 10 mm × 20 mm) and
hanged in the reaction pipe of an electric furnace by Mo wire. Then, specimens were heated at 1473 K
for 30 min and 60 min, and the atmosphere was replaced by high purity Ar gas (99.9 mass %, flow
rate: about 300 cm3/min). After above heat treatment, the specimens were immediately taken out of
the reaction pipe and quenched by immersion into water. The temperature curve of heat treatment
experiment is given in Figure 1. Schematic diagram of the furnace equipped with specimen quenching
under a controlled Ar gas atmosphere for heat treatment is shown in Figure 2.
Figure 1. Temperature curve of melting and heat treatment experiments for Fe-Mn-Si-Nb specimens.
Figure 2. Schematic diagram of the furnace equipped with specimen quenching under controlled Ar
gas atmosphere for heat treatment at 1473 K.
2.3. EPMA Analysis
As cast and heated specimens were embedded in the polyester resin, and the cross section of each
specimen was ground with SiC sandpapers and polished with diamond polishing paste to prepare
metallographic samples. Characteristics including morphology, types, quantities, and compositions
of over 50 inclusions in each metallographic sample before and after heat treatment for 30 min and
60 min were observed and analyzed by an Electron Probe Microscopic Analyzer (EPMA), and the
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3. Results
3.1. Influence of Heat Treatment at 1473 K on the Morphology and Compositions of Oxide Inclusions
Figure 3 shows the morphology and compositions of typical oxide inclusions in Alloy Sample 2
(Mn: 0.67 mass %, Si: 0.37 mass %, Nb: 0.65 mass %). In an as-cast sample, nearly spherically shaped
inclusions were observed. Their typical chemical composition, measured by using the EPMA, was
51 mol % MnO-5 mol % SiO2-44 mol % Nb2O5. After the heat treatment at 1473 K for 30 and 60 min,
the shape of inclusions did not clearly change. The chemical compositions of these inclusions were
48 mol % MnO-2 mol % SiO2-50 mol % Nb2O5 and 37 mol % MnO-1 mol % SiO2-62 mol % Nb2O5,
respectively. This meant that only MnO-Nb2O5-type inclusions were observed in the case where Nb
content in the alloy sample was higher than 0.6 mass %.
 
Figure 3. Morphology and compositions of typical oxide inclusions in Alloy Sample 2: (a) as cast;
(b) heat treatment for 30 min; (c) heat treatment for 60 min.
Figure 4 shows the morphology and compositions of typical oxide inclusions in Alloy Sample
4 (Mn: 0.68 mass %, Si: 1.12 mass %, Nb: 0.13 mass %). The spherically shaped MnO-SiO2-type
inclusion was also found in an as-cast sample. Its typical chemical composition was 52 mol % MnO-46
mol % SiO2-2 mol % Nb2O5. After heating at 1473 K for 30 min, although the shape of inclusions
still did not clearly change, many inclusions had two phases in an inclusion, as Figure 4b shows the
typical morphology of inclusions in Alloy Sample 4. One is MnO-SiO2-type inclusion containing
approximately 11 mol % Nb2O5. The other is Mn-Si-Nb inclusion, whose average composition is 41 mol
% MnO-24 mol % SiO2-34 mol % Nb2O5. As the heating time increased to 60 min, the Nb2O5 content
of both phases in an inclusion increased, as shown in Figure 4c. Their typical chemical compositions
were 61 mol % MnO-23 mol % SiO2-16 mol % Nb2O5 and 49 mol % MnO-7 mol % SiO2-44 mol %
Nb2O5, respectively. This phenomenon indicated that the chemical composition of the oxide inclusions
changed by heat treatment in the cases of medium Nb content and high Si content.
 
Figure 4. Morphology and compositions of typical oxide inclusions in Alloy Sample 4: (a) as cast;
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The morphology and compositions of typical oxide inclusions observed in Alloy Sample 8 (Mn:
0.72 mass %, Si: 0.39 mass %, Nb: 0.05 mass %) were shown in Figure 5. The main shape and
composition of inclusions found in the as-cast sample and their changing behavior with heating were
similar to those observed in the case of Alloy Sample 4. Many observed inclusions in Alloy Sample
8 after heating also had two phases as shown in Figure 5b,c, and the Nb2O5 content of both phases
in an inclusion appears to be relatively lower, dependent on the concentrations of Nb and Si in the
alloy. After heat treatment at 1473 K for 30 min, typical chemical compositions of the two phases in an
inclusion were 47 mol % MnO-45 mol % SiO2-8 mol % Nb2O5 and 54 mol % MnO-23 mol % SiO2-23
mol % Nb2O5, respectively. After heat treatment for 60 min, the concentrations of Nb2O5 in the two
phases in an inclusion increased to 12 mol % and 31 mol %, while SiO2 concentrations decreased to
37 mol % and 22 mol %, respectively.
Figure 5. Morphology and compositions of typical oxide inclusions in Alloy Sample 8: (a) as cast;
(b) heat treatment for 30 min; (c) heat treatment for 60 min.
3.2. Influence of Nb, Si and Mn Contents of the Alloy on Change in Type and Quantity of Oxide Inclusions
The dependence of chemical compositions of stable oxide inclusions on the concentrations of
Mn, Si, and Nb in different alloy samples before and after heating at 1473 K for 60 min is shown
in Table 2. In this table, alloy samples containing MnO-SiO2-type and MnO-Nb2O5-type inclusions
are denoted by white circles and black circles, respectively. Moreover, the alloy sample containing
both types of inclusions is denoted by crosses. Only MnO-Nb2O5-type inclusions formed in Alloy
Samples 1–3 containing about 0.65 mass % Nb before and after heating at 1473 K for 60 min, which
was very stable although Si content varied from 0.025 mass % to 1.10 mass %. As for the chemical
compositions of oxide inclusions in Alloy Samples 4–6 containing about 0.15 mass % Nb, with the
decrease in Si content in the as-cast sample, MnO-SiO2-type inclusions gradually disappeared and
MnO-SiO2- & MnO-Nb2O5-type and MnO-Nb2O5-type inclusions formed. After the heat treatment at
1473 K, original MnO-SiO2-type and MnO-SiO2- & MnO-Nb2O5-type inclusions in the as-cast samples
changed to MnO-SiO2- & MnO-Nb2O5-type and MnO-Nb2O5-type inclusions, respectively. When the
Nb content decreased to 0.05 mass % in Alloy Samples 7–9, inclusions in the as-cast samples were
mainly MnO-SiO2-type or MnO-SiO2- & MnO-Nb2O5-type before heat treatment depending on the
concentration of Si in the alloy. After the heat treatment, some of the original MnO-SiO2-type inclusions
transformed into two-phase MnO-SiO2- & MnO-Nb2O5-type inclusions, while some of the original
two-phase MnO-SiO2- & MnO-Nb2O5-type inclusions transformed into MnO-Nb2O5-type inclusions,
although the transformation was incomplete. The results strongly indicate that the relatively high
Si content and low Nb content retard the conversion from a MnO-SiO2-type to a MnO-Nb2O5-type
inclusion. This retardation occurs as long as non-equilibrium conditions persist between the alloy and
the MnO–SiO2-type oxide inclusion.
Figure 6 shows the statistical analysis of the density of oxide inclusions changing from
MnO-SiO2-type to MnO-SiO2- & MnO-Nb2O5-type and MnO–Nb2O5-type in Alloy Samples 2, 4,
and 8. At least 120 random inclusions in each sample including MnO-SiO2-type, MnO-SiO2- &
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Table 2. Dependence of chemical compositions of stable oxide inclusions on the concentrations of Mn,
Si, and Nb in different alloy samples before and after heating at 1473 K for 60 min.
Sample No. Heating Time As Cast 60 min
Fe-0.65 mass % Nb
1 High Si (1.10 mass %)
2 Medium Si (0.40 mass %)
3 Low Si (0.025 mass %)
Fe-0.15 mass % Nb
4 High Si (1.10 mass %) × ×
5 Medium Si (0.40 mass %) × ×
6 Low Si (0.025 mass %)
Fe-0.05 mass % Nb
7 High Si (1.10 mass %)  ×
8 Medium Si (0.40 mass %)  ×
9 Low Si (0.025 mass %) × ×
Note: —MnO-SiO2-type; ×—MnO-SiO2- & MnO-Nb2O5-type; —MnO-Nb2O5-type.
Figure 6. Statistical analysis of the quantity of oxide inclusions changing from MnO-SiO2-type to
MnO-SiO2- & MnO-Nb2O5-type and MnO-Nb2O5-type in Alloy Samples 2, 4, and 8.
It is clear that all inclusions observed in Alloy Sample 2 were MnO-Nb2O5-type before and
after the heating at 1473 K. For Alloy Sample 4, there were 1.35 MnO-SiO2-type inclusions and 0.43
MnO-SiO2- & MnO-Nb2O5-type inclusions within the area of 1000 μm2 in the as-cast sample, while
after the heat treatment, the density of MnO-SiO2-type inclusions and MnO-SiO2- & MnO-Nb2O5-type
inclusions increased to 1.39 and decreased to 0.31 in the area of 1000 μm2, respectively. In Alloy Sample
8, the original density of MnO-SiO2-type inclusions in the as cast was 1.94 per 1000 μm2, and then
about half of them changed to MnO-SiO2- & MnO-Nb2O5-type inclusions after the heating at 1473 K for
60 min. By comparing the statistical results of the density of oxide inclusions in Alloy Samples 2, 4, and
8 before and after heat treatment, it was proved that there was no new formation of MnO-Nb2O5-type
and MnO-SiO2- & MnO-Nb2O5-type inclusions during heating besides the transformation from the
MnO-SiO2-type inclusions. It was also clearly found that the relatively high Nb content and low
Si content promoted the transformation from MnO-SiO2-type inclusion to two-phase MnO-SiO2- &
MnO-Nb2O5-type and MnO-Nb2O5-type inclusions.
4. Discussion
4.1. Mechanism of the Interface Reaction between the Alloy and M-S-Type Inclusion
Elemental Mn, Si, and Nb in the alloy could react with dissolved oxygen to form complex oxide
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that both manganese and niobium are transition metals and could take several different valences in
oxides including Mn2+, Mn3+, Mn4+, Nb2+, Nb3+, Nb4+, and Nb5+. Under the oxygen partial pressure
of steelmaking, Mn2+ is dominant among other different valence states in its oxide form of MnO [12],
and Nb seems to be stable as Nb5+ in solid oxide under an oxidizing atmosphere (i.e., Nb2O5) [13].
In addition, compared with SiO, SiO2 is much more stable during the oxidation of silicon in the alloy.
Therefore, during the re-melting of Fe-Mn-Si-Nb alloy at 1873 K under air atmosphere, stable simple
oxides of Mn, Si, and Nb were MnO, SiO2, and Nb2O5, respectively. Moreover, according to the stable
components in the ternary system Nb2O5-MnO-SiO2 [14], MnO-SiO2-type, MnO-Nb2O5-type, and
MnO-SiO2- & MnO-Nb2O5-type oxides could be acquired, except for SiO2-Nb2O5-type oxide.
In this study, influenced by the chemical compositions of the alloys, the changing behavior of
inclusion from original MnO-SiO2-type to MnO-SiO2- & MnO-Nb2O5-type and MnO-Nb2O5-type
was confirmed after heating at 1473 K for 60 min. It was indicated that there are interfacial reactions
that occur between the alloy and the MnO-SiO2-type inclusions in some alloy samples. Inclusions
equilibrated with a molten alloy at 1873 K are no longer stable in a solid-state alloy. A schematic of
the interface reaction mechanism is shown in Figure 7. As the heat treatment time increased, the Nb
in the alloy gradually diffused and reacted with the inclusions, thereby resulting in the formation
of MnO-SiO2- & MnO-Nb2O5-type and MnO-Nb2O5-type inclusions, which could be expressed as
Equations (1)–(3).
MnO-SiO2 → MnO + SiO2 (1)
4[Nb] + 5SiO2 → 2Nb2O5 + 5[Si] (2)
MnO + Nb2O5 → MnO-Nb2O5 (3)
Figure 7. Schematic of interface reaction mechanism between the Fe-Mn-Si-Nb alloy and
MnO-SiO2-type inclusions.
The transformation from original MnO-SiO2-type to MnO-SiO2- & MnO-Nb2O5-type and
MnO-Nb2O5-type is beneficial to reducing cracks in alloys during rolling due to the decrease in
melting point and hardness [14]. In addition, as long as the mechanism of the interface reaction
between the alloy and M-S-type inclusion is clarified, it is probable to control and optimize the
physiochemical characteristics of the inclusions in the niobium alloy and obtain fine and dispersed
non-metallic inclusions by an appropriate heat treatment processes.
4.2. The Equilibrium Relation between the Alloy and the Oxide Inclusions
The chemical compositions of stable oxide inclusions in the alloy samples containing different
concentrations of Mn, Si, and Nb, at 1873 K and 1473 K, are estimated. This estimation is performed
using Wagner’s model for a multicomponent solution system [15], the regular solution model [16], and
correlative thermodynamic data shown in Table 3. Oxygen activities for the formation of SiO2, and
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the most stable oxide inclusion is obtained at the lowest oxygen activity. In addition, it was observed
that a large proportion of final stable oxide inclusions were approximate MnO·SiO2 and MnO·Nb2O5
formation based on EPMA analysis. Therefore, equilibrium calculation was conducted by assuming
the formation of pure MnO·SiO2 and MnO·Nb2O5. The interaction coefficient of each element in
the alloys, which is represented as eji , is listed in Table 4. These thermodynamic data (see Tables 3
and 4 [17]) are also employed for approximate calculations of the equilibrium conditions between
the alloy sample and oxide inclusion at 1473 K, although these data are inadequate for extrapolation
to this temperature. The activities of MnO and SiO2 in manganese silicate were also estimated and
verified using the experimental results from [17]. At 1473 K, MnO·SiO2 and MnO·Nb2O5 exist in the
solid state, and their activities are assumed to be unity.
Table 3. Basic thermodynamic data for the equilibrium calculation.
No. Reaction ΔGθ (J/mol) Reference
1 Nb(s) = [Nb] −134,260 + 33.05T [18]
2 4Nb(s) + 5O2(g) = 2Nb2O5(s) −3,770,150 + 834.95T [19]
3 Mn(l) + 1/2O2(g) = MnO(s) −399,000 + 82.4T [19]
4 O2(g) = [O] −234,304 − 5.78T [20]
5 Mn(l) = [Mn] 4083.6 − 38.16T [20]
6 [Si] + 2[O] = SiO2(s) −576,440 + 218.2T [21]
7 MnO(s) + SiO2(s) = MnSiO3(s) −27,960 + 2.42T [21]
8 MnO(s) + Nb2O5(s) = MnNb2O6(s) 86,940 − 49.6T [22]
Note: T—Temperature, K.
Table 4. Interaction coefficient of each element in the Fe-Mn-Si-Nb alloy (eji ).
j i Mn Si Nb O
Mn 0 −1838/T + 0.964 413/T − 0.217 −0.083
Si −0.0146 0.0103 0 −0.119
Nb 0.0093 −0.01 0 −19,970/T + 9.950
O −0.021 −0.066 −3440/T + 1.717 −1750/T + 0.76
Note: T—Temperature, K.
The equilibrium oxygen activities of stable oxide inclusions in alloy samples with different
Nb and Si concentrations at 1873 K and 1473 K are shown in Figures 8–10. At both temperatures,
MnO-Nb2O5-type inclusion in 0.65 mass % Nb alloy (see Figure 8) are considerably more stable than the
MnO-SiO2-type inclusion and the equilibrium oxygen activity associated with the MnO-Nb2O5-type
oxide inclusion is always lower than that of the MnO-SiO2-type inclusion, indicating that MnO-Nb2O5
forms prior to MnO-SiO2. At 1873 K, as the Nb content in the alloy decreased to 0.15 mass %, some
MnO-SiO2-type and MnO-SiO2- & MnO-Nb2O5-type oxide inclusions were generated. A critical Si
concentration of 0.78 mass % for 0.15 mass % Nb alloy and 0.20 mass % for 0.05 mass % Nb alloy
for the transformation between MnO-SiO2-type and MnO-Nb2O5-type oxide inclusion was obtained
according to the thermodynamic calculation, as shown in Figures 9a and 10a. At 1473 K (see Figures 9b
and 10b), this transformation occurs at a critical Si content of 2.5 mass % for 0.15 mass % Nb alloy and
0.8 mass % for 0.05 mass % Nb alloy. This calculation results support that, at an Si content of 0.4 mass %
and an Nb content of 0.65 mass % (Sample 2), the stable MnO-Nb2O5-type oxide inclusion is retained
during heat treatment at 1473 K, and the transformation from MnO-SiO2-type to MnO-Nb2O5-type
oxide inclusion in Alloy Samples 4 and 8 was promoted after heating. These calculation results agreed,
in general, with the experimental results and revealed the mechanism of interface reaction between
the Fe-Mn-Si-Nb alloy and MnO-SiO2 oxide inclusion. More importantly, these results contribute to
the prediction of stable oxide formation in alloy (before and after heat treatment), based on the Si, Mn,
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Figure 8. Equilibrium oxygen activities of stable oxide inclusions calculated at 1873 K (a) and 1473 K
(b) corresponding to the alloy with 0.65 mass % Nb.
 
Figure 9. Equilibrium oxygen activities of stable oxide inclusions calculated at 1873 K (a) and 1473 K
(b) corresponding to the alloy with 0.15 mass % Nb.
 
Figure 10. Equilibrium oxygen activities of stable oxide inclusions calculated at 1873 K (a) and 1473 K
(b) corresponding to the alloy with 0.05 mass % Nb.
5. Conclusions
During the heating at 1473 K, the concentrations of Nb and Si in the alloys are critical for
controlling the changing behavior of oxide inclusions. Stable oxide inclusions transformed from
MnO-SiO2-type to MnO-Nb2O5-type or MnO-SiO2- & MnO-Nb2O5-type at low concentrations of Si
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the Fe-Mn-Si-Nb alloy matrix and the MnO-SiO2-type oxide inclusion. Estimation on the stable oxide
inclusions in the alloys with different Nb concentrations by thermodynamic calculation at 1873 K and
1473 K basically matched the experimental results, thereby confirming the mechanism of the interface
reaction. More significantly, the calculation results contribute to the prediction of heating-induced
formation of a stable oxide, depending on the concentrations of Si, Mn, and Nb in the alloys.
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Abstract: During electrical steel processing, there are usually small variations in both chemical
composition and thickness in the hot-rolled material that may lead to different magnetic properties
for the same steel grade. Therefore, it is of great importance to know the effects of such variations
on the final microstructure and magnetic properties of these steels. In the present investigation,
samples of a specific grade of a commercial hot-rolled grain non-oriented (GNO) electrical steel were
taken from different steel batches to investigate the effects of thickness and chemical composition
(C, Sn, Mn and Ti) in the hot-rolled material on the final microstructure and magnetic properties
(core losses and magnetic permeability) resulting from two different decarburizing annealing cycles.
Hot-rolled samples were processed by cold rolling, intermediate annealing, temper-rolling and final
decarburization annealing using the same processing parameters. The experimental results show
that the minimum core losses and maximum magnetic permeability are obtained with the thinnest
steel thickness and the largest grain size. Increasing Sb and Mn contents, and reducing the C and
Ti concentrations also improve the magnetic behavior of these steels. It was also found the effect of
grain size on the magnetic behavior is more significant than the one of crystallographic texture.
Keywords: non-oriented electrical steels; chemical composition; thickness; microstructure;
crystallographic texture; core losses; magnetic permeability
1. Introduction
Nowadays the use of energy deals with some challenges in terms of available resources,
environmental and economic impacts [1,2]. Electrical steels play an important role in the energy
system including its generation, transmission, distribution and consumption.
Grain non-oriented (GNO) electrical steels are widely used in electrical equipment from the
simplest domestic appliances to hybrid and pure electric vehicles [3–5]. For these applications, low core
losses and high permeability are required [1–7]; these magnetic properties are strongly influenced
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by microstructural parameters such as residual stresses, inclusions, grain size and crystallographic
texture [8–12]. Processing conditions, chemical composition and final thickness also play a crucial role
in determining the magnetic behavior of these steels [13,14]. Therefore, during fabrication of GNO
electrical steels, all of the above mentioned parameters must be considered to optimize the magnetic
quality of these steels [15–17].
There are many previous studies regarding “the individual effects” of C, Ti, Sb, Mn and thickness
on the magnetic properties of non-oriented electrical steels [18–22]. Carbon has a significant negative
effect on the magnetic properties of electrical steels even when it is present in small amounts [18].
Carbon remains dissolved in Fe in the solid state even after slow cooling, and has a detrimental effect
on the magnetic properties. When carbon precipitates as pearlite or free cementite its effect on the
magnetic behavior is less significant but negative [18].
Darja et al. [19] studied the effects of Ti on the magnetic properties of semi-processed non-oriented
electrical steel sheets. It was observed that core loss increase as the titanium content was increased.
SEM analysis revealed that deterioration of the magnetic behavior was caused by the “pinning effect”
of complex oxycarbonitrides, complex TiC and complex Ti(C, N).
Li et al. [20] reported that the magnetic behavior of non-oriented electrical steels can be enhanced
by a texture improvement due to Sb additions. It was found that the addition of antimony inhibits the
development of {111} texture and increases the intensity of Goss and {100} texture.
The influence of hot-band grain size and additions of Al and Mn on the magnetic properties of
non-oriented electrical steels with 3% Si was investigated by Cardoso [21]. It was observed that the
addition of manganese resulted in larger recrystallized grains after cold rolling and subsequent final
annealing. Coarse grains in the hot-band and addition of Mn led to a Goss orientation component after
final annealing, which resulted in an increase of the magnetic permeability.
Hunday [22] reported the influence of chemistry (variations in Si, Al, Mn, P) and hot rolling
conditions (finishing temperature, the finish mill entry temperature and the transfer bar thickness)
on the final magnetic properties of grain non-oriented electrical steels. The hot-rolled material was
cold-rolled to a final thickness of 0.65 mm. The effects of final thickness and the amounts of Sb and Ti
were not considered by Hunday [22].
Si and Al are intentionally added to these steels to improve their magnetic behavior [23]. When
Si content in steel is varied, crystalline anisotropy constant K1, electrical resistivity ρ, and saturation
induction Bs change according to the following equations [12]:
K1 = 5.2 − 0.5Si% (104 J/m3) (1)
ρ = 12 + 11Si% (μΩ·cm) (2)
Bs = 2.16 − 0.048Si% (3)
The effect of Al content on these constants is similar to that of Si content. Therefore, depending
on the steel grade and its application, the amount of Si + Al can vary from low [24] to high
concentrations [25].
Conventionally, GNO electrical steels are processed from hot-rolling by cold rolling, continuous or
batch annealing and temper rolling. Finally, laminations are subjected to a long term decarburization
annealing. This later is carried out to remove residual stresses, promote grain growth and develop the
optimum grain size and crystallographic texture by which the magnetic behavior of these materials
can be enhanced [15–17,26].
During fabrication of these steels, there are usually small variations in both chemical composition
and thickness that may lead to different microstructural characteristics, and thus can produce different
magnetic properties even for the same steel grade. Therefore, it is of great importance to know the
effects of such variations on the microstructure and magnetic properties of these steels.
In the present investigation, samples of a specific grade of a commercial hot-rolled low Si + Al
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and chemical composition (C, Sn, Mn and Ti) on the final microstructure (grain size, crystallographic
texture) and magnetic properties (core losses, magnetic permeability) of steel sheets subjected to
two decarburization annealing cycles.
2. Materials and Methods
Samples of commercial hot-rolled GNO electrical steel coils were obtained from a local steelmaker
(Altos Hornos de México S. A. B. de C. V., Monclova, México) considering different steel batches of
a specific steel grade. Those samples that presented variations in chemical composition and thickness
were selected to evaluate their effects on the magnetic properties of these steels. Although grain size
and the amount of secondary phases could also vary from batch to batch. It was found experimentally
that they were very similar and for this reason, they were not taken into account in the present research.
Table 1 shows the nominal chemical composition of the hot-rolled GNO electrical steel grade
investigated in the present work. The experimental composition is not reported due to confidentially
and privacy policies of the steel manufacturer. Chemical composition of both hot-rolled strips and
annealed steel sheets samples was determined in an Espectrolab spectrometer (SPECTRO Analytical
Instruments GmbH, Kleve, Germany) by optical emission spectrometry based on ASTM E403.
The variations in the elements of interest in the hot-rolled bands obtained by this technique were:
C, 0.030–0.035%; Sb, 0.021–0.028%; Mn, 0.49–0.62% and Ti, 0.004–0.006%. As can be observed in Table 1,
the nominal chemical composition of the investigated steel grade does not consider the presence of Ti
and Sb and therefore, it is of great importance to know their effects on the magnetic properties of these
materials. The effect the Mn concentration is also important, since the amount of this alloying element
exceeds the maximum permissible limit in this steel grade.
Table 1. Nominal chemical composition of the hot-rolled GNO electrical steel grade used in this
work (wt %).
C Si Al S Mn P Cu Cr Ni Mo
0.035 0.4 0.33 0.0033 0.55 0.013 0.34 0.023 0.033 0.019
Figure 1 shows the methodology used in the present work. The as-received hot-rolled strips,
which had a thickness variability of 2.15 ± 0.15 mm, were pickled in a 4% HCL solution and cold-rolled
by a thickness reduction of 70%. Cold-rolled samples were subjected to a continuous annealing at
820 ◦C and subsequent temper-rolling with an additional thickness reduction of 6% achieving a final
thickness between 0.53 and 0.58 mm.
Longitudinal and transverse samples with respect to the rolling direction, 3 cm wide × 30 cm long,
were cut and subjected to a final decarburization annealing at T = 790 ◦C for 1.5 h. Heat treatments were
carried out in a laboratory KF-240-S box-type furnace (Linn High Therm GmbH, Hirschbach, Germany)
under wet atmospheres. Two different gas ratios and dew points were considered to promote steel
decarburization: 85% N2-15% H2, 21 ◦C and 80% N2-20% H2, 25 ◦C (Figures 1 and 2).
Texture analysis at various processing steps was carried out by orientation imaging microscopy
(OIM) using a scanning electron microscope Philips XL30 (Company/Philips Electron Optics,
Eindhoven, The Netherlands) equipped with a TSL-OIM system. Sample preparation for OIM included
grinding to half thickness and the analyzed area for each texture map was 400 μm × 400 μm.
The orientation distribution function (ODF) was calculated by the harmonic method (L = 16) using the
TSL OIM software (Version 3.5, EDAX, Mahwah, NJ, USA, 2007).
Magnetic properties, core losses and permeability, were measured using a standardized Epstein
Frame at a magnetic induction of 1.5 T and a frequency of 60 Hz according to ASTM A343.
Sixteen annealed Epstein-type samples (3 cm width × 30 cm length) were used for each measurement.
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microscopy Olympus GX51 (Olympus, Tokyo, Japan). Grain size was determined using comparison
charts according to ASTM E112.
 
Figure 1. Methodology used in this work to evaluate the effect of chemical composition and thickness
of hot-rolled bands on the final magnetic properties of grain non-oriented (GNO) electrical steels.
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3. Results and Discussion
3.1. Effect of Carbon Concentration on Magnetic Properties
Figures 3 and 4 show the average values of carbon concentration, average core losses and magnetic
permeability obtained from each decarburizing cycle. Important to mention is that samples subjected
to Cycle 2 presented in these Figures had a thickness between 0.53–0.55 mm and those subjected to
Cycle 1 had a thickness between 0.551–0.58 mm. As can be seen in Figure 3, the average value of core
losses of samples subjected to both Cycle 1 and 2 is below the maximum permissible limit, which means
that they both meet the core losses requirements for this steel grade. In contrast, the average magnetic
permeability is above the minimum permissible value only in samples subjected to Cycle 2 (Figure 4),
which means that the average value of samples subjected to Cycle 1 does not meet the requirements of
this steel grade.
 
Figure 3. Effect of C content on core losses.
Figure 4. Effect of C concentration on magnetic permeability.
Although annealing temperature (T = 790 ◦C) and soaking time (t = 1.5 h) were the same in both
decarburizing cycles, there is a significant difference in the final C content, which is attributed to both
thickness and changes in the decarburizing annealing conditions. Carbon content decreases from
about 0.0325 wt % (average) to around 0.0133 wt % (average) when using Cycle 1 (85% N2-15% H2
gases ratio, and dew point of 21 ◦C), and it is reduced up to 0.0023 wt % C (average) when samples are
subjected to Cycle 2 (80% N2-20% H2 gases ratio, and dew point of 25 ◦C). In addition, there exists
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contents, the higher the core losses obtained. For example, core losses of 6.53 and 5.72 W/kg (average)
are obtained with carbon concentrations of about 0.013% and 0.0023% C, respectively (Figure 3).
The maximum permissible core losses for the investigated GNO electrical steel grade are 6.84 W/kg,
according to standard specifications. This value is indicated in Figure 3 by the dotted line for
comparison with the results obtained in the present work in heat treated samples. As can be observed,
the average core losses of samples subjected to Cycle 1 is very close to the maximum permissible limit,
but core losses of samples annealed according to Cycle 2 are satisfactorily below the limit (Figure 3).
Magnetic permeability also changes significantly with carbon concentration, but in this case, this
property increases as the amount of carbon decreases (Figure 4). Magnetic permeability varies from
1.97 × 10−3 to 3.00 × 10−3 Tm/A in samples subjected to Cycle 1 (0.013% C) and Cycle 2 (0.0023% C),
respectively. Important to mention is that the minimum permissible permeability in the investigated
electrical steel grade is 2.51 × 10−3 Tm/A, according to standard specifications. This value is shown in
Figure 4 by the dotted line for comparison with the permeability obtained in samples subjected to the
two decarburization annealing. As can be seen in this figure, while permeability of samples processed
by Cycle 1 (0.013% C) is significantly lower than the minimum allowed value, the one resulting from
Cycle 2 (0.0023% C) is considerably higher (Figure 4).
These results demonstrate that magnetic properties of these steels are enhanced by the reduction
of C, which is favored if dew point is increased from 21 to 25 ◦C, and gases ratio is changed from of
85% N2-15% H2 to 80% N2-20% H2 (Figures 3 and 4).
Some researchers investigate the effect of dew point on the efficiency of decarburization in
non-oriented electrical steels [27]. They found that an increase in the dew point result is a faster
steel decarburization which is consistent with the results obtained in the present work. The higher
decarburization rate was associated with a lower oxidation of steel with the increase of dew point.
Apparently, the conditions set for Cycle 1 cause higher oxidation of steel and make carbon removal
from steel difficult resulting a lower decarburization rate.
Figure 5 shows the variation of the magnetic properties, core losses and magnetic permeability,
as a function of the applied decarburizing annealing cycle. Important to mention is that samples
subjected to Cycle 2 presented in this Figure had a thickness between 0.53–0.55 mm and carbon
concentrations less than 0.003%, while samples subjected to Cycle 1 had a thickness between
0.551–0.58 mm and carbon concentrations between 0.006% and 0.015%. It is clear that samples with
lower C content result in higher permeability and lower core losses being more significant when carbon
content is lower than 30 ppm (Figure 5).
 
Figure 5. Relationship between magnetic permeability and core losses of decarburized GNO electrical steel.
Figure 6 presents a contour graph showing the effect of carbon content on the core losses and
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samples selected for this Figure varied from 0.53 to 0.55 mm in those subjected to Cycle 2 and from 0.551
to 0.58 mm in samples subjected to Cycle 1. The conclusion that can be drawn from this Figure is that
the combination of a lower carbon concentration and a thinner thickness result in optimum magnetic
properties: lower core losses and higher permeability.
 
Figure 6. Contour plot showing the effect of C on magnetic properties.
The effect of carbon on the magnetic behavior of electrical steels has been extensively investigated.
This alloying element reacts with other elements and forms carbides, which affect significantly the wall
domain motion during magnetization of steel [8,28–30]. For this reason, samples with lower carbon
concentrations result in better magnetic properties.
It can be observed in Figure 6 that when carbon content is about 0.003%, the obtained core losses
vary between 5.30 and 6.07 W/kg, and permeability varies from 2.51 × 10−3 to 3.52 × 10−3 Tm/A.
In contrast, with a carbon concentration of about 0.012%, core losses vary from 6.40 to 7.51 W/kg,
while permeability changes in the range of 1.63 × 10−3–2.01 × 10−3 Tm/A, respectively. The variations
in the magnetic properties for a given carbon range are related to the combined effects of grain size,
thickness, texture and changes in the Ti, Sb and Mn concentrations, which will be discussed in
next sections.
3.2. Influence of Steel Thickness on Core Losses
Figure 7 illustrates core losses of samples subjected to Cycle 2, which showed the lowest values,
the thickness in these samples varied from 0.53 to 0.58 mm. As can be seen, core losses increase as the
steel thickness is increased. The total core losses are considered as the sum of hysteresis losses (Wh)





where k is a constant, t is the sheet thickness, f is the frequency, B is the magnetic flux density, and ρ is
the resistivity.
According to Equation (4), reducing the steel thickness t causes a decrease of eddy current losses
and contributes to minimize the total core losses, which is in agreement with the results obtained in
this work. Eddy current losses are determined by flux per lamination and resistance of the lamination
and they are, therefore, dependent on lamination thickness [14,31,32]. If steel thickness is reduced,
eddy current losses and consequently total core losses are also decreased as observed in Figure 7.
The combined effects of carbon content and thickness on the magnetic properties of samples
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carbon concentrations result in higher core losses. It can be concluded then, according to this figure,
that to achieve the best performance in terms of magnetic properties, electrical steels must be processed
with the minimum possible thickness and the lowest carbon concentration.
 
Figure 7. Effect of thickness on core losses.
Figure 8. Effects of carbon and steel thickness on core losses.
3.3. Effect of Ti, Sb and Mn Concentrations on Core Losses
In order to evaluate the effects of Ti, Sb and Mn on the magnetic properties of annealed
samples, only those samples with lower carbon concentration and smaller thickness were considered.
This selection was made considering the results presented in previous sections. Figure 9 shows the
variation of core losses as a function of Ti, Sn and Mn concentrations in samples with a thickness
between 0.53 and 0.55 mm and carbon concentrations lower than 0.003%, which correspond to samples
subjected to Cycle 2.
As can be observed, these three elements have a significant influence on the magnetic properties.
An increment in the amount of Ti causes an increase of core losses, however, this property is reduced
by increasing the content of Sb and Mn resulting in an enhancement of the magnetic quality (Figure 9).
Alloying elements such as Si, Al, Sn, Sb, Mn and Ti (among others), increase the resistivity of
steels, ρ, and therefore, according to Equation (4), could lead to a reduction of eddy current losses and
consequently to total core losses [11,33,34]. For this reason, these elements are added to satisfy the
required magnetic properties of a specific electrical steel grade.
Although Ti increases the steel resistivity by which the magnetic behavior could be enhanced,
the results of the present investigation show that Ti has a detrimental effect. It has been reported that Ti
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affect the development of favorable textures, and wall domain motion during magnetization of steel
sheets, which in turn has a detrimental effect on magnetic properties [34].
Figure 9. Effect of alloying elements on core losses: (a) Ti, (b) Sb and (c) Mn.
3.4. Effect of Grain Size on Magnetic Properties
Figure 10 shows a comparison between the microstructure of the temper-rolled steel before
and after the decarburization annealing. As can be seen, a grain size ASTM 8 is obtained prior to
decarburization (Figure 10a). However, after decarburization annealing (Cycle 2) grain size increases
changing from ASTM 8 to ASTM 3 (Figure 10b). This result confirms that, the appropriate combination
of small plastic deformation during temper-rolling and optimum decarburizing annealing conditions
(gases ratio and dew point) favor grain growth during decarburization annealing. This result indicates
that magnetic properties of the experimental electrical steels can also be enhanced by increasing
grain size. Grain boundaries act as barriers for the domain wall motion during the magnetization
process of steel [12]. Therefore, increasing grain size causes a reduction of the amount of obstacles to the
magnetization process resulting in an enhancement of the magnetic behavior of these steels. It is well
known that when grain size increases, hysteresis losses decrease, while eddy current losses increase.
Therefore, there exists an optimum grain size that minimizes the total core losses (hysteresis losses +
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Figure 10. Microstructure of GNO electrical steel: (a) before and (b) after the decarburization annealing.
Core loss (at peak induction of 1.5 T, and at frequency of 60 Hz, sinusoidal) is considered
an important parameter when deciding on a suitable steel for a particular application. Some associations
provide some standards to characterize soft magnetic materials under sinusoidal supplies like the
Epstein frame method [35,36] used in the present work. The Epstein frame containing the test specimens
(longitudinal and transverse) to be measured constitutes a transformer for which the total losses are
measured by the wattmeter method. The total core losses can be obtained by the following equation [36]:






where Pt = measured specific total losses, in watts per kilogram, Ph = apparent hysteresis losses,
in watts per kilogram, Pp = apparent eddy current losses, in watt per kilogram and Pt = measured
form factor [36].
It has also been reported that knowledge of the linear losses (longitudinal and transverse)
is sufficient for designers to adequately estimate the behavior in a given machine design [8].
On the other hand, a number of theories describe the excess losses as the third component of
the total core losses of fully finished, non-oriented electrical steel [37]. This third component was
added as a result of the deviation between the measured and the calculated values [37]. Many authors
have studied the mechanisms of their formation and there are many contradictory theories that
can be found in the literature. Whereas Bertotti ascribes the excess losses to domain-wall processes,
there are several authors who correlate the excess losses with the hysteresis losses and describe them
as frequency-dependent hysteresis losses [37].
Although it is important to be able to actually measure excess loss as demonstrated in
an extensively research literature regarding this topic, some problems abound [8]. For instance, a pure
constant amplitude B vector cannot be created or rotated. This can be imposed by computer methods
and powerful drive amplifiers, but in real machines such a regime never identically applies [8].
Losses are noted to differ if vector rotation is clockwise or anticlockwise, due probably to unevenness
in grain texture. The directions of applied magnetizing field and attained magnetization vectors do
not coincide and angular separation varies as the B vector moves [8].
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3.5. Effect of Decarburization Annealing on Crystallographic Texture
Analyses by electron backscatter diffraction (EBSD) were carried out to investigate if there was
an effect of the decarburizing Cycle on the final texture. To this end the samples used for these analyses
were those in the temper-rolled condition, and after being subjected to Cycle 1 and Cycle 2, which had
carbon contents of 0.035%, 0.013% and 0.002%, respectively. These samples also had the lowest Ti
concentration and the highest Sb and Mn contents. In the case of samples subjected to decarburization
annealing they had the same thickness.
Figure 11 shows the orientation maps obtained in samples without decarburization (temper-rolled
condition) and with decarburization annealing according to Cycle 1 and Cycle 2. Inverse pole figure
(IPF) orientation maps use a basic RGB (red, green and blue) coloring scheme, fit to an inverse
pole figure. For cubic phases, full red, green, and blue are assigned to grains whose <100>, <110> or
<111> axes, respectively, are parallel to the projection direction of the IPF. Intermediate orientations
are colored by an RGB mixture of the primary components. It is noteworthy that IPF has its own
limitations; most notable is the coloring of pixels only by the projection-parallel crystallographic axis,
independent of rotation about that axis [38,39]. Thus, grains with identical axes parallel to a specified
IPF projection direction will have the same color in the IPF-based scheme, but may be in significantly
different orientations. For example, two grains with <100> parallel to the surface normal are both
colored red, but possess 30◦ of relative rotation about that axis. IPF-based orientation maps are most
useful for displaying materials with strong fiber-textures and for understanding preferred orientations
parallel to a sample direction of interest [38,39].
Figure 11. Electron backscatter diffraction (EBSD) color coded maps of the inverse pole figure [001] of
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According to this Figure, it can be observed that samples exhibit significant differences
in crystallographic texture developed, which means that decarburization annealing can modify
this parameter.
On the other hand, ODF’s are 3D representations of “Euler space”, with the three Euler angles
(ϕ1, φ, ϕ2) that describe the orientation of a crystal forming the axes. A crystal’s orientation is
represented as a point within that space. The ODF may more clearly reveal component and fiber
textures. The best description of a crystallographic texture in polycrystalline materials where a crystal
with a volume V1 has an orientation g1, a crystal with volume V2 has an orientation g2 and so on, can be
then described quantitatively by the orientation distribution function (ODF) [38,39]. This function
can be represented in the Euler space in three dimensions, however, it is generally interpreted in
two dimensions maintaining constant one of the three angles (ϕ1, φ, ϕ2) [38,39].
Figure 12 shows the ϕ2 = 45◦ section of the ODF of temper-rolled samples (Figure 12a) and
decarburized samples (Figure 12b). In this figure are also shown the ideal texture components of
BCC materials [40]. The main texture components that relate to good magnetic quality in annealed
non-oriented electrical steels are the cube {001}<001> and rotated cube {001}<011> [28]. In contrast,
the so-called γ-fiber texture, represented by {111}<uvw>, is very detrimental for electrical steels
because the lowest permeability axis, <111>, is parallel to the normal direction of the sheet and should
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texture component near to the ideal cube texture, and the absence of texture components belonging to
γ-fiber texture (Figure 12a).
 
Figure 12. ϕ2 = 45◦ section of the orientation distribution function of GNO electrical steels after:
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highest intensity, belong to the so called θ-fiber which is the more beneficial texture to optimize the
magnetic behavior of these steels.
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A, B, C, D, E and F, respectively. This annealing Cycle promotes the development of orientations near




texture component, which as mentioned above belongs to the most detrimental
γ-fiber texture. Cube and rotated cube textures, which are the most beneficial textures for optimizing
the magnetic behavior of these steels are not observed after decarburization annealing conducted
according to Cycle 2.
As can be seen in Figure 11, the size and volume fraction of grains with their <111> axes parallel
to the <001> sample direction is small (Figure 11a). After decarburization annealing of Cycle 1 the
size and the amount of these grains increase (Figure 11b) resulting in an increase of the intensity of
grains with orientations along the θ-fiber texture (Figure 12a,b). In contrast, samples subjected to Cycle
2 show larger grain size (Figure 11c), a reduction of the volume fraction of grains with orientations
belonging to the θ-fiber texture and an increase of the volume fraction of grains with orientations near
to the ideal γ-fiber texture.
It is clear that the reduction in carbon concentration during decarburization annealing favors
grain growth. The samples with higher carbon content exhibit lower size (Figure 11a), while samples
with lower carbon content have a larger grain size (Figure 11b,c). In addition, these results suggest
that the decarburizing Cycle not only affects the final grain size, but also the final texture.
If grain size is favored by carbon removal, thus the results obtained suggest that the conditions
established in Cycle 2 favored carbon removal and consequently grain growth.
Some researchers investigate the effect of dew point on the efficiency of decarburization [27].
They found that an increase in the dew point result is a faster steel decarburization which is consistent
with the results obtained in the present work. They relate the higher was associated to a lower
oxidation of steel with the increase of dew point [27]. Apparently, the conditions set for Cycle 1
cause higher oxidation of steel, which retards carbon removal and results in grains with smaller size
(compare Figure 11b,c).
Variations in the resulting texture can be explained as a function of the decarburization rate.
Samples subjected to Cycle 1 which result in a slower carbon removal present higher intensities of
components belonging to θ-fiber. The presence of these components in non-oriented electrical steels
subjected to low plastic deformations and subsequent thermal treatment has been explained in terms
of the mechanism of strain induced grain boundary migration (SIBM) [41]. Temper-rolling involves
stored energy accumulation, which varies with the orientation of the rolling plane according to the
sequence E(110) > E(111) > E(100) [41].
Apparently, grains with their planes (001) parallel to the steel surface growth during heat treatment
due to their low stored energy according to the ratio before mentioned. The increase of components
near to the γ-fiber texture in samples subjected to Cycle 2, could be probably related to the higher
mobility of grains <111>//ND [41].
Although tempered-rolled samples and samples subjected to Cycle 1 exhibited a better texture
to optimize the magnetic properties of the experimental steels (considering the higher density of
texture components belonging to the θ-fiber texture and the absence of the so-called γ-fiber texture),
samples subjected to Cycle 2 resulted in better magnetic properties.
Therefore, it can be concluded that the effect of grain size on the magnetic behavior is more significant
than the one of texture. It has been reported that grain bourdaries act as barriers to wall-motion.
According to Figures 3–6 and Figure 8, magnetic properties are enhanced by the reduction
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decarburization favors grain growth. Therefore, it can be concluded that for the experimental steel,
the combined effects of C concentration and grain size are more significant than texture.
On the other hand, it has been reported that additions of Sb favor the development of (100) and
(110) texture components at the expense of (111) components resulting in an improvement of the
magnetic quality of these steels [20,42]. Manganese is supposed to retards the development of grains
with (111) components and favors the development of grains having (100), (200) and (110) texture
components [21,43], leading to an improvement of the magnetic properties of these steels.
As can be observed in Figure 12a, samples with temper rolling exhibit a set of orientation
components near to the ideal cube texture, (001)[010], and rotated Goss (110)[110] texture
components which is consistent with the additions of Sb in the experimental steel, however,
after decarburization a completely different behavior is observed suggesting that apart from chemical
composition, decarburization conditions also play an important role in determining the final
crystallographic textures.
4. Conclusions
From the results obtained in this investigation, it can be concluded that:
(1) Magnetic properties of the experimental steels are enhanced by the reduction of C, which is
favored if dew point is increased from 21 to 25 ◦C, and gases ratio is changed from of 85% N2-15%
H2 to 80% N2-20% H2.
(2) Grain size is also dependent on decarburizing annealing conditions, it changes from ASTM 8 in
the temper rolled condition to about 4 and 3 when applying Cycle 1 (21 ◦C, 85% N2-15% H2) and
Cycle 2 (25 ◦C, 80% N2-20% H2), respectively.
(3) Crystallographic texture of temper-rolled samples is characterized by the presence of components
near to the ideal cube texture, and the absence of components belonging to γ-fiber texture.













belong to the so called θ-fiber texture, while Cycle 2 favors the development of orientations




texture component, but in this case cube and rotated cube textures,
were not developed.
(4) Thinner thicknesses, higher concentrations of Sb and Mn, and lower C and Ti contents lead to
lower core losses and higher permeability enhancing the magnetic behavior of the experimental
GNO electrical steels. Therefore, the best magnetic properties were obtained when applying
Cycle 2 independently of the crystallographic texture developed.
(5) Additions of Mn and Sb increase the resistivity reducing the total core losses. Although Ti
was expected to reduce core losses since it also increases the electrical resistivity, an opposite
behavior was observed. Apparently, the strong affinity of Ti for carbon and nitrogen promotes
the formation of stable carbonitrides which affect the wall domain motion during magnetization
causing a detrimental effect on magnetic properties.
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Abstract: Two low carbon carbide-free bainitic steels (with and without Cr addition) were designed,
and each steel was treated by two kinds of heat treatment procedure (austempering and continuous
cooling). The effects of Cr addition on bainitic transformation, microstructure, and properties of low
carbon bainitic steels were investigated by dilatometry, metallography, X-ray diffraction, and a tensile
test. The results show that Cr addition hinders the isothermal bainitic transformation, and this effect
is more significant at higher transformation temperatures. In addition, Cr addition increases the
tensile strength and elongation simultaneously for austempering treatment at a lower temperature.
However, when the austempering temperature is higher, the strength increases and the elongation
obviously decreases by Cr addition, resulting in the decrease in the product of tensile strength and
elongation. Meanwhile, the austempering temperature should be lower in Cr-added steel than that in
Cr-free steel in order to obtain better comprehensive properties. Moreover, for the continuous cooling
treatment in the present study, the product of tensile strength and elongation significantly decreases
with Cr addition due to more amounts of martensite.
Keywords: chromium; bainitic transformation; microstructure; mechanical properties; retained austenite
1. Introduction
Silicon (Si), manganese (Mn), molybdenum (Mo), and chromium (Cr) are important alloying
elements in advanced high strength steels (AHSS), such as dual phases (DP) steel, quenching and
partitioning (Q&P) steel, quenching-partitioning-tempering (QPT) steel, and carbide-free bainitic
steel [1–5]. The amount of these elements in AHSS influences not only the transformation behavior,
but also the microstructure and properties of the steel. Therefore, the optimization of the chemical
composition in AHSS is always an interesting subject [6–8].
There is a continuous interest in the effects of Cr in AHSS. Han et al. [9] reported that DP steel with
more Cr presents better elongation and a lower yield ratio. Li et al. [10] investigated a Cr-bearing low
carbon steel treated by a Q&P process. A lath martensite, retained austenite, and lower bainite triplex
microstructure was obtained, in which the tensile strength ranges from 1200 MPa to 1300 MPa and the
total elongation ranges from 10% to 15%. Jirková et al. [11] found that the yield strength and elongation
increase with Cr content in a Q&P steel. Ou et al. [6] investigated the microstructure and properties of
QPT steels with Cr addition from a 1.35 wt. % to a 1.65 wt. %. They found that with increasing Cr
content, the yield strength decreases, and the elongation first increases and subsequently decreases.
Optimal microstructures and properties of steels were obtained at 1.45 wt. % and 1.55 wt. % Cr,
respectively, in their study. In addition, Cr is often added in bainitic steel to increase its hardenability,
so that a relatively smaller cooling rate can be used to avoid high temperature ferritic transformation
and bainite can be obtained more easily [12–16]. However, this does not mean that Cr promotes bainitic
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transformation itself, because the increase in hardenability is mainly caused by the inhabitation of
Cr on ferritic transformation. So far, only a few studies have discussed the effect of Cr on bainitic
transformation. Bracke and Xu [17] stated that Cr reduces the kinetics of lower bainitic transformation
in a continuous cooling process. But the effect of Cr on isothermal bainitic transformation, which is an
important process to produce advanced high strength bainitic steel, is rarely reported. Therefore, it is
necessary to further investigate the effects of Cr on bainitic transformation, microstructure, and the
properties of bainitic steels.
In the authors’ previous study, the effect of Cr on isothermal bainitic transformation was
investigated [18]. However, high temperature ferritic transformation occured before isothermal
bainitic transformation due to a lower cooling rate and only one heat treatment procedure was
used. In the present study, two kinds of heat treatment procedure are designed, i.e., isothermal
bainitic transformation (including three transformation temperatures) and continuous transformation.
The effects of Cr on bainitic transformation, microstructure, and the mechanical properties of low
carbon bainitic steels were investigated. The present study is more comprehensive, and some new
findings different from the authors’ previous study are obtained. The results are useful to the
optimization of the chemical composition of low carbon bainitic steels.
2. Materials and Methods
2.1. Materials
Two low carbon bainitic steels with different Cr contents were designed and their compositions
are given in Table 1. The steels were refined and cast in the form of 50 kg ingots using a laboratory-scale
vacuum furnace followed by hot-rolling and then air-cooling to room temperature.
Table 1. Chemical compositions of two steels.
Steels C Si Mn Cr Mo N P S
Cr-free 0.218 1.831 2.021 / 0.227 <0.003 <0.006 <0.003
Cr-added 0.221 1.792 1.983 1.002 0.229 <0.003 <0.006 <0.003
2.2. Thermal Simulation Experiments
Thermal simulation experiments were conducted on a Gleeble 3500 simulator (DSI, New York,
NY, USA). Cylindrical specimens with a diameter of 6 mm and a length of 70 mm were used. As
shown in Figure 1, two kinds of heat treatment were designed for the two steels, i.e., austempering
and continuous cooling. During austempering treatment, the specimens were heated to 1000 ◦C
to obtain full austenite structure, followed by fast cooling to the isothermal bainitic transformation
temperatures (400 ◦C, 430 ◦C, and 450 ◦C) at 30 ◦C/s. The bainite start temperature (BS) and martensite
start temperature (MS) for Cr-free steel are calculated to be 524 ◦C and 376 ◦C, respectively, using the
MUCG 83 program developed by Bhadeshia at Cambridge University, and they are 501 ◦C and 353 ◦C,
respectively, for Cr-added steel, so that the austempering temperatures are set as 400, 430, and 450 ◦C.
Meanwhile, 1000 ◦C is higher than the Ac3 point, and the cooling rate of 30 ◦C/s is fast enough to
avoid ferritic and pearlitic transformations (Section 3.1.1). In addition, during continuous cooling
treatment, the specimens were first heated to 1000 ◦C and then held for 900 s, followed by cooling to
room temperature at a rate of 0.5 ◦C/s. The dilatations along the radial direction were measured for all
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Figure 1. Experimental procedures.
2.3. Microstructure Examinations and Tensile Tests
After the thermal simulation experiments, the microstructures of the simulated specimens were
examined by a Nova 400 Nano scanning electron microscope (SEM) (FEI, Hillsboro, OR, USA). In order
to determine the volume fraction of retained austenite (RA), X-ray diffraction (XRD) experiments were
carried out on a BRUKER D8 ADVANCE diffractometer (Bruker, Karlsruhe, Germany), using unfiltered Cu
Ka radiation and operating at 40 kV and 40 mA. In addition, tensile tests were carried out on a UTM-4503
electronic universal tensile tester (SUNS, Shenzhen, China) with a cross-head speed of 1 mm/min at room
temperature. Four tensile tests were repeated for each heat treatment procedure, and the corresponding
average values were calculated. Then, the tensile fractures of the specimens were observed by SEM.
3. Results and Discussion
3.1. Isothermal Transformation
3.1.1. Dilatation
Figure 2 shows the dilatation versus temperature during the entire austempering treatments
(400 ◦C) for the Cr-free and Cr-added steels. The measured Ac1 and Ac3 temperatures for the Cr-free
steel are about 777 ◦C and 906 ◦C, respectively, and those for Cr-added steel are about 775 ◦C and
905 ◦C, respectively. Full austenite microstructures can be obtained at 1000 ◦C in the two steels, because
the austenization temperature (1000 ◦C) is higher than Ac3. Chromium addition has little effect on
the Ac1 and Ac3 temperatures. In addition, the dilatation versus temperature curves are straight
lines during the cooling process from 1000 ◦C to 400 ◦C at 30 ◦C/s, indicating that austenite does not
decompose before the isothermal holding at 400 ◦C. Moreover, the apparent increase in the dilatation
at 400 ◦C is caused by the bainitic transformation during isothermal holding.
 
Figure 2. The dilatation versus temperature during the entire austempering treatment (400 ◦C) for the
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The dilatation (representing the transformation amount) versus time during the isothermal
holding at 400 ◦C, 430 ◦C, and 450 ◦C for the two steels is presented in Figure 3a. Chromium hinders
the bainitic transformation kinetics, and decreases the final amount of bainitic transformation at all
three temperatures. It is interesting to find that the hindrance of Cr on bainitic transformation is more
obvious at higher temperatures (430 ◦C and 450 ◦C) compared with that at a lower temperature (400 ◦C).
The time-temperature-transformation (TTT) curves of the two steels in Figure 3b, which are calculated
by software JMatPro, also demonstrate that the kinetics of bainitic transformation are hindered by Cr
addition. The time required to initiate bainitic transformation (2% relative transformation fraction)
is listed in Table 2. The experimentally measured values are compared with the calculated values
(JMatPro). The comparison shows that the calculated values are larger than the measured values,
so that the kinetics of bainitic transformation calculated by JMatPro are slower compared to the
experimentally measured one.
 
Figure 3. (a) The dilatation versus time during the isothermal holding at 400 ◦C, 430 ◦C, and 450 ◦C
for the two steels; (b) Calculated time-temperature-transformation (TTT) curves of the Cr-free and
Cr-added steels showing the start of transformations from austenite A to ferrite F and from austenite to
bainite B. It shows that the kinetics of bainitic transformation are hindered by Cr addition.







Cr-free 400 6.0 39.4
Cr-added 400 19.4 79.8
Cr-free 430 17.9 31.0
Cr-added 430 45.0 74.3
Cr-free 450 15.3 35.8
Cr-added 450 30.1 129.8
According to the displacive approach of the bainitic transformation proposed by Bhadeshia [19,20],
bainitic transformation is expected to occur when:
ΔGm< GN (1)
ΔGγ→α < −GSB (2)
where ΔGγ→α is the driving force from γ to α, GSB is the stored energy of bainite (about 400 J/mol),
ΔGm is the maximum driving force for the nucleation of bainitic ferrite with paraequilibrium carbon
partitioning, and GN is the universal nucleation function. Equation (1) ensures that there is a detectable
nucleation rate, and Equation (2) ensures that a diffusionless growth of bainite can occur [19,20]. The
values of ΔGm and ΔGγ→α versus temperature in Cr-free and Cr-added steels are calculated using the
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so that it is more difficult to meet the requirements of bainitic transformation (Equations (1) and (2)) in
Cr-added steel. As a result, bainitic transformation is hindered by Cr addition. In addition, it is shown
in Figure 4 that the ΔGγ→α decreases from −1012 J/mol to −900 J/mol by Cr addition at 400 ◦C, and it
decreases from −864 J/mol to −753 J/mol at 430 ◦C. The decreased driving forces account for 11% and
13% at 400 ◦C and 430 ◦C, respectively, indicating that the decreased driving force accounts for a larger
proportion at a higher transformation temperature. A similar result can be obtained for ΔGm. Therefore,
the hindrance of Cr on bainitic transformation is more obvious at higher transformation temperatures.
 
Figure 4. The values of ΔGm and ΔGγ→α versus temperature in Cr-free and Cr-added steels.
3.1.2. Microstructures
The typical microstructures of the Cr-free and Cr-added steels treated by austempering are shown
in Figures 5 and 6. The microstructures contain lath-like bainite ferrite (BF), RA, and martensite (M).
A selected region is magnified and presented in Figure 5c,d. It shows that ultra-fine BF is separated
by film RA. No carbides are observed due to high silicon content [20–22]. When the transformation
temperature is 400 ◦C (Figure 5), the amount and morphology of bainite in the two steels show
no significant difference. However, the amount of bainite obviously decreases and the amount of
martensite obviously increases with Cr content at 430 ◦C and 450 ◦C (Figure 6). This is consistent with
the dilatation results (Figure 3).
 
Figure 5. The typical microstructures of the Cr-free and Cr-added steels treated by austempering at
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Figure 6. The typical microstructures of the Cr-free and Cr-added steels treated by austempering
at 430 ◦C and 450 ◦C: (a) Cr-free steel, 430 ◦C; (b) Cr-added steel, 430 ◦C; (c) Cr-free steel, 450 ◦C;
(d) Cr-added steel, 450 ◦C.
In addition, the volume fractions of RA (Vγ) in two the steels are calculated according to the






where Vi is the volume fraction of austenite for each peak, Iα and Iγ are the corresponding integrated
intensities of ferrite and austenite, and the G value is chosen as follows, 2.5 for Iα(200)/Iγ(200), 1.38
for Iα(200)/Iγ(220), 1.19 for Iα(211)/Iγ(200), and 0.06 for Iα(211)/Iγ(220) [23,24]. The results show
that the volume fraction of RA increases from 6.3 vol. % to 10.1 vol. % with the addition of Cr for
austempering at 400 ◦C, and it slightly increases from 4.0 vol. % to 4.8 vol. % for 430 ◦C austempering.
This is because the stability of austenite is enhanced by Cr addition. In addition, the carbon content
in RA (Cγ) is calculated according to the (200)γ and (220)γ diffraction peaks using the method in
reference [24] and the results are given in Table 3. The carbon content in RA decreases with Cr addition,
because the amount of bainitic transformation, which is accompanied by the partitioning of carbon
from bainite ferrite to RA, is smaller in Cr-added steel.
Table 3. The tensile results and RA characteristics of two tested steels treated by austempering. YS, yield
strength; TS, tensile strength; TE, total elongation; PSE, product of strength and elongation.
Steel YS (MPa) TS (MPa) TE (%) PSE (GPa%) Vγ (vol. %) Cγ (wt. %)
Cr-free (400 ◦C) 772 ± 16 977 ± 36 15.8 ± 0.3 15.4 ± 0.79 6.3 ± 1.1 1.18 ± 0.11
Cr-added(400 ◦C) 649 ± 16 1083 ± 16 18.3 ± 0.4 19.8 ± 0.52 10.1 ± 0.7 1.14 ± 0.08
Cr-free (430 ◦C) 620 ± 15 986 ± 13 18.5 ± 0.3 18.2 ± 0.55 4.0 ± 0.2 1.13 ± 0.06
Cr-added (430 ◦C) 786 ± 20 1185 ± 26 11.7 ± 0.9 13.9 ± 0.98 4.8 ± 0.3 0.99 ± 0.03
Cr-free (450 ◦C) 795 ± 17 1051 ± 19 13.6 ± 0.6 14.3 ± 0.42 3.6 ± 0.4 0.96 ± 0.05
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3.1.3. Mechanical Properties
The tensile results of Cr-free and Cr-added steels treated by austempering are given in Table 3.
The typical comparison of the engineering strain-stress curves between Cr-free and Cr-added steels
treated by austempering is shown in Figure 7. It shows that when the transformation temperature is
lower (400 ◦C), Cr-added steel shows lower yield strength (YS) compared with Cr-free steel due to
more amounts of softer phase (austenite) in Cr-added steel. However, the tensile strength (TS) and the
total elongation (TE) increase with Cr addition, resulting in the increase in the product of strength and
elongation (PSE, TS × TE). One reason for the increase in tensile strength is that Cr acts as the role
of solution strengthening. In addition, it is known that RA transforms to martensite during a tensile
test, and thus improves the strength and plasticity simultaneously, which is generally termed as the
transformation induced plasticity (TRIP) effect [25,26]. There is more RA in Cr-added steel treated by
austempering at 400 ◦C, so that the strength and plasticity of the steel are higher. Moreover, when
the transformation temperatures are higher (430 ◦C and 450 ◦C), the yield strength and the tensile
strength increase, whereas the total elongation significantly decreases with Cr addition. The increase
in strength is mainly caused by the obvious increase in martensite amount (Figure 6) and the solution
strengthening of Cr. However, more amounts of martensite decreases the plasticity obviously. As a
result, the PSE decreases. Therefore, at a lower transformation temperature, Cr addition increases the
comprehensive property of the steel, whereas it decreases the comprehensive property of the steel
at higher transformation temperatures. Moreover, in the present study, Cr-free steel shows a better
comprehensive property at 430 ◦C, whereas Cr-added steel shows a better comprehensive property at
400 ◦C. Therefore, the austempering temperature should be lower for Cr-added steel than for Cr-free
steel in order to obtain a better comprehensive property.
Figure 7. Typical comparison of the engineering strain-stress curves between the Cr-free and Cr-added
steels treated by austempering.
Figure 8 shows the typical morphologies of tensile fractures in the two steels treated by
austempering at 400 ◦C. Many dimples are observed in the two steels, indicating that the fracture is
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Figure 8. Morphologies of tensile fractures in two steels treated by austempering at 400 ◦C: (a) Cr-free
steel; (b) Cr-added steel.
Carbide-free bainitic steel with ultra-fine bainitic ferrite and film-like RA is developed by Caballero
et al. [12–15]. Cr is added in this advanced bainitic steel. They found that when Mn is replaced by Cr, the
strength of the steel with 0.2 wt. % C decreases significantly during a continuous cooling process [15].
However, isothermal treatment is not studied in their studies. Sugimoto and his co-workers [27,28]
investigated the effects of alloying elements (Cr, Mo, Ni, etc.) on the microstructure, the retained
austenite, and the mechanical properties of bainitic steels treated by austempering. Their results
showed that compared to the Cr-free steel, Cr addition increases the comprehensive property (PSE) of
the steels at all studied austempering temperatures. The authors’ previous study [18] also reported
that Cr addition improves the comprehensive property of the steel austempered at 350 ◦C. However,
the present study finds that at a lower transformation temperature (400 ◦C), Cr addition increases the
comprehensive property of the steel, whereas Cr addition decreases the comprehensive property of the
steel at higher transformation temperatures (430 ◦C and 450 ◦C). The difference between the previous
result [18,27,28] and the present result may be because the austempering temperatures used in previous
studies are relatively lower. In addition, the effect of Cr on bainitic transformation was not studied in
references [27,28]. The authors’ previous study [18] reported that Cr addition increases the amount of
isothermal bainitic transformation at 350 ◦C, because high temperature ferritic transformation occurs
in Cr-free steel and consumes some untransformed austenite before austempering, whereas no ferritic
transformation occurs in Cr-added steel. In the present study, there is no ferritic transformation before
isothermal bainitic transformation, and it is found that Cr addition decreases the bainite amount due




The dilatation versus temperature during cooling process for the two steels treated by continuous
cooling is presented in Figure 9a. Ferrite transformation occurs at a relatively high temperature due to
a slow cooling rate (0.5 ◦C/s). The calculated MS temperatures for Cr-free and Cr-added steels are
376 and 353 ◦C, respectively, so that the region between a and b in the Cr-free steel and the region
between c and d in the Cr-added steel contain not only bainitic transformation, but also martensitic
transformation. The transformation start temperature decreases from 537 ◦C (point a) to 450 ◦C
(point c) with Cr addition. In addition, D1 and D2 (Figure 9a) are dilatations caused by bainitic and
martensitic transformations. D2 is larger than D1, indicating that the volume fractions of bainitic and
martensitic transformations increase with Cr addition. This may be because the bainitic and martensitic
transformations in Cr-added steel occur in lower temperature regions, so that the undercooling of
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two steels are calculated using the software JMatPro (Figure 9b). It is obvious that the temperatures
of ferritic, pearlitic, and bainitic transformations all decrease with Cr addition, which is consistent
with the experimental results. As shown in Figure 9b, the calculated bainite transformation start
temperatures for Cr-free and Cr-added steels are 482 ◦C and 451 ◦C, respectively, for a cooling rate of
0.5 ◦C/s. The calculated value (451 ◦C) is almost the same as the measured value (450 ◦C, Figure 9a)
for Cr-added steel, whereas the calculated value (482 ◦C) is obviously lower than the measured value
(537 ◦C, Figure 9a) for Cr-free steel.
In addition, the relative change of transformation fraction versus temperature during the cooling
process from point a to b in Cr-free steel, and from point c to d in Cr-added steel, are calculated
using the lever rule and the results are shown in Figure 10b. An example is given in Figure 9a. At a
certain temperature, the relative volume fraction of transformation is determined as ON/MN [29,30].
In general, the transformation kinetics are hindered by Cr addition (Figure 9b). This is because
the lower transformation temperature region makes the diffusion of carbon slow down during the
nucleation process of bainitic transformation [20]. In addition, the slope of the transformed fraction
curves (df /dT) is shown in Figure 10c. The slope represents the transformation rate. There is a peak
value in each slope curve, which corresponds to the maximum transformation rate. First, the maximum
transformation rate appears later in Cr-added steel, indicating that the transformation is delayed by Cr
addition. Second, the maximum transformation rate in Cr-added steel is larger than that in Cr-free
steel. The faster transformation rate may be caused by martensite transformation.
 
Figure 9. (a) The dilatation versus temperature during cooling process for the two steels treated by
continuous cooling; (b) Calculated continuous cooling transformation (CCT) curves for the two steels.
 
Figure 10. (a) The example of lever rule; (b) The relative change of transformation fraction versus
temperature during the cooling process (cooling rate: 0.5 ◦C/s) from point a to b (Figure 9a) in Cr-free
steel, and from point c to d (Figure 9a) in Cr-added steel; (c) The slope of the transformed fraction
curves (df /dT).
3.2.2. Microstructure
The typical microstructures of the Cr-free and Cr-added steels treated by continuous cooling
are shown in Figure 11. The microstructure is significantly different between the two steels. The
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and martensite/austenite (M/A) constitution, whereas the microstructure in Cr-added steel contains LB,
a large amount of M, and a small amount of PF and RA. No carbides are observed. The volume fractions
of different phases are determined using the software Image-Pro Plus 6.0 (Media Cybernetics, Rockville,
MD, USA) according to the grayscale and morphology of different phases. There is about 48 vol. %
bainite (GB + LB) in Cr-free steel, whereas the volume fraction of bainite (mainly LB) in Cr-added steel
is about 24 vol. %. This is consistent with the result obtained by the lever rule (Figure 10b), in which
the volume fraction bainite is about 22 vol. % in Cr-added steel. The amount of PF decreases with Cr
addition due to the solute-drag effect of Cr [31]. The amount of M significantly increases because the
transformation temperature region decreases by Cr addition and large amount of transformation occurs
below MS temperature (Figure 9a). PF presents more irregular morphology. The regions showing bainite
morphologies in the two steels are magnified and presented in Figure 11c,d. It is obvious that bainite is
coarse in Cr-free steel, whereas it is significantly refined in Cr-added steel due to the lower transformation
temperature. In addition, XRD results show that the volume fraction of RA decreases from 8.7 vol. % to
2.3 vol. % with the addition of Cr. This is because there is more ferrite and bainite in Cr-free steel. It is
known that carbon diffuses into the surrounding untransformed austenite during ferritic and bainitic
transformation, which stabilizes the untransformed austenite [20].
 
Figure 11. The typical microstructures of the Cr-free and Cr-added steels treated by continuous cooling:
(a,c) Cr-free steel; (b,d) Cr-added steel. LB, lath-like bainite; GB, granular bainite; PF, polygon ferrite;
M/A, martensite/austenite.
3.2.3. Mechanical Properties
The tensile results of Cr-free and Cr-added steels treated by continuous cooling are given in
Table 4. The engineering strain-stress curves of the two steels are shown in Figure 12. Compared with
Cr-free steel, the yield strength and tensile strength in Cr-added steel is increased because there is
more hard martensite in Cr-added steel. However, more amounts of martensite in Cr-added steel
significantly decreases the elongation of the steel. As a result, the PSE in Cr-added steel obviously
decreases. Moreover, the tensile fractures of the two steels are shown in Figure 13. The fracture in
the Cr-free steel mainly consists of dimples, whereas a large amount of quasicleavage morphologies
are observed in the Cr-added steel, indicating that the plasticity is better in Cr-free steel. Therefore,
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Table 4. The tensile results and RA characteristics of two tested steels treated by continuous cooling.
Steel YS (MPa) TS (MPa) TE (%) PSE (GPa%) Vγ (vol. %) Cγ (wt. %)
Cr-free 662 ± 13 1054 ± 15 13.2 ± 0.8 13.9 ± 0.56 8.7 ± 0.7 1.05 ± 0.05
Cr-added 812 ± 15 1145 ± 21 6.9 ± 0.2 7.9 ± 0.15 2.3 ± 0.2 0.82 ± 0.04
Figure 12. The engineering strain-stress curves of Cr-free and Cr-added steels treated by
continuous cooling.
 
Figure 13. The tensile fractures of two steels treated by continuous cooling: (a) Cr-free steel;
(b) Cr-added steel.
4. Conclusions
Two kinds of heat treatment procedure (austempering and continuous cooling) are designed.
The effects of Cr addition on the bainitic transformation, the microstructure, and the properties of low
carbon carbide-free bainitic steels are investigated. The following conclusions can be drawn:
(1) Chromium addition hinders the isothermal bainitic transformation kinetics and decreases the
amount of isothermal transformation due to the decrease in chemical driving force for nucleation
and growth of bainite. The hindrance of Cr on bainitic transformation is more significant at
higher transformation temperatures because the decreased chemical driving force accounts for a
larger proportion.
(2) Chromium addition increases the strength and elongation simultaneously for austempering
treatment at a lower temperature. However, when the austempering temperature is higher,
the strength increases and the elongation obviously decreases by Cr addition, resulting in
the decrease in the product of tensile strength and elongation. In addition, the austempering
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(3) For continuous cooling treatment in the present study, the amount of RA decreases, and the
yield strength and tensile strength increases, but the total elongation obviously decreases in Cr
added steel due to more amounts of martensite. The product of tensile strength and elongation
significantly decreases.
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Abstract: Resistance upset welding is successfully applied to Oxide Dispersion Strengthened (ODS)
steel fuel cladding. Due to the strong correlation between the mechanical properties and the
microstructure of the ODS steel, this study focuses on the consequences of the welding process
on the metallurgical state of the PM2000 ODS steel. A range of process parameters is identified to
achieve operative welding. Characterizations of the microstructure are correlated to measurements
recorded during the welding process. The thinness of the clad is responsible for a thermal unbalance,
leading to a higher temperature reached. Its deformation is important and may lead to a lack of joining
between the faying surfaces located on the outer part of the join which can be avoided by increasing
the dissipated energy or by limiting the clad stick-out. The deformation and the temperature reached
trigger a recrystallization phenomenon in the welded area, usually combined with a modification of
the yttrium dispersion, i.e., oxide dispersion, which can damage the long-life resistance of the fuel
cladding. The process parameters are optimized to limit the deformation of the clad, preventing the
compactness defect and the modification of the nanoscale oxide dispersion.
Keywords: ODS steel; PM2000; oxide dispersion strengthened; welding; resistance welding; fuel cladding;
sodium fast reactor; dynamical recrystallization
1. Introduction
Today, energetic needs are increasing and will keep increasing in the coming decades. Nuclear energy
is an interesting solution to produce part of this energy. Fourth-generation reactors are being studied
and they are foreseen to be operational by the year 2040. The Generation IV International Forum (GIF
Symposium, 9–10 September 2009, Paris, France) has identified six concepts of reactors. Among these
concepts, Sodium Fast Reactor (SFR) technology is studied in France due to large feedback in Phénix and
Superphénix. The generation IV innovative concept of SFR introduces some specifications that are different
from those of the past SFR which are not sustained by present materials. Consequently, new materials
have to be qualified [1].
In order to increase the efficiency of the new SFR, the fuel cladding material may have to undergo
higher dpa (displacement per atom) than the stainless steels previously used and presented in Nuclear
systems of the future generation IV. Potential substitutes are Oxide Dispersion Strengthened (ODS)
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alloys due to promising corrosion and neutron behavior and good high temperature mechanical
properties. These properties are the consequence of a homogeneous dispersion of nanoscale oxide
particles inside the metallic matrix [2].
If the ODS material transitions to a molten phase during the fabrication route and especially
during the assembling step, the nanoscale particles may be reallocated in the matrix and the initial
oxide dispersion may be modified. Consequently, solid-state welding processes are promising [3,4].
Among the solid-state welding processes, resistance upset welding has been successfully applied
to various ODS alloys for several fuel pin cladding applications [5–10]. These studies focused on
mechanical test results. The welds are characterized using mechanical testing up to 800 ◦C by traction,
burst test, creep or fatigue. Little or no information is related to microstructure evolution or oxide
distribution evolution. However, metallurgical analyses have been conducted on several ODS alloys
welded by different processes such as inertia friction welding [11], friction stir welding [12–14] and
diffusion bounding [15]. It appears that these processes can induce modification of the metallurgical
state, including dynamic recrystallisation, modification in grain orientation or modification in the
oxide dispersion. Some rupture in these modified areas is reported [4,11].
The modifications of the microstructure, occurring during solid-state bonding, may lead to possible
changes in the mechanical properties. A lack of metallurgical studies on resistance upset welding on
ODS alloys has been identified. This study focuses on the metallurgical evolution during resistance upset
welding applied to cladding made in a ferritic ODS alloy (PM2000). Evidence of modifications of the
nanoscale oxide dispersion is shown. Therefore, the process parameters have to be optimized in order to
produce welds with good compactness and no modification of the oxide distribution.
2. Materials and Methods
2.1. Material and Geometry
The studied material is PM2000 in the recrystallized form (millimeter-sized grains) produced
by PLANSEE (Metallwerk Plansee GmbH, Lechbruck am See, Germany). It is a ferritic ODS alloy
strengthened by nano-oxides composed of yttria (size <50 nm) or Aluminum and yttria (size < 100 nm).
Its composition is presented in Table 1.
Table 1. PM2000 nominal composition (wt %).
Fe Cr Al Ti Y2O3
Balanced 20 5.5 0.5 0.5
The pieces to be welded are a clad and an end plug. The clad has an outside diameter of 10.5 mm
and a thickness equal to 0.5 mm. The end plug has a diameter of 10.5 mm. The contact surfaces are
chamfered with an angle of 45◦. Figure 1 shows the pieces to be welded: clad and end plug.
Figure 1. Pieces to be welded: end plug and clad.
2.2. Resistance Welding Process
The resistance welding process is composed of three main steps [16] represented in Figure 2:
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circled by two electrodes. The length of the clad that is out of the electrode, called “clad stick-out” (Cs),
is considered as a process parameter as demonstrated in a previous paper [17] and observed by other
authors on other materials [7,9]. During the squeezing phase, the two pieces to be welded are put and
held in contact by a contact force Fw. The next step is the welding phase: a current with an intensity Iw
is imposed through the two pieces in contact for a duration tw. The Joule effect generates heat in the
materials, especially near the contact surfaces between the two pieces. Then, during the forging phase,
the current is stopped and the contact force Fw is upheld until the cooling of the weldment is complete.
Figure 2. Schematic scenario of the resistance upset welding steps.
2.3. Experimental Device and Measurements
The experimental device has been developed for the considered geometry and is fabricated by the
French company “TECHNAX industrie” (Saint-Priest, France). The device is composed of three parts:
• An electrical device: This part is composed of transformers and rectifiers delivering a rectified
smoothed current with a frequency of 2 kHz;
• A control device: This part allows the setting of the process parameters (contact force Fw,
current intensity Iw, welding time tw);
• A welding device: A schematic view of this part is shown in Figure 3.
Figure 3. Schematic view of the welding device (Fw = welding force; Iw: welding current intensity;
1: end plug; 2: clad; 3: pneumatic jack; 4 and 5: electrodes).
The end plug (1) and the clad (2) to be welded are circled by two electrodes (4 and 5). The end plug
and its electrodes are attached to the moving part of the device whereas the clad and its electrode
are attached to the frame of the device and are motionless. The contact force is applied by means of
a pneumatic jack (3) that put in contact the two pieces to be welded (1 and 2). Once the mechanical
contact is established (the squeezing phase), the electrical device imposes the current through the two
pieces by means of the electrodes.
The device is instrumented to measure the current intensity I(t), the axial position of the
mobile part x(t), the electrical potential between the electrodes Uelec(t) and the force F(t) every 10 μs.
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The dissipated energy at the end of the process Eend represents the amount of electrical energy
dissipated in the welded pieces and the electrodes at the end of the welding process. This value is




Uelec(t)× I(t)× dt (1)
The collapse value is the length change of the pieces during the welding phase.
2.4. Sample Preparation and Observation
The welded pieces are cut along one diameter. Therefore, the weld can be observed in two locations,
one face located at 180◦ of the other. All welds are observed using an optical microscope (Zeiss, München,
Germany) before and after a metallographic etch (20 s in 20 mL H2O–20 mL HCl–15 mL HNO3).
The yttrium dispersion is characterized (localization and quantification) using a CAMECA SX100
(CAMECA, Gennevilliers, France) microprobe at 20 kV with a step of 1 μm and a dwelling time of
7 ms. Therefore, only the modifications at a microscopic level are observed. Back Scattering Electron
(BSE) observations have been conducted on some welds using the same device.
3. Results
In this study, we deliberately made different kinds of weld—from good quality weld to weld
with obvious defects. The aim is to have a good understanding of the formation of the welds in order
to avoid the defects. The process parameter range is listed in Table 2. In the following, the process
parameters will be quoted as a quadruplet (Fw; Iw; tw; Cs).
Table 2. Process parameter range.
Name Description Min. Max.
Fw Force (N) 1800 2200
Iw Current intensity (kA) 14 18
tw Welding time (ms) 10 15
Cs Clad stick-out (mm) 0.2 0.8
It has to be noted that some welds present a compactness defect on one of their faces due
to material ejection. These material ejections are under investigation but their location seems to
incriminate the electrode—clad electrical contact. The faces presenting these defects are not taken into
account and are rejected from the metallurgical analysis.
3.1. Welding Mechanism on Typical Welds
Figure 4 shows a typical weld with good compactness, a continuous interface and no modification
of the yttrium distribution except in the internal upset. The modifications in the upsets are supposed to
have no importance in the mechanical properties of the weld due to their positions outside the welded
joint. The observations in the end plug, “far” from the joint, are representative of the base material due
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Figure 4. Wavelength-dispersive spectroscopy (WDS) analysis of a welded zone with (Fw; Iw; tw; Cs)
= (1800 N; 14 kA; 15 ms; 0.8 mm): (a) Back Scattering Electron (BSE) picture; (b) Corresponding
yttrium distribution.
The thinness of the clad compared to the bulk end plug creates a thermal unbalance, leading to
higher temperatures in the clad than in the plug. Therefore, the clad is always more deformed than
the end plug. The electrode achieves both the cooling and the clamping of the clad and therefore the
highest deformations are localized in the clad part that is not in contact with the electrode (clad part
out of the electrode).
3.2. Typical Deformation
The typical deformation of the clad is highlighted in Figure 5 where an elongated grain can be
used to observe the deformation. The shape of the outer upset shows that the clad is sliding along the
45◦ chamfer of the end plug. This upset will be removed for the SFR application. The sliding creates
a high deformation area (with an S-shaped grain) near the contact between the clad and the electrode.
Figure 5. Evidence of the material deformation with the selected parameters (Fw; Iw; tw; Cs) = (2600 N;
14 kA; 10 ms; 0.8 mm).
In the internal side, the upset is composed of solidified grains due to expulsed molten materials
during welding. Heated materials (below melting temperature) seem to have flown from the clad
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monitored by the measurement of the collapse value. The collapse value versus the dissipated energy
for 32 experiments within the process parameter range is plotted in Figure 6 for two different clad
stick-outs. The collapse (i.e., the deformation) increases when the dissipated energy increases for
a given Cs value. A high stick-out-value leads to a higher collapse value. It has to be noted that the
collapse can be higher than Cs due to an irregular hand-made chamfer on the electrode (cf. Figure 2).
 
Figure 6. Collapse value as a function of the dissipated energy for 32 experiments.
3.3. Welds with a Low Dissipated Energy
A weld achieved with process parameters leading to a low dissipated energy (370 J) is shown in
Figure 7. In the outer part of the weld joint, the faying surfaces are insufficiently joined. This spacing
between the faying surfaces will be called a lack of joining in the following.
Figure 7. Example of a lack of joining (Mirror polish without etching) for a sample welded with the
selected parameters (Fw; Iw; tw; Cs) = (2600 N; 14 kA; 10 ms; 0.8 mm).
For all the welds presenting a lack of joining, their localization is always in the outer part of the
weld, roughly at the same place as shown in Figure 7. For each weld, two faces are observed and the
length of this lack of joining can be measured.
The “not welded length” plotted in Figure 8 as a function of the dissipated energy is the average
value of these two measures. It appears that an increase in the dissipated energy leads to a decrease of
the not welded length. For a shorter clad stick-out, the dissipated energy required to achieve welds
with no lack of joining on both sides is lower (450 J) than the dissipated energy required for a high
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Figure 8. Not welded length as a function of the dissipated energy for 32 experiments.
3.4. Welds with a High Collapse
A weld achieved with process parameters leading to a high dissipated energy (537 J) is shown in
Figure 9. Some modifications of the microstructure and of the yttrium dispersion are observed in the
inner upset, at the interface and in the clad. The modified part in the clad starts from the electrode–clad
contact area and extends to the joint. The black dots on the etched pictures correspond to a fine grain
microstructure that is characteristic of a dynamical recrystallisation phenomenon. As shown in the
yttrium distribution mapping, the modifications of the oxide dispersion occur specifically in the area
where a recrystallisation phenomenon occurred. Clusters with a high density of yttrium surrounded
by an area with a deficit in yttrium contents are noticeable.
 
Figure 9. Evidence of modification of the metallurgical state of the sample welded using the parameters
(Fw; Iw; tw; Cs) = (2600 N; 18 kA; 10 ms; 0.8 mm). (a) Optical micrograph of an etched sample; (b) WDS
Yttrium distribution.
It has to be noted that all the welds presenting a modification of the yttrium distribution at the
interface also presented a modification near the electrode–clad contact. It shows that recrystallization
may first take place at the electrode–clad contact and then spread to the interface and to the inner
upset. As a result, in Table 3, the modified area has been ranged from 0 to 4 (arbitrary unit) according
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Table 3. Classification used for the yttrium distribution modification.
Arbitrary Unit Shape and Extent
0 No yttrium modifications
1 Modification localised in the outer part of the joint with possible extension to the outer upset
2 Modification in the clad near the electrode piece contact
3 2 + spreading to the interface
4 3 + spreading through the interface to the inner upset
Two faces of the same weld are observed and two values are assigned. The “yttrium modification”
plotted in Figure 10 as a function of the collapse value, is the average of these two values.
 
Figure 10. Yttrium modification (arbitrary unit defined in Table 3) as a function of collapse value.
It appears that the yttria modification is more important when the collapse increases. A short
clad stick-out reduces the collapse and the welds with no yttrium modification are more numerous in
this configuration.
4. Discussion
The objective is to find a range of dissipated energy (i.e., process parameters) to achieve welds
with no lack of joining between the pieces and no modification of the oxide dispersion.
4.1. Lack of Joining between the Pieces
A lack of joining can appear in the outer part of the joint due to two phenomena:
• An electro-thermal phenomenon: The current flow is constricted in the inner part of the weld
joint because of the bulk end plug in contact with the thin clad. A higher current density in the
internal part of the welded joint leads to a higher temperature in this part than in the outer part of
the joint. This phenomenon has been simulated by Zirker [8] using electrothermal computation
on tube-rod geometry but no experimental evidence was shown. The observations of the material
flow on the inner part of the joint give credit to Zirker’s simulation.
• A thermo-mechanical phenomenon: The clad heats up faster than the end plug (due to the thermal
unbalance) resulting in softening the part of the clad out of the electrode. The applied force and
the 45◦ chamfer create a radial force, resulting in the sliding of the clad on the 45◦ chamfer.
This sliding can open the contact in the outer part, preventing its welding.
The lack of joining can be avoided with an increase of the dissipated energy (Figure 8), leading to
a higher collapse. Therefore, the end plug penetrates farther in the clad, closing the gap between the clad
and the end plug created during the sliding of the clad. Moreover, increasing the energy increased the
overall heat-up, resulting in a higher temperature in the outer part of the joint, preventing the defects.
A decrease in the clad stick-out reduces the not welded length. Decreasing the clad stick-out can
increase the stiffness of the clad part out of the electrode and should prevent the opening of the contact
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4.2. Yttrium Modifications
A modification of the yttrium dispersion can lead to a long-term failure of the weldment due to
weakness points created by the lack of anchors to dislocation movement. The yttrium modification is
observed in areas where recrystallization occurred.
An increase in the modification extent occurs when the collapse increases (Figure 10). The collapse
value is highly influenced by the clad stick-out and the dissipated energy (Figure 6). As the collapse
increases, the clad deformation increases which combined with a high temperature can trigger the
dynamical recrystallization. Modified area localizations observed in Section 3.4 are consistent with the
area of high deformation observed in Section 3.2.
Some authors have proposed some mechanisms in order to correlate the recrystallization and the
modification of the Yttrium. Zhang et al. [15] proposed an interaction mechanism between oxides and
dislocations to explain the modification of the oxide dispersion during diffusion bonding of an ODS
alloy. Based on the works of Yazawa et al. [18], Yamamoto et al. [19] proposed that the oxide dispersion
can be modified during phase transformation of a 9% Cr ODS-alloy due to a modification in the
matrix-oxide coherency. Both dislocation movement and modification of the grain orientations occur
during dynamical recrystallization. Therefore, both hypotheses may explain the modification in the
yttrium distribution where the dynamical recrystallization occurred.
4.3. Optimizing Resistance Upset Welding for ODS Steel Fuel Cladding
Two types of defects to avoid are identified: a lack of joining between the pieces and a significant
modification of the Yttrium dispersion observable in WDS analyses.
The lack of joining between the pieces can be avoided by increasing the dissipated energy.
None of the welds below E = 450 J are free of this lack of joining (this value reached 530 J for
Cs = 0.8 mm). Therefore, for Cs = 0.2 mm, the dissipated energy must be higher than 450 J.
The Yttrium modification can be avoided by decreasing the collapse. The collapse is mainly
influenced by the dissipated energy and the clad stick-out. None of the welds above E = 550 J are free
of the modification in the yttrium distribution (this value drops to 375 J for Cs = 0.8 mm). Therefore,
for Cs = 0.2 mm, the dissipated energy must be lower than 550 J. Below 550 J, some welds still present
a modification of the yttrium distribution and other parameters have to be adjusted to avoid all the
defects in this area.
For a clad stick-out of 0.2 mm, a working area exists where welds free of both defects are produced.
This working area does not exist for a clad stick-out of 0.8 mm.
The working area is illustrated in Figure 11. The working area is located in a range of dissipated
energy between 450 and 550 J. The energy range may be highly dependent on the process route.
Figure 11. Range of the allowable dissipated energy to achieve welds with no lack of joining and no
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However, some welds in the working area present an yttrium modification and/or a lack of
joining due to other process parameters that should be optimized as well. A weld produced in this
range and free of both defects is presented in Figure 12. After optimization, the reproducibility of the
process for the optimized process routes is observed.
 
Figure 12. WDS yttrium distribution for a weld within the working area with the selected parameters
(Fw; Iw; tw; Cs) = (2400 N; 14 kA; 15 ms; 0.2 mm).
5. Conclusions
Resistance upset welding has been applied with success to the ODS steel PM2000 (20% Cr) for the
SFR fuel cladding application. For the given process parameters range, welds with different qualities
have been produced. The main conclusions are:
• The clad part out of the electrode is highly deformed during the process due to thermal unbalance
between the clad and the plug.
• For a high dissipated energy and a high collapse, the deformation of the clad can generate
recrystallization phenomena associated with a modification of the yttria distribution.
• For a low dissipated energy, the faying surfaces can be insufficiently joined on the outer part of
the join.
• For a clad stick-out of 0.2 mm, a range of dissipated energies exists where weldments with no
significant yttria distribution modification and no lack of joining between pieces can be produced.
Other process parameters, such as the geometry of the contact surfaces, could be optimized in
order to limit the deformation and avoid the lack of joining between pieces. The mechanical properties
of the modified area should also be studied because a given amount of yttrium modification may be
acceptable, rising the upper limit of the dissipated energy.
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Abstract: Studies of 4Cr5MoSiV1 die steel suggest that under appropriate conditions, additions of rare
earth (RE) can enhance tensile property. This improvement is apparently due to the more uniform
distribution of carbides and the enhancement of precipitation strengthening after RE additions. In this
present work, the effect of the RE addition on the carbides evolution and tensile property of 4Cr5MoSiV1
steel with various RE contents (0, 0.018, 0.048 and 0.15 wt %) were systematically investigated. The
two-dimensional detection techniques such as optical microscopy (OM), scanning electron microscopy
(SEM), transmission electron microscopy (TEM), and X-ray diffraction (XRD) were used to investigate
the carbides evolution of as-cast, annealed and tempered with RE addition. The results indicated that
the carbides in 4Cr5MoSiV1 steels were modified by adding the suitable amount of RE. The eutectic
structure and coarse eutectic carbides were all refining and the morphology of the annealed carbides
initiated change from strip shape to ellipsoidal shape compared with the unmodified test steel (0RE).
In addition, the amount of the tempered M8C7 carbides increased initially and then decreased with the
alteration of RE addition from 0.018 to 0.15 wt %. Notably, the tensile test indicated that the average value
of ultimate tensile strength (UTS) and elongation rate of 0.048RE steel increased slightly to 1474 MPa
and 15%, higher than the 1452 MPa and 12% for the unmodified test steel (0RE), respectively. Such an
addition of RE (0.048 wt %) would have a significant effect on the carbides evolution of as-cast, annealed
and tempered and resulting in the tensile property of 4Cr5MoSiV1 die steel.
Keywords: rare earth; 4Cr5MoSiV1 die steel; carbides evolution; tensile strength; elongation rate
1. Introduction
4Cr5MoSiV1 is an excellent hot-worked die steel, which is widely applied in fields such as hot
forging, hot extrusion and die-casting. Usually, the working surface temperature of dies can get up
to 550 ◦C, which is very close to the tempering temperature of die steel. Continuous evolution of the
microstructure will occur and significantly affect the various properties of the die steel [1]. Actually,
the cracks as a network are normally observed on the die surface, which results in more than 80%
failure of hot-work dies [2]. To date, researchers found that the uniform hardness, impact toughness,
tensile strength and high temperature fatigue strength will be beneficial to prolong the service life
when the die steel is subjected to intense friction and mechanical shock in service [3–9]. In addition,
N. Mebarki [10], S. Kheirandish [11] and X. Hu [12] found that the coarse eutectic carbides in the
process of thermal fatigue could decrease the cyclic softening behavior and lead to fatigue failure. Due
to the segregation of chemical constituents, coarse eutectic carbides can be formed during solidification,
which can promote crack growth and early failure, and should be reduced by appropriate methods.
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The effect of rare earth (RE) in steels is well known as a deoxidizer and desulphuriser. The size
and morphology of non-metallic inclusions in steels have changed dramatically after adding Ce, La,
Y and Ga [13–17]. Fu [18] and Gao [19] also reported that RE elements like Ce, La and Y can form
highly stable oxides, oxy-sulphides and sulphides, which precipitate as solid particles in the melt due
to their high melting temperatures. It was shown that the grain size of steel could be refined with
a suitable amount of RE and resulted in enhanced impact toughness [16]. In addition, adding RE
elements in steel also was an effective method to improve the hot ductility, corrosion properties and
abrasion resistance [20–23]. However, there were only a few reports on the improvement of mechanical
properties and related changes in carbides due to RE addition. It was shown that the morphology of
eutectic carbides changed from network-like structures to granular carbides and resulted in improved
mechanical properties in cast steel [15,18,24,25]. However, the influence of RE on the evolution of
as-cast, annealed and tempered carbides in 4Cr5MoSiV1 steel is still controversially discussed because
of the lack of quantitative experimental data. In general, the reason for the enhancement of the tensile
property points to morphological changes of the phase constituents and phase fractions [15].
In this study, the influence of RE additions (0, 0.018, 0.048 and 0.15 wt %) on the carbides evolution
and tensile property of 4Cr5MoSiV1-RE die steel were investigated. Intensive investigations were
done regarding the changes of the microstructure constituents as well as the influence of the changing
carbides phase fractions on the tensile property.
2. Experimental Procedures
The four experimental raw materials of 4Cr5MoSiV1 steel were fabricated with 25 kg capacity
medium frequency induction furnace, and the chemical compositions were shown in Table 1. The RE
(mainly containing 30 wt % La and 70 wt % Ce) were added into the molten steel under the vacuum
atmosphere when the oxygen content of the steel was reduced to a low level (lower than 10 ppm).
Different amounts of RE were added into the melt, wrapped in pure iron foil, stirred to ensure the
homogeneity of compositions. The residual amounts of RE in steel were 0, 0.018, 0.048 and 0.15 wt
%, respectively.
Table 1. Chemical composition of test steels (wt %).
Alloy C Si Mn Cr Mo V P S O N H RE
0 rare earth (RE) 0.37 1.18 0.50 5.00 1.42 1.05 0.005 0.005 0.0008 0.0045 1.7 0
0.018RE 0.35 1.20 0.48 4.90 1.40 1.04 0.005 0.003 0.0006 0.0044 1.3 0.018
0.048RE 0.35 1.18 0.52 5.00 1.39 1.04 0.003 0.003 0.0006 0.0046 1.0 0.048
0.15RE 0.36 1.20 0.50 4.92 1.40 1.05 0.003 0.003 0.0005 0.0045 0.8 0.15
Four raw materials were homogenized at 1200 ◦C for two hours, and hot-forged at the temperature
ranging from 950 ◦C to 1150 ◦C. All the ingots were air-cooled down to room temperature after forging.
The final size of forging ingots was 70 mm × 70 mm × 500 mm. Subsequently, the heat treatment
process of the four forged materials was carried out. Firstly, the samples were heated to 870 ◦C for two
hours, then cooled to 740 ◦C and isothermal annealing for four hours, and eventually furnace-cooled
to room temperature. Subsequently, the quenching and the two times high-temperature tempering
process were performed at 600 ◦C and 610 ◦C, respectively. The quenching needed to remain one
hour at 1040 ◦C, then was oil-cooled. The remaining time of tempering temperature was two hours,
and then air-cooling was carried out.
After conventional metallographic preparation, polished surfaces were etched with 4% nital
solution (4 mL HNO3, 96 mL C2H5OH) for subsequent optical microscopy (OM) (Leica Co, DM ILM,
Wetzlar, Germany) and scanning electron microscopy (SEM) (JSM-6301F, Japan Electronics Corporation,
Tokyo, Japan). Metallographic observations were carried out on the specimens’ subjected to as-cast and
annealed state. The image analyses were performed by using Image-Pro Plus 6.0 software (6.0, Media
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analyzing pictures; it has exceptionally rich measurement and customization features. In the present
trials, 15 large fields of view (5000×) and 15 small fields of view (10,000×) of the SEM micrographs
were randomly selected in order to analyze the average diameter, the distribution, and quantity of
the annealed carbides of the test steels with different additions of RE. Similarly, 15 large fields of view
(100×) and 15 small fields of view (200×) of the optical microscopys (OM) were randomly selected in
order to analyze the secondary dendrite arm spacing of the as-casted specimens and these statistics are
based on reference [26]. In addition, the types of the annealed carbides were extensively analyzed by
SEM equipped with energy dispersive X-ray spectroscopy (EDX).
The tempered carbides substructure of the test steels was observed using an X-ray diffraction
(XRD) with Cu-Kα (λ = 1.5406 Å) with a scanning angle from 15◦ to 85◦ and a scanning speed of
2◦/min and a field-emission transmission electron microscope (TEM) operated at 200 kV. The TEM
observation was conducted by using F20 (FEI company, Hillsboro, OR, USA), which is also equipped
with an Oxford INCA type spectrometer (Japan Electronics Corporation, Tokyo, Japan) and GATAN 832
CCD image recorder (Japan Electronics Corporation, Tokyo, Japan). TEM samples were mechanically
thinned to the thickness of approximately 50 μm by SiC paper, then punched into disks of 3 mm
in diameter and further thinned by twin-jet electro polishing, mixing in of 10 vol % perchloric acid
ethanol solution at a voltage of 20 V and a temperature between −30 ◦C and −20 ◦C.
The X-ray diffraction (XRD; Cu-Kα; λ = 1.5406 Å; with a scanning angle from 15◦ to 85◦ and
a scanning speed of 2◦/min) combined with Reference intensity ratio analysis (RIR) [27] and MDI
Jade 6.5 software(6.5, Materials Data Inc., Livermore, CA, USA) were applied for the qualitative and
quantitative phase analysis.
Round bar tensile specimens were prepared in the longitudinal direction with the gage length
and diameter of 25 mm and 5 mm, respectively. They were then tested at a strain rate of 0.5 mm/min
by using an AG-100KNG tensile machine from Shimadzu (Kyoto, Japan).At least three tensile tests for




3.1.1. Influence of RE Addition on As-Cast Carbides
Figure 1a,e,f shows the metallographic and SEM micrographs of the as-cast microstructure of
unmodified test steel (0RE). The results show that most of the eutectic carbides distribute in net shape
and are generally coarse, Energy dispersive spectrometer (EDS) analysis shows these are (V, Mo)xCy
(Figure 1g). In addition, the as-cast microstructures of modified test steels are shown in Figure 1b–d,h–j.
The structural difference between unmodified and modified test steels are that the dendritic spacings
turn into fine structures and eutectic carbides are refining or even disappearing. The secondary
dendrite arm spacing of the as-casted specimens are quantitatively analyzed, as shown in Figure 2.
The results show that the spacing of secondary dendrite arm was decreased from 72 μm to 25 μm with
different additions of RE. It indicates that RE has a role in refining the secondary dendrite arm and
the precipitation of eutectic carbides. A similar refining of the precipitation of eutectic carbides with a
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Figure 1. Metallographic and SEM micrographs of the specimens as-casted: (a) Metallographic
observations in 0RE; (b) Metallographic observations in 0.018RE; (c) Metallographic observations
in 0.048RE; (d) Metallographic observations in 0.15RE; (e) Metallographic observations in 0RE; (f) SEM
micrographs in 0RE; (g) Energy dispersive spectrometer (EDS) analysis of eutectic carbides at A region
in (f); (h) Metallographic observations in 0.018RE; (i) Metallographic observations in 0.048RE and (j)
Metallographic observations in 0.15RE.
 
Figure 2. The secondary dendrite arm spacing of the specimens as-casted with different additions of RE.
3.1.2. Influence of RE Addition on the Annealed Carbides
The morphology of the annealed carbides in test steels was systematically investigated by
metallographic and SEM micrographs, as shown in Figures 3 and 4. The results show that the
morphology of the annealed carbides gradually becomes ellipsoid and the chain carbides become
less when adding the RE. Most notably, some large clusters of the annealed carbides are observed,
as shown in Figure 4a,b in the unmodified test steel (0RE). However, dispersion distributions of
ellipsoid annealed carbides were observed in the observation field when adding RE (Figure 4d–f).
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EDS analysis shows that these are (V, Mo)xCy. However, less coarse eutectic carbides are found in steel
with RE addition (Figure 4d–f).
 
Figure 3. Metallographic observations of the annealed specimens: (a) 0RE; (b) 0.018RE; (c) 0.048RE and
(d) 0.15RE.
 
Figure 4. SEM and EDS observations of the annealed specimens: (a) Carbides aggregation in 0RE;
(b) chain carbides in 0RE; (c) the eutectic carbides in 0RE; (d) ellipsoid carbides in 0.018RE; (e) ellipsoid
carbides in 0.048RE and (f) ellipsoid carbides in 0.15RE. (The insert in (a) is the EDS analysis of carbides
at A region, the insert in (c) is the EDS analysis of eutectic carbides at B region).
The relationship between the content of RE and the average diameter, the distribution, and quantity
of the annealed carbides of the test steels are quantitatively analyzed, as shown in Figure 5. The results
show that the average diameter of the annealed carbides almost unchanged with the increase of RE
content, whereas the percentage is increased from 11.8% to 19.6% (Figure 5a). In addition, the annealed
carbides distribution is discrete in the unmodified test steel (0RE), and the aggregate carbides with
diameters greater than 1.5 μm still account for more than 3% of the area fraction, as shown in Figure 5b.
However, the size distribution of the annealed carbides is more uniform when RE is added, which
indicates that RE has the role of spheroidizing and uniformly dispersing of the annealed carbides.
In addition, the quantity of the annealed carbides increases from 1682 to 2078 in the same statistical
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Figure 5. (a) Average diameter and percentage of the annealed carbides with different additions of RE;
(b) The distributions of the annealed carbides with different additions of RE; and (c) The quantity of
the annealed carbides in the same area (773.77 μm2) with different additions of RE.
3.1.3. Influence of RE Addition on the Tempered Carbides
The quantitative analysis and crystal structure types of the tempered carbides of the test steels are
examined by XRD. The corresponding patterns are shown in Figure 6 and the results are summarized
in Table 2. The results show that the carbides of M7C3, M8C7 and M23C6 are detected in all test steels.
In addition, the amount of the tempered M8C7 carbides slightly increases initially and then decreases
with the alteration of RE addition from 0.018 to 0.15 wt %. The effect of RE on the amount of the M8C7
carbides was also described by J. Hufenbach for high-strength Fe85Cr4Mo8V2C1 cast steel [15].
Figure 6. X-ray diffraction patterns of the 4Cr5MoSiV1-RE die steel with different additions of RE.
Table 2. Phase composition, space group and lattice parameters of carbides of the 4Cr5MoSiV1-xRE
(x = 0, 0.018, 0.048, 0.15) steels determined by the analysis of XRD data.
Steel Structure Type Space Group a (nm) b (nm) c (nm) Phase Content (wt %)
0RE
V8C7 P4332(212) 8.340 8.340 8.340 40
M23C6 Fm-3m(225) 10.660 10.660 10.660 29
M7C3 Pmcm(51) 7.015 12.153 4.532 31
0.018RE
V8C7 P4332(212) 8.340 8.340 8.340 48
M23C6 Fm-3m(225) 10.660 10.660 10.660 36
M7C3 Pmcm(51) 7.015 12.153 4.532 16
0.048RE
V8C7 P4332(212) 8.340 8.340 8.340 52
M23C6 Fm-3m(225) 10.660 10.660 10.660 36
M7C3 Pmcm(51) 7.015 12.153 4.532 12
0.15RE
V8C7 P4332(212) 8.340 8.340 8.340 44
M23C6 Fm-3m(225) 10.660 10.660 10.660 28








Metals 2017, 7, 436
Meanwhile, the tempered carbides in unmodified (0RE) and modified test steels (0.15RE) are
observed using both TEM bright-field (BF) observation and selected area electron diffraction (SAED)
pattern in order to investigate the crystal structure and chemical composition, as shown in Figure 7.
The results show that the particle in Figure 7b,c is the M23C6 carbides with the face-centered cubic
crystal structure. The larger irregular block M23C6 carbides will be precipitated along the grain and
subgrain boundaries when the tempering temperature is above 500 ◦C [28]. Further, a large spherical
particle in Figure 7a,d is identified to be the M7C3 carbides with the hexagonal close-packed crystal
structure. Finally, a large number of small spherical particles in Figure 7a–c were identified to be the
M8C7 carbides. In addition, from EDS analysis, it is known that these carbides are complex mixed
carbides, whereby the M represents Cr, V, Mn, Mo and Fe in unmodified steel (Figure 7e). However,
when RE reaches 0.15 wt %, the chemical compositions are changed to Cr, V, Mn, Mo, Fe, La and Ce
(Figure 7f). It shows that RE mainly influences the volumetric fraction and chemical composition of
the tempered carbides, which has little influence on the crystal structure.
 
Figure 7. TEM microstructure with EDS analysis and diffraction pattern analysis of the types of
carbides in the 4Cr5MoSiV1-RE die steel in 0RE and 0.15RE: (a) M7C3 and M8C7 in 0RE; (b) M23C6
and M8C7 in 0RE; (c) M23C6 and M8C7 in 0.15RE; (d) M7C3 in 0.15RE; (e) the EDS analysis of M7C3 at
A region in (a) and (f) the EDS analysis of M23C6 at D region in (c). (The insert in (a) is the selected
area electron diffraction (SAED) pattern of M7C3 at A region), (The insert in (b) is the SAED pattern of
M23C6 at B region), (The insert in (b) is the SAED pattern of M8C7 at C region), and (the insert in (d) is
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In summary, adding RE leads to a refining of eutectic structure and coarse eutectic carbides.
In addition, the morphology of the annealed carbides initiates changes from strip shape to ellipsoidal
shape, and the amount of the tempered M8C7 carbides increases initially and then decreases with the
alteration of RE addition from 0.018 to 0.15 wt %.
3.2. Tensile Property
Table 3 presents the yield strength (YS), ultimate tensile strength (UTS), elongation and reduction
of area of each sample of 4Cr5MoSiV1 steels with different addition of RE. The average value of yield
strength (YS) and ultimate tensile strength (UTS) slightly increases from 1227 MPa to 1254 MPa and
1452 MPa to 1474 MPa when the content of RE is 0.048 wt %. However, when the RE content reaches
0.15 wt %, the average value of yield strength (YS) and ultimate tensile strength (UTS) decreases to
1213 MPa and 1430 MPa, respectively. A similar decrease of the tensile strength after reaching a certain
amount of RE addition was also described by J. Hufenbach [15] and Wang [25]. In addition, Figure 8
shows the engineering stress-strain curves of the four specimens. The results show that all four test
steels exhibit a similar tensile response, the elongation rate of 0.048RE steel increases slightly to 15%,
higher than 12% for the 0RE steel.
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4. Discussion
4.1. Carbides Evolution Induced by RE Addition
The reasons for the refinement of eutectic carbides with different addition of RE can be summarized
as follows: on the one hand, the solubility of RE in the matrix is very small, and most of the RE in steel
will be obviously segregated and enriched into the front of dendrites during the solidification process, and
leading to high composition supercooling [29]. This is advantageous to the decrease of dendrite spacing.
Therefore, the dendrite structure and the eutectic carbides formed in the residual melts at the end of the
solidification process were refined (Figures 1 and 2). On the other hand, according to the heterogeneous
nucleation theory proposed by Turnbull [30], whether the additive contributes to nucleation of molten
metal depends on the following two conditions. First, the additive must remain at the melting point above
the solid phase when the substrate is nucleated. Second, the index of the lattice surface of the substrate
phase and the matrix should be less mismatched. The low mismatching, smaller surface energy, leads to
a decrease of super-cooling required for nucleation, and results in refining of the grains. RE-inclusion
possesses both high melting point and low mismatching between the matrix through the preliminary
research work on the influence of RE on inclusions in 4Cr5MoSiV1 die steel by our group [19]. Moreover,
the most common form of inclusions are found believed to be RE oxy-sulfides (Ce2O2S) with various RE
contents (0, 0.015, 0.025 and 0.10 wt %) in 4Cr5MoSiV1 die steel [19]. In addition, the lattice disregistry
between (0001) Ce2O2S and (111) δ-Fe was only 3.5% [19]. Simultaneously, Bramfitt [31] has shown that
the additive is effective heterogeneous nuclei if the lattice misfit between the inclusions and the matrix is
less than 6%. Therefore, RE-inclusion like Ce2O2S can be used as inoculants to greatly enhance nucleation,
which is advantageous to the development of dendritic crystals to polycrystals and reduces dendrite
spacing [18]. During the process of austenite growth, the dendritic crystals contact with each other to
form a framework, which hinders the continuous growth of eutectic carbides [32]. In addition, the reason
for the coarse ellipsoid eutectic carbides was commonly found after annealing in 0RE samples as the
carbides dissolved progressively into matrix when the heat treatment temperature increased. The sharp
corners of the carbides became more round and some vulnerable areas began to crack.
In addition, the evolution of the annealed carbides from chain forms to ellipsoid forms are
explained in that not only the solubility of RE in steel is very limited but also the RE atoms tend to
segregate on carbides/matrix interfaces during the heat treatment process. In addition, the much larger
atomic radius of RE, 0.3745 nm and 0.3637 nm for La and Ce, respectively, than that of Fe (0.254 nm)
will cause lattice distortion and thus decreasing carbides stability. As a result, the preferred growth
rate of the annealed carbides is hindered, thereby preventing the formation of the chain carbides [33].
In order to accurately investigate the effect of RE on the amount of V8C7-type carbides
precipitation, it is necessary to quantify the relationship between the amount of RE in the steel
and the solution temperature of V8C7-type carbides. To date, a large number of experimental results
showed that VxCy-type carbides had a certain degree of carbon atom vacancy, so the chemical formulas
of VxCy-type carbides were generally VC0.75, VC0.875 and VC and so on. In this part, we assume that
the possibility of VxCy-type carbides in steel is the absence of interstitial atoms. The formula of the
equilibrium solid solubility of VC-type carbides in steel is shown in Formula (1) [34]:
lg{[V] · [C]} = 6.72 − 9500
T
, (1)
In addition, the activity coefficients of the RE and other solute elements in steel on V and C
elements were derived into the Formula (1), and the solubility product of VC-type carbides with RE
and without RE experimental steels was calculated. Table 4 shows the interaction coefficient eji of
various elements in liquid steel at 1873 K from Wagner’s relation [35,36]. In addition, the formula of
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where [M], [C] is the mass fractions of M and C elements, which are solid soluble in steel, respectively.
A and B are constants, where A is 6.72, B is 9500, Aj for atomic weight, and wj for mass fraction in steel.
According to the chemical composition of experimental steels in Table 1, the solid solubility product of
VC-type carbides in the unmodified test steel (0RE) is calculated by using the Formula (3):
lg{[V] · [C]} = 6.72 − 9500
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Similarly, the solid solubility product of VC-type carbides in steel in 0.018RE, 0.048RE and 0.15RE
experimental steels are as follows (4)–(6):
lg{[V] · [C]} = 6.582731 − 9186.3783
T
, (4)
lg{[V] · [C]} = 6.58071 − 9172.5043
T
, (5)
lg{[V] · [C]} = 6.57911 − 9174.6018
T
, (6)
Further, the total solution temperature of VC-type carbides in steel can be calculated by the
following Formula (7) [36].
TAS =
B
A − lg(M · Xx) , (7)
In Formula (7), the constants A and B are the same as in Formula (3), M and X are the mass fractions
of the second phase (VC-type carbide) in steel, respectively (%),and the total solution temperature of
VC-type carbide in 0RE steel can be calculated by Formula (7), and the results are as shown below:
TAS =
9187.7954
6.582951 − lg(0.37 × 1.05) = 1313.750855129 K, (8)
Similarly, the total solution temperature of VC-type carbide in 0.018RE, 0.048RE and 0.15RE
steel is 1308 K, 1306 K and 1310 K, respectively. The calculation results show that the addition of
RE elements in steel can promote the dissolution of V and reduce the total solution temperature of
VC-type carbides significantly and the maximum temperature difference can be 7 K (1313 K to 1306 K).
After tempering at the same temperature, the saturated V element in the matrix will be dispersed in the
form of VC-type carbide precipitation, and the strength of the steel can be improved to a certain extent.
Table 4. Interaction coefficient eji of various elements in liquid steel at 1873 K.
Element (i, j) C Si Mn Cr V Mo Ce
V −3.4 4.2 0 0 1.3 0 −2836/T + 1.40








Metals 2017, 7, 436
4.2. Tensile Property Induced by RE Addition
The dimensions, morphology and volumetric fraction of carbides play a critical role in improving
the strength properties of 4Cr5MoSiV1 die steel. In this study, the main reasons for the increase
in strength properties from the aspect of carbides evolution can be summarized as follows: first,
the proeutectoid carbides not only influence the uniformity of microstructure, but also have a very
significant influence on the strength properties [38]. The cracks tend to grow and spread around chain
proeutectoid carbides [37]. Second, the effect of eutectic carbides modification by adding RE results in
the finer morphologies observed in Figure 1. Hence, more carbon and other alloy elements dissolve
into matrix at the high-temperature austenitizing treatment, and enhance the precipitation of alloy
carbides during tempering. However, a further increase of the RE content to 0.15 wt % results in a
slightly decrease of yield and ultimate strength. The trend partly can be explained by the changing
phase fractions which are described above (Table 2). The fraction of the tempered M8C7 carbides
increased from 40 to 52 wt % by adding 0.048 wt % RE in the test steels. Further additions of RE
(0.15 wt %) led to a significant decrease of the tempered M8C7 carbides fraction from 52 to 44 wt %.
As a kind of nano-carbides, M8C7 carbides have the function of improving precipitation strengthening
according to research proposed by Hojun Gwon [39] and J. Hufenbach [15]. In addition, the ductility
was better with various RE contents (0, 0.018, 0.048 and 0.15 wt %) addition (Table 3). One possible
explanation for the observed enhanced ductility of the RE addition may be found in the arrangement
of the carbides [15]. The complex chain carbides became increasingly interrupted with the RE addition;
therefore, crack propagation along this path was hampered [40,41].
5. Conclusions
In this study, the influence of RE additions (0, 0.018, 0.048 and 0.15 wt %) on the carbides evolution
and tensile property of 4Cr5MoSiV1-RE die steel were investigated. The main results are summarized
as follows:
1. The microstructure observation of as-cast shows that after adding RE, it will lead to a refining of
eutectic structure and coarse eutectic carbides.
2. The morphology of the annealed carbides initiates changes from strip shape to ellipsoidal shape,
and the quantity of the annealed carbides increases from 1682 to 2078 in the same statistical
region (773.77 μm2) with the alteration of RE addition from 0.018 to 0.15 wt %.
3. The amount of the tempered M8C7 carbides increases initially and then decreases with
the alteration of RE addition from 0.018 to 0.15 wt %. The addition of RE influences the
chemical composition and morphology of tempered carbides, which has little influence on
the lattice structure.
4. Tensile test shows that ultimate tensile strength (UTS) and elongation rate of 0.048RE steel
increases slightly to 1474 MPa and 15%, higher than the 1452 MPa and 12% for the unmodified
test steel (0RE), respectively.
5. Adding 0.048 wt % RE content to the 4Cr5MoSiV1 die steel can obtain tool steels with better
tensile strength and elongation rate, which is promising for advanced tool design.
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Abstract: In this study the effect of the weld current on the microstructure and mechanical properties
of a resistance spot-welded twinning-induced plasticity (TWIP) steel sheet was investigated using
optical microscopy, scanning electron microscopy–electron back-scattered diffraction (SEM–EBSD),
microhardness measurements, a tensile shear test and fractography. Higher weld currents promoted
the formation of a macro expulsion cavity in the fusion zone. Additionally, higher weld currents
led to a higher indentation depth, a wider heat-affected zone (HAZ), coarser grain structure and
thicker annealing twins in the HAZ, and a relatively equiaxed dendritic structure in the centre of the
fusion zone. The hardness values in the weld zone were lower than that of the base metal. The lowest
hardness values were observed in the HAZ. No strong relationship was observed between the
hardness values in the weld zone and the weld current. A higher joint strength, tensile deformation
and failure energy absorption capacity were obtained with a weld current of 12 kA, a welding time of
300 ms and an electrode force of 3 kN. A complex fracture surface with both brittle and limited ductile
manner was observed in the joints, while the base metal exhibited a ductile fracture. Joints with a
higher tensile shear load (TSL) commonly exhibited more brittle fracture characteristics.
Keywords: TWIP steel; resistance spot welding; weld current; microstructure; mechanical properties; fractography
1. Introduction
Due to strict energy-efficiency regulations aimed at reducing exhaust emissions, researchers are
making an effort to reduce vehicle weights to enhance vehicle fuel efficiency. Innovative high-strength
steels are frequently used to both reduce the vehicle weight and to improve passenger safety. In recent
years, considerable efforts have focused on high manganese twinning-induced plasticity (TWIP) steels
for car body manufacturing, which are composed of a fully austenitic microstructure with a high
amount of manganese and a significant percentage of carbon. The characteristics of TWIP steels,
such as their outstanding mechanical properties, including high tensile strength, large ductility,
high work-hardening rates, non-magnetism and high impact resistivity, have made these steels
attractive to the automobile sector since they fulfil the requirements for safety, energy economy
and environmental protection. The predominant deformation mechanism of TWIP steels is twinning,
which is determined by the stacking fault energy (SFE) value, depending on the Mn, Al, Si and C
content as well as on temperature [1–4]. Medium SFE values (between 20 and 35 mJ/m2) provide
mechanical twinning inside the grains [4–6].
Numerous studies have been carried out on the microstructure, mechanical properties and plastic
deformation mechanisms of TWIP steels [1,4–10]. The weldability of TWIP steel sheets is another matter
of concern that needs to be studied in more detail since the use of metal sheets in the automobile sector
inevitably involves welding. Resistance spot welding (RSW), in which two or three superposed sheets
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are welded by means of local heating caused by the Joule effect, is the most commonly used method of
joining metal sheets in car-body manufacturing because of its low cost, speed, cleanliness and ease
of automation [11–14]. However, the designed microstructure of steel sheets is destroyed during the
RSW process due to the welding thermal cycle. As a result, the microstructural evolution during
RSW is highly dependent on the welding parameters. The microstructural changes during the RSW
process strongly influence the mechanical properties. In previous studies of resistance spot-welded
TWIP steels, Saha et al. [15] investigated the heat-affected zone (HAZ) liquation crack and segregation
behaviour of resistance spot-welded TWIP steel and reported that the crack length and crack opening
widths increased with heat input. Furthermore, Saha et al. [11] reported the microstructure, mechanical
properties and fracture morphology of resistance spot-welded TWIP steels. Yu et al. [16] identified the
RSW characteristics of 1 GPa grade TWIP steel. Spena et al. [17] investigated the effects of the process
parameters on the mechanical and microstructural properties of resistance spot-welded TWIP sheets
and reported that an improper clamping force and weld current promoted excessive metal expulsions
and the formation of welding defects in the weld spots. Yu et al. [18] considered improvements to the
weldability of 1-GPa grade TWIP steel, and found that a larger nugget size (NS) and higher tensile
shear strength were obtained in constant power-control welding compared to constant current-control
welding. Razmpoosh et al. [19] also evaluated the microstructure and mechanical properties of
resistance spot-welded TWIP steel and reported that the HAZ exhibited a significant grain growth in
the narrow band, and an increase in the weld current and time led to a significant drop in the peak
load during tensile shear tests.
In recent years, TWIP sheet steels have gained popularity in the modern automotive industry.
Therefore, the application of these steels requires a more complete understanding of the issues
associated with RSW. It is thus important to study the welding behaviour of the resistance spot-welded
joints of TWIP sheet steels. In this experimental study, the microstructural changes, microhardness,
tensile shear properties and fracture morphologies of TWIP steel sheets welded at different weld
currents were investigated in detail.
2. Experimental Procedure
In this study, 1.3 mm thick commercial TWIP steel sheets were used to study the microstructure
and mechanical behaviour of resistance spot-welded TWIP steel joints. The chemical composition and
tensile properties of the TWIP steel used in this investigation are shown in Tables 1 and 2, respectively.
The tensile properties of the TWIP steel sheets used in this study were determined using a standard
tensile test according to the ASTM E8 [20] (Figure 1). The tensile-test curves of the investigated TWIP
steel can be seen in Figure 2.
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Figure 2. Tensile-test curves for the twinning-induced plasticity (TWIP) steel used in this investigation
(three TWIP samples with the same characteristics were tested).
Table 1. The chemical composition (wt. %) of the experimental sheet steel used in this investigation.
Steel Fe C Mn Si Al Cr Ti
TWIP Balance 0.28 15.6 1.06 1.89 0.564 0.1
Table 2. The tensile properties of the experimental steel sheet used in this investigation.
Base Metal 0.2% Proof Strength (MPa) Ultimate Tensile Strength (MPa) Total Elongation (%)
TWIP Steel 640 982 46
The samples were cut into pieces with dimensions of 50 mm × 20 mm using a laser-cutting
machine and RSW was performed by overlapping the sheets (Figure 3). The joining processes were
carried out using a medium-frequency direct current (MFDC) RSW machine connected to an ABB robot
arm (Figure 4). Copper alloy electrodes with a face diameter of 6 mm were employed. Before welding,
the sheets were cleaned with acetone in order to remove oil, oxide and surface scale on both sides of
the sheets. The welds were performed with welding currents of 8, 9, 10, 11 and 12 kA, while keeping
the other parameters constant (Table 3). A parameter chart of the welding process used in this study
can be seen in Figure 5. To avoid effects due to the electrode tip diameter, the electrode tip was changed
or subjected to precision machining after each set of 20 welds.
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Figure 4. The medium-frequency direct current (MFDC) resistance spot-welding (RSW) machine
connected to the ABB robot arm used in this investigation.
 
Figure 5. A parameter chart of the welding process used in this study.
Table 3. The fixed welding parameters used in this study.
Welding Time (ms) Electrode Force (kN) Squeeze Time (ms) Holding Time (ms) Weld Atmoshere
300 3 40 40 Ambient
The characterization of the microstructural evolution of the welded specimens was performed
using optical microscopy and scanning electron microscopy–electron back-scattered diffraction
(SEM–EBSD). The welded joints were cross-sectioned through the weld nugget centre using an
electrical-discharge cutting machine. The transverse weld sections were mounted, ground and
mechanically polished successively with a 0.25 μm diamond paste. The microstructure was revealed
successively with a two-step tint-etching method using Nital (3%) and a Na2S2O5 solution (10 g
Na2S2O5 in 100 mL H2O), respectively. The optical microscopy studies of the welded sections were
carried out using a Nikon DIC microscope under polarized light with a Clemex image analysis system.
For EBSD analyses, the welded sections were polished mechanically with a 1-μm diamond paste. Then,
the specimens were polished with an active oxide polishing suspension through 0.05 μm colloidal
silica particles for 10 min. Scans with step sizes of 0.1 μm for the base metal (BM) and 0.2 μm for
the HAZs were carried out on a Zeiss Merlin FEG-SEM microscope equipped with an EDAX/TSL
EBSD system, using a Hikari EBSD camera. An electron beam with a 15 kV accelerating voltage and
a beam current of 5 nA was used with a sample working distance of 13 mm. The EBSD data was
processed with TSL Orientation Imaging Microscopy (OIM) analysis version 7.2. In the EBSD analyses,
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average GCIS < 0.1 were excluded. Crystallographic data were expressed as inverse pole figure (IPF)
maps with image quality (IQ) maps, misorientation angle profiles and the distribution of coincidence
site lattice (CSL) type boundaries. The grains in the IPF and IQ maps were defined as clusters of
neighbouring points with a misorientation of less than 5◦ from each other. The CSL-type boundaries
and misorientation angles were calculated using only the identified grains.
To describe the mechanical behaviour of the joints, microhardness measurements and tensile–shear
tests were conducted. Vickers microhardness tests were performed on the metallographic specimens
using a DUROLINE-M microhardness tester with a dwell time of 10 s and an indenter load of 200 g for
the HAZ and the BM, and 500 g for the fusion zone (FZ) to avoid inaccurate measurements of the coarse
dendritic structure in the FZ-containing micro-pores. The tensile shear tests were performed with a
fully computerized UTEST-7014 tensile testing machine in laboratory conditions using a crosshead
displacement speed of 5 mm/min. The maximum tensile shear load (TSL), the tensile deformation and
the failure energy absorption capacity of the joints were extracted from the TSL-deformation curves of
the joints. The fracture surfaces of the joints were also examined using a Zeiss EVO 40 XVP type SEM
operated at 20 kV. The NS of the welds was measured through the fractured specimens in all welding
conditions using a Mitutoyo digital calliper.
3. Results and Discussion
3.1. Microstructure
The weld cross-sections of the resistance spot-welded TWIP joints revealed three main distinct
microstructural zones, including the BM, the HAZ and the FZ, as shown in Figure 6. The BM
microstructure is mainly composed of a fully fine-grained austenite phase with an average grain
size of 3–5 μm. It includes mechanical twins as well as a few transgranular annealing twins, which are
generally located within relatively large-sized grains. The weld zone consists of a fully austenitic
microstructure, which has different morphologies at different zones of the joint depending on the
peak temperature of the relevant regions during the RSW process. The FZ microstructure shows a
cast microstructure, which was melted during the RSW process and then rapidly resolidified, and has
mainly a coarse columnar dendritic structure owing to the directional and columnar solidification
from the fusion boundary towards the centre. On the other hand, the welding thermal cycle during
the RSW process produced significant grain growth in the HAZ, including annealing twins (Figure 6).
Razmpoosh et al. [19] have reported that this extreme grain growth in the HAZ resulted from the low
thermal conductivity of TWIP steels. The HAZ can be divided into a coarse-grained heat-affected zone
(CGHAZ), which occurs in areas immediately adjacent to the FZ, and a fine-grained heat affected zone
(FGHAZ), which is still relatively coarser than the BM (Figure 6). Similarly, the FZ can also be divided
into a fine dendritic fusion zone (FDFZ) and a coarse dendritic fusion zone (CDFZ) caused by different
cooling rates in different regions of the FZ. Weld imperfections, such as macro-pores, micro-pores
and expulsion cavities, may occur in the FZ of the resistance spot-welded TWIP joints [5,21,22].
All the spot-welded joints had interdendritic macro- and micro-pores in the FZ owing to solidification
shrinkage in this special material (Figures 7–9). Additionally, the highest weld current (12 kA) led to
the formation of a macro expulsion cavity in the FZ during the RSW process as a result of an extensive
expulsion phenomenon (molten material loss) due to the highest heat input.
Higher weld currents led to a coarser grain structure and thicker annealing twins in the HAZ,
a wider HAZ, and a relatively equiaxed dendritic structure in the centre (interface of the sheets) of
the FZ due to higher heat input leading to the slower cooling rate (Figures 9–11). The HAZ width
increased with increasing weld currents (Figure 12). It should be noted that there is a strong linear
correlation between the HAZ width and the weld current. The coefficient of determination (R2) from
fitting a linear model using regression analysis to the obtained results for the linear correlation between
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Figure 6. The typical macrostructure and microstructures of a resistance spot-welded TWIP steel joint
(12 kA). (CDFZ: coarse dendritic fusion zone, FDFZ: fine dendritic fusion zone, FGHAZ: fine-grained
heat-affected zone, CGHAZ: coarse-grained heat affected zone).
 
Figure 7. Interdendritic macro-pores (a) and micro-pores (b) in the fusion zone (FZ) of a resistance
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Figure 8. The effect of the weld current on the formation of a macro expulsion cavity [23]: (a) 8 kA,
(b) 12 kA.








Metals 2017, 7, 519
 
Figure 10. The heat-affected zones (HAZs) of the resistance spot-welded TWIP joints: (a) 8 kA; (b) 10 kA;
(c) 12 kA.
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Figure 12. The HAZ width of the resistance spot-welded TWIP joints versus the weld current.
The evaluation and characterization of the BM and the HAZ microstructures was performed
with SEM–EBSD microstructural crystallography (the OIM technique). Due to the limitations of the
EBSD technique for resolving nanoscale twins, nano-sized deformation twins in the BM microstructure
could not be mapped with this technique. However, the EBSD crystallographic orientation map
(IPF + IQ map) given in Figure 13a could be used to analyse deformation twins in the BM microstructure,
since the deformed substructures, such as dislocations and deformation twins, in the grains are
strongly dependent on the crystallographic orientation [24,25]. In Figure 13a, the grains oriented close
to the <001>//rolling directions (RD) in the crystallographic orientation map can be evaluated as
grains exhibiting low deformation-twinning activity and a well-developed dislocation substructure,
while the grains oriented close to the <111>//RD indicate recovered or recrystallized grains. The EBSD
maps of the HAZ of the spot-welded specimens are presented in Figure 13b,c. The HAZ of the
specimens showed a fairly coarse-grained structure (secondary recrystallization) near the FZ and a
recrystallized grain structure near the BM. From these figures, annealing twins can also be seen in
the HAZ. The increase in the HAZ width and grain coarsening in the HAZ with the increase of weld
current, due to the higher heat input, can also be seen.
The misorientation angle profiles and the distribution of CSL-type boundaries obtained from
the SEM–EBSD studies could also be used to analyse the microstructure and twin-structure.
The misorientation angle of 60◦ (high-angle grain boundaries) in the misorientation profile can be
attributed to a twin structure (twin boundaries) or recovered and recrystallized grain structure having
high-angle grain boundaries [26–31]. The misorientation profile of the BM revealed the presence of a
misorientation angle of 60◦ at a fraction of 23.83%, resulting from recovered or recrystallized grain
structures having high-angle grain boundaries and some twin boundaries (annealing and deformation
twins) (Figure 14a). The HAZ microstructures of the spot-welded joints revealed a misorientation angle
of 60◦ at fractions of 15.77% in the 8 kA joint and 17.88% in the 12 kA joint, arising from recrystallized
grains with high-angle grain boundaries and annealing twins (Figure 14b,c). These values are lower
than that of the BM (Figure 14). This may be due to a fairly fine recovered grain structure (more grain
boundaries) and the deformation twins in the EBSD map of the BM shown in Figure 13a. On the other
hand, although the HAZ EBSD map of the 12 kA joint contains fewer grain boundaries than that of
the 8 kA joint, as expected, the higher weld current (12 kA joint) resulted in more annealing twin
boundaries and in recrystallized grains having high-angle grain boundaries due to the higher heat
input. In addition, from the EBSD maps in Figure 13b,c, no significant difference in the density of
annealing twins was observed with heat input variation during the RSW process. Therefore, this may
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rather than an increase of the density of the annealing twins with increasing heat input owing to
the higher weld current. Similar data can be seen in the distribution of CSL-type boundaries in
the specimens (Figure 15). The fractions of ∑3 type CSL boundaries corresponding to 60◦<111>
misorientation angles in the BM and the HAZs of the 8 kA and 12 kA joints are 26.97%, 19.4% and
21.07%, respectively. On the other hand, low-angle grain boundaries (2◦< θ <10◦) in the misorientation
profiles may indicate a deformed grain structure or recovery and recrystallized grains having low-angle
grain boundaries [26,31]. Low-angle grain boundaries in the BM microstructure occur at a fraction of
4.38%, resulting from low deformation-twinning activity and some recovery and recrystallized grains
having low-angle grain boundaries (Figures 13a and 14a). The elongated shape grains, which may
possibly be recovered grains having low deformation twinning activity, and recrystallized grains can
be observed in Figure 13a. The HAZ microstructures of the spot-welded joints revealed the presence
of low-angle grain boundaries at fractions of 11.24% for the 8 kA joint and 11.93% for the 12 kA joint,
arising from recovery and recrystallized grains with low-angle grain boundaries, presumably in the
HAZs near the BM (Figure 14b,c). As expected, these values are higher than that of the BM due to
heat exposure during the RSW process. Higher weld currents lead to more recovery and recrystallized
grains having low-angle grain boundaries.
 
Figure 13. The IPF + IQ maps obtained from the scanning electron microscopy–electron back-scattered
diffraction (SEM–EBSD) technique: (a) the base metal; (b) the HAZ of the joint welded at 8 kA; (c) the
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Figure 14. The misorientation angle profiles obtained from the SEM–EBSD analysis: (a) the base metal;
(b) the HAZ of the joint welded at 8 kA; (c) the HAZ of the joint welded at 12 kA.
Figure 15. The distribution of coincidence site lattice (CSL) type boundaries obtained from the
SEM–EBSD analysis: (a) the base metal; (b) the HAZ of the joint welded at 8 kA; (c) the HAZ of
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To ensure safe design standards for the durability and crashworthiness of vehicles, there are
various industrial standards that recommend a minimum NS for a given sheet thickness. The following
equation is suggested by the American Welding Society (AWS) standard [32]:
D = 4t1/2 (1)
where D and t are the NS and the sheet thickness, respectively.
In the present study, the minimum NS obtained was approximately 5.5 mm and all the joints
exhibited a pullout failure (PO) mode, ensuring high load-bearing capacity. For the 1.3-mm thick TWIP
sheets used in this study, this minimum value is compatible with the AWS. The NS is closely related to
the generated heat energy at the sheet interface during the RSW process. The relationship between
the NS and the weld current can be seen in Figure 16a. For a welding current of up to 11 kA, the NS
varied within a relatively narrow range (between 5.5 and 6.0 mm). The maximum NS was obtained
with the highest weld current (12 kA) owing to the increased heat input [23]. The relationship between
the indentation depth and the weld current is shown in Figure 16b. The indentation depth of the joints
increased with increasing weld current due to the increased heat input during the RSW process.
3.2. Microshardness
Vickers microhardness tests were performed on the FZ, the HAZ and the BM of the welded
specimens. The BM hardness of the TWIP sheets used in this study was approximately 260 HV0.2.
In general, the hardness of the weld zone, including the FZ and the HAZ, is lower than that of the BM
(Figure 17). This can be attributed to the coarser grains in the weld zone (HAZ and FZ), segregation of
the alloying elements in these zones, and a lower carbon percentage in the FZ due to decarbonisation
during the RSW process [11,22,33]. The lowest hardness values for all the specimens were obtained at
the HAZ. This is considered to be caused by the significant coarsening of the austenitic grains and
the decrease of dislocations and deformation twins in the HAZ owing to the heat input during the
welding process. The HAZ hardness increased slightly with increasing weld current. This may be
attributed to the effect of annealing twins owing to the increased heat input [34–36]. On the other
hand, as expected, the hardness of the FDFZ was always higher than that of the CDFZ. However, no
relationship was obtained between the hardness values in the FZ and weld current.
 
Figure 16. Nugget size (a) and indentation depth (b) of the resistance spot-welded TWIP joints versus
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Figure 17. The effect of the weld current on the hardness of the distinct microstructural zones in the
weld regions of the spot-welded TWIP joints.
3.3. Tensile Shear Properties and Fractography
In the quality evaluation of resistance spot-welded joints, the static load-carrying capability of
the welds, which is determined by tensile shear testing, is an important parameter. The tensile shear
curves of the spot welds fabricated with different weld currents are shown in Figure 18. The average
values of the tensile properties and the failure energy absorption capacities of the joints can be seen in
Table 4. The acceptable tensile shear load (ATSL) of the welded specimens, according to AWS D8.1 M,
can be calculated using following function [37]:
ATSL = [(−6.36 × 10−7 × UTS2 + 6.58 × 10−4 × UTS + 1.674) × UTS × 4 × t1.5]/1000 [kN] (2)
where UTS is the ultimate tensile strength, and t is the thickness of the sheets. An ATSL of 9.94 kN can
be calculated by considering the UTS and the thickness of the sheets, 982 MPa and 1.3 mm, respectively.
The TSLs of all the fabricated joints were roughly 12–38% higher than the ATSL due to the optimization
studies performed before this study.
 








Metals 2017, 7, 519
Table 4. The tensile properties and failure energy absorption capacities of the resistance spot welds












8 11.83 0.17 1.16 0.10 4.86 0.54
9 11.14 0.40 0.99 0.04 3.68 0.56
10 11.45 0.59 0.93 0.16 3.42 0.69
11 11.13 0.50 0.93 0.19 3.51 1.02
12 13.72 0.17 1.38 0.17 7.22 1.43
The weld current significantly affected the tensile properties of the resistance spot-welded TWIP
joints (Figure 19). For a weld current of up to 11 kA, the TSLs of the joints varied within a relatively
narrow range of 11.13–11.83 kN. The maximum TSL of 13.72 kN was obtained when the weld current
was 12 kA. This significant increase can be explained by the significant increase in the NS due to the
higher heat input [23]. The TSLs obtained with different weld currents are in good agreement with the
NS values (Figures 16a and 19). Interestingly, the joint that had a macro expulsion cavity in the FZ
had the highest TSL (Figures 6, 8 and 18). This demonstrates that the presence of this macro defect
did not profoundly affect the shear–tension strength of the spot welds. The effect of the weld current
on the tensile shear deformation of the resistance spot-welded TWIP joints is shown in Figure 19 and
Table 4. For a weld current of up to 10–11 kA, the tensile shear deformations of the joints decreased
with increasing weld current. This may be attributed to the NS, the increased brittleness in the HAZ
(relatively lower plastic deformation) due to grain coarsening and the formation of annealing twins
with the higher weld current owing to the higher heat input. The peak tensile shear deformation was
obtained with 12 kA. The joint having the highest TSL had the highest tensile deformation. The effect
of the weld current on the failure energy absorption capacity of the spot-welded TWIP joints can be
seen in Figure 19 and Table 4. The failure energy decreased with increasing weld currents up to 10 kA,
then it increased with increasing weld current. This behaviour is almost completely consistent with
the tensile deformation values.
Figure 19. The tensile shear properties of the resistance spot-welded TWIP joints versus the weld current.
The tensile shear fracture modes of the joints are presented in Figure 20. As is well known,
the failure mode is a good quantitative indicator of the quality of the spot welds. Resistance spot welds
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To ensure the durability and crashworthiness of vehicles, the welding parameters in the RSW should
be adjusted so that the pullout failure mode, in which the fracture occurs in the HAZ at the edge of the
spot weld, is guaranteed. In this study, all joints exhibited a full button pullout failure mode due to the
higher deformation energy. Additionally, expulsion phenomena were observed in all the joints and
increased with increasing weld currents (Figure 20).
 
Figure 20. The fracture modes of the tensile shear test samples: (a) 9 kA; (b) 11 kA; (c) 12 kA.
The fracture surface of the BM shows a ductile manner with the formation of fairly equaxial
and deep dimples with conical shapes (without any cleavage facets) elongated along the direction
of the tensile load (Figure 21). The dimple structure is relatively finer than the BM grain structure,
predominantly suggesting that microcracks and micro-void nucleation during tensile testing mostly
initiates at the small discontinuities formed at the twin boundaries and inclusions [6]. The SEM images
of the fracture surfaces of the spot-welded joints are shown in Figures 22 and 23. A brittle fracture
surface with areas of fairly limited ductility was observed in the flank side of the 11 kA joint which
had the low fracture load (Figure 22). It should also be emphasized that the intra-layered fractures
in this zone are quite brittle. The fracture surface near the weld nugget consists of some shallow
voids, exhibiting some characteristics of a ductile failure, and facets among voids in a larger area,
indicating a relatively brittle fracture (Figure 22). In the 12 kA joint with the highest fracture load,
the fracture surface near the weld nugget indicates a brittle cleavage fracture with a few shallower
small voids (Figure 23). On the flank side, brittle intra-layered fractures with some void areas of fairly
limited ductility were observed. The boundaries, shown as the dashed lines in Figure 23, with dense
deformation streaks may be associated with the extreme grain growth in the HAZ. The joints that
had higher strength commonly showed more brittle fracture characteristics, especially on the fracture
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Figure 21. SEM image of the fracture surface of the base metal.
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Figure 23. SEM images of the fracture surface of the joint welded at 12 kA.
4. Conclusions
The present study focused on the microstructure and the mechanical properties of resistance
spot-welded TWIP sheet steels fabricated at different weld currents. From this investigation,
the following conclusions can be derived:
1. Higher weld currents lead to the formation of a macro expulsion cavity in the fusion zone,
a coarser grain structure and thicker annealing twins in the HAZ, a wider HAZ, a higher
indentation depth, and a relatively equiaxed dendritic structure in the centre of the fusion zone.
2. The HAZ width increases almost linearly with increasing weld current.
3. The hardness values in the weld zone are lower than that of the base metal. The HAZ has the
lowest hardness values. However, there is no significant relationship between the hardness
values in the weld zone and the weld current.
4. A higher joint strength, tensile deformation and failure energy absorption capacity can be obtained
using the following welding parameters: a weld current of 12 kA, a welding time of 300 ms,
and an electrode force of 3 kN.
5. The joints exhibit a complex fracture surface with both brittle and limited ductile manners,
while the base metal shows a ductile fracture. Joints with the highest strength commonly show
more brittle fracture characteristics.
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